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In this study, we determined the core structure and the Peierls stress of
1 
3h2 1 1 0i dislocations in Ti2AlN MAX phase. We use a generalized Peierls–
Nabarro model, called Peierls–Nabarro–Galerkin (PNG), coupled with ﬁrst
principles calculations of generalized stacking fault (GSF). The GSF calculations show that dislocation glide in the basal plane will occur preferentially
between M (here Ti) and A (here Al) planes. Additionally, the results of PNG
1
1 0i
calculations demonstrate that whatever the dislocation character, 13h2 
dislocations are dissociated in the basal plane, with a dissociation distance
below the experimental resolution of transmission electron microscopy
observations. Finally, the Peierls stress calculations show that the edge and
screw characters are the easiest characters to glide in the basal plane.
Keywords: MAX phase; dislocations; Peierls–Nabarro model

1. Introduction
MAX phases are a class of hexagonal ternary nitrides or carbides of general formula
Mn+1AXn (n = 1–3), where M is a transition metal, A belongs to group IIIA to VIA
and X is either carbon or nitrogen [1,2]. These materials present a nanolaminated structure with Mn+1Xn layers interleaved with metallic A layers. If the ﬁrst MAX phases
have been synthesized in the 1970s, they have been brought into light in the 1990s by
Barsoum and co-workers, who discovered their promising properties and synthesized
many new MAX phases. There are nowadays about seventy known MAX phases which
arouse a great interest since they exhibit an unusual combination of metals and ceramics
properties, suggesting promising technological applications [3].
Among the speciﬁc characteristics of MAX phases, their mechanical properties are
of particular interest. They are elastically stiff like their corresponding binary carbide or
nitride, but they have rather low yield strength and are also readily machinable [1,4].
At high temperature, they present a brittle to ductile transition [3,5,6]. These mechanical
properties are due to their nanolayered structure at room temperature; plastic deformation in MAX phases is mainly governed by basal slip, with dislocations arranging themselves in pile ups or in walls. In such conﬁguration, two dislocation walls with opposite
*Corresponding author. Email: Karine.Gouriet@univ-lille1.fr

Burgers vectors deﬁne a kink band which is probably the key mechanism to explain the
plastic deformation of MAX phases at room temperature.
However, recent results obtained by the compression test under conﬁning pressure
[7] and by nanoindentation [8] of MAX polycrystals showed that the idea of basal
plane dislocations gliding freely in grains with no interaction is oversimpliﬁed. The
understanding and the improvement of the mechanical properties of MAX phases are
thus intrinsically linked to the knowledge of dislocation behaviour in these materials.
Very few transmission electron microscopy (TEM) dislocation analyses are reported
in the literature for MAX phase. The ﬁrst papers were focused on Ti3SiC2, which is
probably the most studied MAX phase [5,9]. In this case, isolated low-angle tilt boundaries were characterized, but these studies were limited to short and straight dislocation
segments. In as-grown Ti4AlN3, Joulain et al. [10] observed dislocation interactions and
out of the basal plane dislocation segments. More recently, Guitton et al. [7] characterized the dislocation structures in Ti2AlN deformed under conﬁning pressure up to 5%
plastic strain. Strain hardening was observed during the compression test, and the TEM
analysis of the deformed sample revealed complex interaction between dislocations in
the basal plane producing dislocation cells. Furthermore, the dislocation segments were
found to be aligned along speciﬁc directions leading to screw, 30°, 60° or edge character. Such a conﬁguration is presented in Figure 1, where long straight dislocation segments are observed. The segments represented in black have a pure edge character,
while the segments drawn in grey have a 30° character. The preferential orientation of
the dislocation lines in Ti2AlN may be an evidence of lattice friction in this material.
Here again, there is a need for a better understanding of the dislocation properties and
their core structures in MAX phases. For this purpose, we propose here a theoretical
approach based on the ab initio calculations of the elastic constants, of the generalized
stacking fault (GSF) energy surfaces (also called γ-surfaces hereafter), and of the core
energies and the Peierls stress for dislocations. As a ﬁrst step, this study presents the
calculation of the γ-surfaces of basal planes (0 0 0 1) in the MAX phase Ti2AlN considering two different cutting levels (between N and Ti atomic layers, and between the
Ti and Al atomic layers as described in the computational section). In view of these
results, the dislocation core structures are examined in this material.

Figure 1. TEM observation of long straight dislocation segments lying in the basal plane in
Ti2AlN. Dislocations exhibit strong orientation dependence with segments having strong edge (in
black on the right panel) and 30° (in grey on the right panel) characters with a Burgers vector
b ¼  13 h1 1 2 0i.

2. Computational methods
The concept of γ-surfaces was introduced by Vitek [11] in the framework of the
Peierls–Nabarro model giving access to the core structure of dislocations. The principle
relies on the computation of the relaxed energy associated with any relative translation
of the lattice with respect to a given shear plane. In the following, dislocation core
structures are calculated with the Peierls–Nabarro–Galerkin [12] (PNG) model. As an
input of the PNG model, we use γ-surfaces calculated from ﬁrst principles calculations.
2.1. Ground properties (ab initio) calculations
First principles calculations have been performed based on the density functional theory
within the generalized gradient approximation [13]. Calculations were performed using
the VASP code [14–16] and the all-electron projector augmented-wave method [17,18].
The outmost core radii are 2.30 a.u. for Ti atoms, 1.9 a.u. for Al atoms and 1.5 a.u. for
the N atoms. Namely, with the pseudo-potentials used in this work, 3p 4s 3d states for
Ti, 2s 3p states for N and 2s 1p states for Al are treated as valence states. All calculations have been performed using a single cut-off energy value of 400 eV for the plane
wave expansion and a Monkhorst–Pack grid [19] scheme was used for ﬁrst Brillouin
zone sampling.
The crystallographic structure of Ti2AlN was optimized (full relaxation of cell
parameters and of atomic positions) using a 16 × 16 × 8 K-point mesh, and the athermal
elastic constant was determined from Hooke’s Law ½r ¼ ½C½e. For a hexagonal lattice,
there are ﬁve independent elastic constants, usually referred to as C11 (=C22), C12, C13,
C33 and C44 (=C55) [20] and the sixth elastic constant is given by C66 = (C11− C12)/2.
Then Hooke’s Law is simpliﬁed:
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These quantities were estimated by applying [21] a set of strains e with the third
axis taken along the c axis. The ﬁve conﬁgurations used to obtain the elastic constants
are given in Table 1.
2.2. GSF energy calculations
The simulation cells for all our studies use a Z coordinate normal to the glide plane.
The supercell is built on three vectors which, in standard hexagonal crystallographic
notation, we write as X ¼ ½
2 1 1 0, Y ¼ ½1 
2 1 0, Z = [0 0 0 1]. We consider two different levels for shearing the basal plane of the crystal structure of Ti2AlN (Figure 2): (1)
between Al and Ti atoms and (2) between N and Ti atoms.
γ-surfaces are computed as follows. Atoms on surfaces along the Z direction are
imposed ﬁxed positions, and periodic boundary conditions are applied along X and Y. A

Table 1. Strain–stress conﬁgurations used for elastic constant determinations, given in terms of
the strain variable ε. The last two strain conﬁgurations are applied on an orthorhombic mesh (the
other are applied on the hexagonal mesh).
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Figure 2. (colour online) Ti2AlN structure and supercell used for the γ-surfaces calculations. The
red line is the trace of (0 0 0 1) between Al and Ti layer. The purple line is the trace of (0 0 0 1)
between N and Ti layer. Ti atoms are in cyan, Al in blue and N in grey. The zoom corresponds
to the centre of the supercell and is equivalent to one unit cell.

vacuum buffer is added in the direction normal to the slip plane to avoid interaction
between repeated stacking faults resulting from the use of periodic boundary conditions
along Z. The upper half of the crystal (Z > 0.5c) is shifted by a translation vector
f = δxX + δyY in the X–Y plane. All atoms are held ﬁxed in the X and Y directions but
are allowed to relax along the Z direction. The γ-surface then corresponds to the relaxed
energy for any translation f within the shear plane. For ab initio calculations, perfect
crystals of dimensions (1 × 1 × 4) unit cells are created for the basal planes.

2.3. The PNG model
In the PNG model, the dislocation core structure naturally emerges from the minimizing
of an elastic energy and of an interplanar potential. Dislocation displacement ﬁelds are
computed through an element-free Galerkin method. The non-linear behaviour is
ensured by a displacement jump along potential glide planes of the structure associated
with an extra cost in energy attributed to the interplanar potential. The latter is a function of the γ-surface energies from which the linear elastic part has been subtracted. As
described in [22–24], a PNG calculation involves a nodal mesh, homothetic to the crystal structure, which incorporates γ-surfaces energies. Once a discrete Volterra dislocation
is introduced into the volume, the equilibrium of displacement jump ﬁelds is determined
through a viscous relaxation scheme. In the following, boundary conditions, consistent
with a dislocation in an inﬁnite media, are used by imposing a convolution of an elementary elastic solution with the dislocation density (see [22] for implementation
details).
From energy considerations, Barsoum et al. [5] suggested that only basal dislocations play a role in the plastic behaviour of MAX phases. Due to the lattice anisotropy
(c/a = 4.5) and the lamellar structure of Ti2AlN (Figure 2), nucleation of dislocations is
supposed to occur only in the basal plane. Furthermore, this slip system is observed in
[7]. Then dislocation glide will occur in the basal plane with the Burgers vector
1

3h2 1 1 0i, which is the shortest lattice vector, the a generation vectors of the unit cell in
the basal plane. Therefore, our PNG calculations will rely on a single γ-surface corresponding to the energy landscape associated with the basal plane.
Four different characters of dislocation are studied: screw, 30°, 60° and edge. PNG
nodal meshes are built with respect to the P63 symmetry of Ti2AlN [21,25]. Two different meshes are thus used here, where the basal plane is in the (zOx) mesh plane, and
the dislocation line along the z direction: one for the screw and 60° characters, and one
for 30° and edge characters. For all calculations, meshes dimensions are equivalent to
40 MAX phase unit cells with a nodal resolution of 16 nodes per Burgers vector.
Accordingly to [24], we check that increasing mesh dimensions or nodes number does
not inﬂuence the results.
2.4. Peierls stress calculations
In the following, we deﬁne S(x) and E(x) the screw and edge disregistry components of
the dislocation, with x-axis normal to the dislocation line. S(x) and E(x) are deduced
from the nodal displacement of the PNG mesh. The local misﬁt energy density of the
dislocation is then CðxÞ ¼ cðSðxÞ; EðxÞÞ [26,27]. Assuming that the misﬁt energy
Emis ðuÞ reﬂects the Peierls potential felt by a dislocation as a function of its position u,
the associated Peierls stress can be deﬁned as:


1 dEmis ðuÞ
(1)
rp ¼ max
b du
where b is the Burgers vector modulus. Based on the local misﬁt energy density [28],
Emis ðuÞ is thus calculated from the following discrete summation
X
Emis ðuÞ ¼
cðSðma0  uÞ; Eðma0  uÞÞa0
(2)
m

where a0 is the periodicity of Emis, taken as the shortest unit cell parameter in the
direction of the dislocation’s displacement.
3. Results
In this work, the structural optimization was ﬁrst performed for the perfect Ti2AlN
crystal structure. The calculated lattice parameters and elastic constants are shown in
Table 2. Our results are in good agreement with experimental and other theoretical
values [21,25,29,30].
3.1. γ-surface results
The γ-surfaces of basal planes (0 0 0 1) obtained at two different cutting levels are
2 1 1 0 and ½0 1 1 0 are shown in Figures 4 and
shown in Figure 3. The γ-lines along ½
5, for a quantitative comparison of the ability of shearing the two levels. Shearing the
Al–Ti layer is much easier whatever the direction. A stable stacking fault γs is observed
1 0 0i. As a consequence, we expect 13 ½2 1 1 0 dislocations to be dissociated with
at 13 h1 
the dissociation path shown on Figure 3.
3.2. Dislocation core structures
Dislocation core structures are calculated by the PNG model using as an input the elasticity tensor and the (0 0 0 1) γ-surface corresponding to a shear between Ti and Al
atoms.
For all dislocation characters (0° (screw), 30°, 60° or 90° (edge)), deﬁned as the
angle φ between the dislocation line direction and the Burgers vector, we introduce in
the PNG model the (Ti–Al) basal plane which contains the 13 ½2 1 1 0 Burgers vector.
Analysis of node displacement resulting from the relaxation of the dislocation core
shows dissociation in two mixed components. The dissociation paths are identical for all
dislocation characters and involve the stable stacking fault conﬁguration at 13 h1 1 0 0i as

Table 2. Lattice parameters in angstroms and elastic constants in GPa. The isotropic constants
(E, G, B and ν) are calculated using the Voigt formalism [40].

a
c
C11 = C22
C33
C44 = C55
C12
C13
E
G
Β
ν

Present

Theory [21]

3.00151
13.6032
313
283
128
58
88
295
128
153
0.16

2.998
13.634
309
282
125
67
90
281
118
155

Theory [41]

342
283
123
56
96
293
163
163
0.20

Theory [25]

Theory [29]

Exp

2.9504
13.3954
311
298
133
71
76

2.9996
13.6179
312
286
125
102
93
281
116
159
0.206

2.98846 [7]
13.5917 [7]

286 [30]
124 [30]
0.18 [30]

(a)

(b)

Figure 3. (colour online) γ-surfaces (in J/m²) in (0 0 0 1) with shear (a) between Ti and Al atoms
and (b) between Ti and N atoms. The hexagonal base (a1, a2, a3) is represented, γs is the stable
stacking fault with (a) γs = 0.72 J/m² and (b) γs = 2.06 J/m². The dashed arrows represent the
presumed dissociation path of the dislocation with the a1 Burgers vector.

plotted on the γ-surface in Figure 6. For sake of consistency between the four characters,
the core structure will be displayed as the disregistry function f:
qﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
(3)
f ðxÞ ¼ S 2 cos2 u þ E 2 sin2 u
Then, f is plotting as a function of the x-axis (Figures 7–10). Note that the core structure exhibits a wide spreading of 20 Å (i.e. approximately six times the modulus of the
Burgers vector) in the basal plane. This tendency for core spreading is indicated by a
shoulder on the disregistry curve, and in particularly for the edge dislocation which presents the larger width. As such a feature may indicate a tendency for dissociation, we

Figure 4. (colour online) γ-line along ½2 1 1 0 in (0 0 0 1). The black line and open square symbol
corresponds to the (Ti–Al) layer, and the red line and circle symbol to the (Ti–N) layer.

Figure 5. (colour online) γ-line along ½0 1 1 0 in (0 0 0 1). The black line and open square symbol
corresponds to the (Ti–Al) layer, and the red line and circle symbol to the (Ti–N) layer.

performed a smooth ﬁtting (Equation 4) of the disregistry functions using a sum of two
atan functions [26,31].





b b
x  x1
x  x2
þ a2 atan
(4)
a1 atan
f ðxÞ ¼ þ
f1
f2
2 p

Figure 6. (colour online) γ-surfaces (in J/m²) in (0 0 0 1) plane between Ti and Al on which dis2 1 1 0i dislocations has
sociation path (in white line and obtained with PNG calculation) of the 13 h
been superimposed. The 13 h2 1 1 0i Burgers vector is in red.

Figure 7. (colour online) Core structure of screw dislocation. Disregistry function f(x) and
associated Burgers vector density ρ = df(x)/dx (dotted line) are plotted in (0 0 0 1) plane.

The parameters describing the calculated relaxed cores are given in Table 3. It turns
out that the misﬁt distribution can be interpreted as two symmetric partial dislocations
separated by a distance Δ (corresponding to x1–x2 in Equation 4). In each case, the separation distance between the two partials is below 7 Å (see Table 3). We observe that
the separation distance increases with the angle between the Burgers vector and the
dislocation line.

Figure 8. (colour online) Core structure of 30° dislocation. Disregistry function f(x) and
associated Burgers vector density ρ = df(x)/dx (dotted line) are plotted in (0 0 0 1) plane.

Figure 9. (colour online) Core structure of 60° dislocation. Disregistry function f(x) and
associated Burgers vector density ρ = df(x)/dx (dotted line) are plotted in (0 0 0 1) plane.

Finally, the misﬁt energy Emis ðuÞ and the Peierls stresses σp were determined using
Equations (1) and (2). The four characters exhibit very comparable Peierls stresses,
below 1 GPa. The results (given in Table 3) show two distinct cases: (i) the Peierls
stress is the smallest and nearly the same for screw and edge characters and (ii) the 30°
and 60° characters are about 50% harder than the screw and edge ones. The screw
character appears thus to be the easiest character to glide in the basal plane. On the

Figure 10. (colour online) Core structure of edge dislocation. Disregistry function f(x) and
associated Burgers vector density ρ = df(x)/dx (dotted line) are plotted in (0 0 0 1) plane.
Table 3. 0°, 30°, 60° and 90° dislocation core parameters controlling the spreading in (0 0 0 1)
plane, and Peierls stress σp (in MPa). Half-widths of each partial (ξi) are given in Angstroms. The
separation distances Δ (calculated value) and Δth (equilibrium distance according to anisotropic
elasticity considering a staking fault energy of 0.72 J/m2) between partials are expressed in Angstroms. a′ is the periodicity of the misﬁt energy density.
Dislocation character

ξ1

ξ2

Δ

Δth

σp

0°
30°
60°
90°

1.8
2.2
1.7
1.9

1.9
2.1
1.9
1.8

5.26
6.09
6.58
6.68

3.22
4.91
6.28
5.97

611
830
957
680

a′

pﬃﬃ
a1 3
2
a1pﬃﬃ
a1 3
2
a1

opposite side, the 60° character seems to be the hardest character to glide in the basal
plane.
4. Discussion
In this study, we have used ab initio calculations to explore the γ-surfaces in the basal
plane. We have considered the possibility of shearing the Ti2AlN structure along the
basal plane at two different levels. Shearing the (0 0 0 1) plane between Ti and N cut
the Ti6N octahedrons and induce higher values for the γ-surface energy than cutting
between the Ti and Al atoms (which are more widely separated). This suggests that
dislocations glide will occur preferentially in the basal plane between Ti and Al atoms.
Therefore, in the studied dislocations core structures, we use only the (Ti–Al) γ-surface.

The second critical point to examine is the dislocation core structures. Whatever the
2 1 1 0i dislocations dissociate into two partial
character (screw, 30°, 60° and edge) all 13 h
dislocations, with the dissociation scheme:
1 
1
1
h2 1 1 0i ! h
1 1 0 0i þ h1 0 1 0i
3
3
3

(5)

This is the consequence of the stable stacking fault observed at 13 h1 1 0 0i on the
γ-surface. Figure 6 shows the dissociation path for 13 h2 1 1 0i dislocations, which is in
good agreement with the expected path shown on Figure 3. The analysis of the dissociated conﬁguration shows that each dislocation character dissociates into partials
which have a character different from the perfect dislocation. The screw dislocation is
dissociated into two 30° partials. The edge dislocation is dissociated into two 60°
partials. The 30° and 60° dislocations are dissociated into two uneven partials. The
30° dislocation is dissociated into a screw and a 60° partials. The 60° dislocation is
dissociated into an edge and a 30° partials.
As already mentioned, the splitting into partials results from the occurrence of a
1 1 0 0i. The dissociation distance between parstable stacking fault conﬁguration at 13 h
tials depends thus on a competition between the staking fault energy of 0.72 J/m2 and
the anisotropic elastic forces acting on partial dislocations. Based on Stroh’s theory
[31,32], as implemented in DISDI software [33], equilibrium distances Δth between the
partials can be evaluated (Table 3) considering anisotropic elasticity. It turns out that
both theoretical distance Δth and PNG calculations are in good agreement with 60° and
90° dislocations exhibiting signiﬁcantly larger dissociation distances. As Δth evaluation
does not take into account the partial core spreading, the largest deviation (around 2 Å)
between the two models is found for the initial screw core conﬁguration. The advantage
of the PNG calculations is thus to predict the splitting of the core accounting for both
the anisotropic material behaviour and the dislocation partials width.
As shown in Table 3, the value of the equilibrium distance between the two partials
is always too small for individual partial dislocations to be resolved by TEM where the
resolution in weak-beam dark-ﬁeld is of the order of few nanometres. These dislocations are thus expected to appear as perfect dislocations in the TEM: this is indeed what
has been reported by all the previous TEM studies on MAX phases, notably by Guitton
et al. [7] for the Ti2AlN case.
Moreover, Guitton et al. [7] observed by TEM a tendency for the dislocations to
adopt preferentially four main characters in the basal plane: screw, 30°, 60° and edge.
At ﬁrst glance, these observations could have been understood as an effect of a pronounced lattice friction. The Peierls stress values calculated for these four particular
characters suggest that the 30° and 60° segments are the less mobile and would be
thus more frequently observed in the TEM: this is not what has been reported in ref
[7], where no predominance of any of the four characters has been observed. This present work complements the experimental observations of Guitton et al. [7] and constitutes a ﬁrst step in the determination of the Peierls stress in MAX phases. In
particular, it suggests that the preferential alignment of dislocations in the Ti2AlN
MAX phase is rather due to self-organization associated with elastic interactions
between dislocations.
Second, these calculations show that dislocation glide in the basal plane will occur
preferentially between M (here Ti) and A (here Al) planes. Even if this result is not

surprising, it can be helpful to predict the hardening effect expected in some MAX
phase solid solutions. Indeed, substitution can be made on either M [34], A [35–37] or
X sites [38], which leads, in some cases, to the improvement of hardness. A systematic
study of the different possible M-A and M-X γ-surfaces would help in the prediction of
possible effects of substitution or substoichiometry on the ease of dislocation glide in
the basal plane.
Recent results in TEM observations of dislocations structures induced by high temperature compression have shown the activation of cross slip from the basal plane to
both prismatic and pyramidal glide planes [39]. A next step would be thus to calculate
the γ-surfaces and dislocations core structures in these newly evidenced slip planes.
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