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ABSTRACT
In this work, numerical computations of image forces and stored energy during the growth
of a strain free grain within a recovered matrix containing an array of identical dislocations
are performed. A decrease of the stored energy is observed when image forces are attractive
and an increase when image forces are repulsive. The variation of elastic energy depends
closely on the material elastic anisotropy, the number of dislocations in the array and its initial
distance to grain boundary. For an array of 20 edge dislocations and the motion of a planar
grain boundary over approximately 180 atomic spacing, the magnitude of the energy variation
is on the order of one dislocation line energy for Al and six for Cu, which is significant in both
cases. Furthermore, by sweeping the whole orientation space for FCC crystals, it is shown
that grain boundaries near a 〈111〉 40˚ misorientation are among those that can display the
highest attractive forces on edge dislocations. Since grain boundary migration is driven by the
reduction of stored energy, the results are analyzed in light of experimental recrystallization
data in FCC metals which show that the fastest moving boundaries are often characterized by
misorientation axis around 〈111〉 and misorientation angle close to 40˚.

KEYWORDS
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1. Introduction

During static recrystallization, some grain boundaries (GBs) are moving in order to reduce the

stored energy of the material. In addition to the effects of GB curvature [1], surface tension

[1], temperature [2, 3], impurity concentrations [4], dislocation density [1] or pinning at triple

junctions [5], it is known that the displacement velocity of a GB also strongly depends on

its macroscopic degrees of freedom, i.e. plane orientation and crystallographic misorientation

[1, 6–10]. The understanding of this crystallographic dependency is of crucial importance as

it affects the development of recrystallization textures and thus the anisotropy of the mate-

rial final in-use properties. In FCC metals and particularly in Al, overwhelming data of GB

migration rates are available from growth selection and bicrystals experiments. Both kind of

experiments show that low angle boundaries are slower than high angle boundaries and that

the misorientation of the fastest moving boundaries often correspond to a rotation around a

〈111〉 axis with an angle close to 40˚ [1, 6–10]. The two kind of experiments differ however

about the nature of the main driving force for GB migration. In bicrystal experiments, the
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material is taken undeformed and thus the shrinkage of one grain should be driven only by

the surface energy of its curved GB (capillary effect) [8, 10]. These experiments tend to show

sharp peaks in GB mobility, e.g. a peak mobility is observed for 38.2˚ 〈111〉 Σ7 boundaries

at 430˚C and for 40.5˚ 〈111〉 at 540˚C in high purity aluminium [8, 10]. In particular, a

conjecture is that special GBs with low Σ coincidence segregate less impurities than random

GBs and therefore move faster [4]. On the contrary, in growth selection experiments, the ma-

terial has been previously deformed and recrystallization starts at an artificial scratch or cut

[6, 7, 9]. In this case, the main driving force should be the difference of stored energy with

the deformed matrix [11]. Growth selection experiments do not exhibit sharp peaks in GB

velocity but rather broad peaks centered around 40˚〈111〉 boundaries. In Al−0.05wt%Si for

instance [9], it is reported that the highest velocities are observed for boundaries misoriented

to the matrix by ∼ 30− 50˚ about axes within ±10˚ of 〈111〉. The origin of this misorien-

tation dependence of GB velocity is not yet fully understood and is thus poorly predicted by

recrystallization models [1].

In mesoscopic models of recrystallization, GB velocity is indeed commonly expressed as

[2, 3, 12, 13]

v = MFN , (1)

where N is the unit normal to GB and M the GB mobility. Moreover, the driving force

F is usually computed as the sum of a positive contribution due to the difference of stored

energy between the consumed and the growing grain and an opposing term due to capillarity

[3, 12, 13]:

F = η∆ρ− γκ. (2)

In (2), η corresponds to the dislocation line energy, ∆ρ to the dislocation density difference,

γ to the GB energy and κ to GB curvature. Within this framework, the effect of misorientation

can be typically taken into account through the expression of γ, for instance by considering an

extended Read-Shockley equation [13], but is generally not considered in the stored energy

related to dislocations. It is however one of the purposes of the present work to show that,

because of elastic anisotropy, GB misorientation can also have a significant influence on the

variation of the stored energy due to dislocations.

Owing to elastic anisotropy, polycrystals have indeed heterogeneous elastic moduli [14]

and image stresses are appended to the dislocation self-stress field (i.e. the one correspond-

ing to an infinite homogeneous medium) in order to satisfy boundary conditions at interfaces.

Hence, when a GB starts moving, the stress field seen by a specific dislocation changes imme-

diately because the values of image stresses depend on the distance to GB. As a corollary, the

strain energy of dislocations vary during GB motion, which is important to underline since

recrystallization is driven by a reduction of the stored energy.

The image force fim on a dislocation is the Peach-Koehler force at the dislocation position

due to its stress field σ without considering the contribution related to the infinite homoge-

neous medium [15–18]:

fim = (σb)× t, (3)

where b is the Burgers vector and t a unit vector along the dislocation line. It is worth un-
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derlying that the image force also corresponds to the negative of the gradient of the interaction

energy between the dislocation and the GB [15, 17, 19]. For an infinite straight dislocation

parallel to an infinite planar GB, the interaction energy remains unchanged if the dislocation

is moved parallel to the planar GB. Hence, the image force is always normal to GB in this

case, as shown by the expression found by Barnett and Lothe [16]:

fim = −
E1∞ − E1−2

d
N . (4)

In (4), the unit normal to GB N points towards the dislocation which is in medium 1, d
is the distance from GB, E1∞ is the prelogarithmic energy factor of the same dislocation

in the infinite homogenous medium 1 and E1−2 is the prelogarithmic energy factor of the

same dislocation at the interface of media 1 and 2. Equation (4) indicates that image force

can either attract a dislocation towards GB if E1−2 < E1∞, or conversely push it away if

E1∞ < E1−2, with a magnitude that increases as the inverse of the distance to GB [18, 20–

22]. As GB advances towards a dislocation, the value of the prelogarithmic energy factor of

the dislocation will get closer and closer to E1−2 and get further and further from E1∞. As

a consequence, it can be conjectured that in case of attractive image forces (E1−2 < E1∞),

the elastic energy will decrease when GB advances towards dislocations, whereas in case

of repulsive image forces (E1∞ < E1−2), the elastic energy will increase. Accordingly,

considering the motion of a GB in presence of dislocations but over a small distance where it

does not meet any of them, the migration is not only controlled by capillarity. There exists an

additional effect that depends on the orientation of the Burgers vectors of the dislocations in

the neighborhood and the grains misorientation. Such an effect can be energetically favorable

or not. It is not taken into account by classical theories based on equation (2). The latter

assume that GB migration leads to an elastic energy reduction only due to a lowering of GB

energy and/or a decrease of total dislocation density as the grain with the highest dislocation

density is consumed.

The present work therefore focus on the effect of crystallographic misorientation on the

variation of stored energy during GB motion. The first purpose is to check the hypothesis of

elastic energy decrease as GB advances towards an array of identical dislocations in case of

attractive image forces and elastic energy increase in case of repulsive image forces. Then,

the second objective is to quantify these changes of elastic energy. Numerical calculations of

image forces and stored energy during the growth of a strain free grain within a recovered

matrix containing an array of identical dislocations are therefore performed in Section 3.2.

Moreover, in Section 3.3, possible correlations between the experimentally observed misori-

entation dependence of GB migration rate and the misorientation dependence of the image

force values are explored in FCC materials. Equations needed to compute the elastic fields

of a straight dislocation parallel to a planar interface in anisotropic elasticity are beforehand

described in Section 2.1. A regularization procedure to compute the elastic energy is, further-

more, presented in Section 2.2. Some numerical applications are also performed in Section

3.1 in order to assess the effects of the regularization procedure on the stress fields of a dislo-

cation in a bicrystal. All the results are finally discussed in Section 4, followed by concluding

remarks in Section 5.

Throughout the paper, bold letters are used for vectors, tensors and matrices. The super-

script T denotes the transpose of a matrix and an overbar the conjugate of a complex function.

The Einstein convention over repeated indices is used. The spatial derivative with respect to

a Cartesian coordinate is indicated by a comma followed by the component index. i denotes

the imaginary unit and ℜ(z) the real part of z.
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2. Elastic fields due to a straight dislocation parallel to a planar interface

The elastic fields of a straight dislocation parallel to a planar interface in anisotropic elastic

media were thoroughly studied in the past [16, 17, 19, 23–25]. Here, an anisotropic bicrystal

with a perfectly bonded interface whose normal is along the x2 axis of a Cartesian reference

frame (see Figure 1) is considered. The displacements ui are assumed to depend on (x1, x2)
only. The dislocation line is supposed to be along the x3 axis and located in crystal I (x2 > 0)

at the position (X1, X2) (Figure 1). In the following, only the final equations that are needed

to perform the numerical calculations are presented. More details can be found in [18, 25].

2.1. Displacements, strains, stresses

The values of the displacements at the point (x1, x2) are obtained as:

ui = 2ℜ (Aijfj (zj))

with fj (zj) =

{

f0
j (zj) + f I

j (zj) if x2 > 0

f II
j (zj) if x2 < 0

(5)

where zj = x1 + pjx2 and A is a 3 × 3 matrix containing the eigenvectors related to the

eigenvalues pj with positive imaginary parts of the Stroh sextic equation [26, 27]:

det
(

Ci1k1 + p (Ci1k2 + Ci2k1) + p2Ci2k2

)

= 0. (6)

C is the elastic stiffness tensor of the medium which is considered. The function vector f0

is related to the homogenous problem. Its general form is given by:

f0
j (zi) = q0j ln (zi − sj) , (7)

where sj = X1 + pjX2 depends on the dislocation position and q0 is a complex vector

expressed as:

q0 = −
1

2π
i
(

BTb
)

with Bij = (Ci2k1 + pjCi2k2)Akj .
(8)

Finally, the two function vectors fI and fII can be expressed as:

f I
i (zi) = V I,II

ij f0
j (zi) if x2 > 0

f II
i (zi) = W I,II

ij f0
j (zi) if x2 < 0

(9)

where:
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Figure 1. Straight dislocation at (X1, X2) in an anisotropic bicrystal.

V I,II =
(

BIIAII−1
AI −BI

)−1 (

BI −BIIAII−1
AI

)

,

W I,II =
(

BIAI−1
AII −BII

)−1 (

BIAI−1
AI −BI

)

.
(10)

The gradient of the displacements ui,j can then be expressed as:

ui,1 = 2ℜ (Aijgj (zj))

ui,2 = 2ℜ (Aijpjgj (zj))

with gj (zj) =

{

g0j (zj) + V I,II
ji g0i (zj) if x2 > 0

W I,II
ji g0i (zj) if x2 < 0

and g0i (zj) =
q0i

zj − si
.

(11)

The strains are defined by εij =
1

2
(ui,j + uj,i) and the Cauchy stresses are obtained from

the generalized Hooke’s law: σij = Cijklεkl.

2.2. Elastic energy and regularization procedure

The elastic energy per unit length on a surface area S is computed by integration of the elastic

energy density:

we =

∫

S

1

2
σij(x)Sijkl(x)σkl(x)d

2x. (12)

where S = C−1 is the elastic compliance tensor. The integral (12) diverges since the stress

field σij(x) displays a singularity on the dislocation line, i.e. when zj = sj in (11). A well-

known approach to remove this singularity in isotropic elasticity is to spread uniformly the

dislocation core on the slip plane over a fixed width 2a [28]. Such a procedure can be applied

to the present 2D configuration in anisotropic elasticity if, for instance, the dislocation is of

edge character so that its Burgers vector b belongs to the plane (x1, x2) when the dislocation

line is along x3. In this case, the intersection line of the slip plane with the plane (x1, x2) is

collinear with the Burgers vector. Hence, instead of considering a Burgers vector of magni-

tude b at the position (X1, X2), a simple regularization procedure consists in spreading the
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same Burgers vector uniformly from

(

X1 − a
b1
b
,X2 − a

b2
b

)

to

(

X1 + a
b1
b
,X2 + a

b2
b

)

.

The latter interval has indeed a width 2a and matches the slip plane trace. In this case, the

displacement gradients can be obtained from (11) by replacing the function g0i (zj) as follows:

g0i (zj) =

∫ a

−a

q0i
zj − si

dl,

with sj = X1 + l
b1
b
+ pj

(

X2 + l
b2
b

)

,

(13)

This procedure indeed weakens the singularity of the stress field. The singularity is now of

logarithmic type and thus integrable, so that the elastic energy (12) remains finite [29].

3. Numerical applications to Al and Cu bicrystals

Since most of the experiments on the crystallographic dependency of GB velocities were

obtained on Al [1, 6–10], the present numerical applications are also performed on Al, as

well as on Cu in order to perform comparisons between two materials having dissimilar Zener

anisotropy ratios A = 2C44/ (C11 − C12). Throughout the paper, the lattice parameters and

the elastic constants of Al and Cu are considered at the same temperature of 600K, at which

static recrystallization can occur in both materials depending of their pre-deformed state. The

values are given in Table 1. The difference of Zener ratios must be noticed, A = 1.24 for

Al and A = 3.40 for Cu. Moreover, only infinite edge dislocations are considered, both

to use the regularization procedure that spreads the Burgers vector on the slip plane for the

computation of elastic energy and because, within the 2D Stroh formalism, screw dislocations

are restricted to the very specific case of Burgers vectors parallel to GB.

a0 C11 C12 C44 A
Al 4.081 Å 98GPa 61GPa 23GPa 1.24
Cu 3.637 Å 158GPa 118GPa 68GPa 3.40

Table 1. Lattice parameters (a0) and elastic constants of Al and Cu at 600K [30–32].

3.1. Regularized dislocation stress fields in a bicrystal

First of all, the regularization procedure proposed in (13) is checked by plotting the stress

fields of an infinite straight edge dislocation in a Cu bicrystal. The configuration of section 2.1

is considered again where the normal to the planar GB is along the x2 axis and the dislocation

line vector t points positively along the x3 axis (Figure 1). The dislocation is located in crystal

I at 5b along its slip direction from GB. Its Burgers vectors points towards GB by making a

45˚ angle with it. The crystallographic orientation of crystal I is fixed by assuming that the

dislocation belong to the slip system
(

111
)

[101]. Indeed, following the Final-Start, Right-

Hand (FS/RH) convention, the positive normal to the slip plane is given by n = t× b/b. The

orientation of crystal II is deduced from the one of crystal I by a 40˚ rotation around the

crystallographic direction [111].
The integral in (13) is evaluated by considering that the spreading core distance is a = 1.5b

which is a typical value for a core radius [29], and by using a Gauss-Legendre quadrature

method for which the order of the Legendre polynomial is denoted Nc. For Cu at 600K,
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Figure 2. Variation of the six components of the Cauchy stress tensor along the x2 axis for an infinite straight dislocation in a

Cu bicrystal at 5b along its slip direction from GB (x2 = 0), considering either the singular solutions (Eq. (11) in dotted lines)

or the regularized ones (Eq. (13) in thick lines) with different values of Nc. The vertical lines represent the boundaries of the

dislocation core considered (a = 1.5b).

Figure 2 displays the variation of the six components of the Cauchy stress tensor along the x2
axis considering either the singular solutions (11) or the regularized ones (13) with different

values of Nc.

In Figure 2, it is firstly checked that the components σ22, σ12 and σ23 are continuous across

GB considered as a perfect interface whereas the other components display a stress jump at

x2 = 0. Then, it is observed that outside the dislocation core, all the regularized solutions

are very close to each other and show very little departure from the singular solutions. In

particular, the stress jumps are identical for all the solutions. Because the stress field is almost

anti-symmetric, it is actually preferable to choose an even value of Nc so that the singularities

can compensate each other. Hence, just with Nc = 2, smooth stress fields across the disloca-

tion are obtained, which is quite satisfactory from a numerical point of view. In contrast, with

Nc = 100, the integral in (13) is accurately evaluated but the stress fields exhibit logarithmic

singularities.
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Figure 3. Array of 20 edge dislocations in an Al anisotropic bicrystal. The red thick line indicates the initial position of GB

before migration starts and the red dotted line an arbitrary position during migration. a0 is the lattice parameter. h denotes the

migration distance of GB.

3.2. Elastic fields variation during grain boundary migration

Let us consider the theoretical case of a moving planar GB that separates a grain completely

free of dislocations and one that contains a finite array of 20 identical dislocations as the

result of some recovery process. The configuration of section 2.1 is considered again where

the normal to the planar GB is along the x2 axis. Instead of one single dislocation, crystal I
now contains an array of 20 edge dislocations whose Burgers vectors belong to the (x1, x2)
plane (Figure 3).

Besides, it is assumed that the dislocations are initially in equilibrium in a zero net force

configuration, as a result of the balance between the self and image stress fields of the dis-

locations and an internal stress field σint due to defects located outside of the two grains.

For the sake of simplicity, only one component of σint is assumed non-zero, the σ22 one

which must be continuous across the perfect interface [14]. σ22 can therefore be taken homo-

geneous within the two grains. It is supposed that all the dislocations belong to the same slip

system
(

111
)

[101], that the dislocation line vectors t point positively along the x3 axis and

that the Burgers vectors point towards GB and make a 45˚ angle with it. Such a configura-

tion is therefore consistent with an array built from dislocation glide under the main action of

σint and that became stable when σint was balanced by the self and image stress fields of

dislocations. While the crystallographic orientation of crystal I is fixed following the FS/RH

convention, two different orientations are considered for crystal II:

• orientation A which is deduced from crystal I by a 40˚ rotation around the crystallo-

graphic direction [111],
• orientation B which is deduced from crystal I by a 60˚ rotation around the crystallo-

graphic direction [110].

As it will be shown, orientation A produces attractive image forces on the dislocations of crys-

tal I whereas orientation B produces repulsive image forces. Therefore, in order to achieve

initial equilibrium, a positive value of σint
22 , which actually corresponds to a negative resolved

shear stress, is considered for orientation A and a negative one for orientation B. The values

of σint
22 are chosen such that the initial average distances to GB are roughly similar for all the
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Figure 4. Variation of the stored energy from its initial value (∆we) with the GB migration distance (h) for an array of 20
dislocations in Al with orientation A. ∆we is normalized by the dislocation line energy (η). L is the parameter used to delimit

the surface area of integration and Nw the order of the Legendre polynomial used to evaluate ∆we (see text).

studied situations and are smaller than 1µm. Hence, the values chosen are σint
22 = 2MPa and

σint
22 = −2MPa for orientations A and B in Al and σint

22 = 30MPa and σint
22 = −30MPa

for orientations A and B in Cu. They correspond to initial average distances to GB of 183,

179, 177 and 162 atomic spacing (a0), respectively. The initial equilibrium positions of the

20 dislocations are found out by minimization of the projection of the Peach-Koehler force

along the slip direction for each dislocation, which amounts to minimizing the resolved shear

stress on each dislocation. In practice, a value of resolved shear stress less than 1Pa is used.

This minimization procedure is performed thanks to the function fsolve of of the software

MATLAB R2019a which is based on the trust-region-dogleg numerical algorithm [33, 34].

Furthermore, these edge dislocations are restricted to remain within their slip planes which

are are equally spaced along the x1 axis by 25b. With this spacing distance, the misorientation

induced by the dislocation array is less than 2˚ and its effect is not taken into account in the

simulation. As a result of the equilibrium procedure, the distances to GB are slightly different

from one dislocation to another. The real positions are represented for orientation A in Al in

Figure 3 but the differences are hardly detectable by eye.

The local resolved shear stresses at each dislocation position as well as the stored energy

per unit length are computed for different GB positions as if GB was migrating in one block

towards the dislocation array. The migration is stopped when the distance between GB and

the nearest dislocation is equal to b. Note that the positions of dislocations remain fixed and

that σint is also kept constant. Hence, the Peach-Koehler forces on dislocations are no more

zero when the GB advances.

The elastic energy per unit length we is computed by evaluating the integral (12) on a

finite surface S thanks to a Gauss-Legendre quadrature method and by using the regularized

expression of the dislocation stress field (13) with Nc = 2. It is noteworthy that the local stress

field σ is the sum of σint and the self and image stress fields of all the dislocations. The orders

of the Legendre polynomials to compute (12) are taken to be the same along x1 and x2 and

denoted hereafter Nw. For a finite array of straight dislocations, we depends of course on S.

However, only the variation of we from its initial value, denoted hereafter ∆we, is of interest

in this study. A convergence of ∆we is observed when increasing S (Figure 4). Rectangular

surface area are considered for S with bounds corresponding to Xmin
1 −L and Xmax

1 +L along

the x1 axis and Xmin
2 − L and Xmax

2 + L along the x2 axis, Xmin
1 , Xmax

1 , Xmin
2 and Xmax

2
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Figure 5. Variation of the resolved shear stress (RSS) on each dislocation with the GB migration distance (h) for orientations

A and B in Al. Insets: variation of the RSS on each dislocation with the inverse of the distance to GB (X2 − h).
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Figure 6. Variation of the stored energy from its initial value (∆we) with the GB migration distance (h) for an array of 20
dislocations in Al and Cu with orientations A and B. ∆we is normalized by the dislocation line energy (η). For all cases,

L = 5000b and Nw = 15000.

denoting the minimum and maximum dislocation coordinates along x1 and x2, respectively.

A good convergence is obtained for L = 5000b (Figure 4). A convergence of the solutions

∆we is also reached by increasing Nw (Figure 4). A value of Nw = 10000 is necessary to

obtain satisfactory results. For L = 5000b, the solutions obtained with Nw = 15000 are very

close to the ones with Nw = 10000 (Figure 4), which proves that the overall trend evolution

of the elastic energy is quite reliable. The variation of the stored energy is normalized by η, the

dislocation line energy which is used in most mesoscopic modeling approaches to evaluate

the driving force (see equation (2)). The classical approximation η =
1

2
µb2 is considered

with µ = 20GPa and µ = 45GPa for the isotropic shear moduli of Al and Cu at 600K,

respectively.

Figure 5 exhibits the variation of the resolved shear stress (RSS) on each dislocation with

the migration distance h in Al. As it could be expected from equation (4), it is seen that all the

RSSs roughly scale with the inverse of the distance to GB (X2 − h) (see insets in Figure 5).

Far from GB, some deviations are however noticeable due to the influence of the stress fields

of other dislocations. In addition, all the RSSs are increasing for orientation A, i.e. image

forces are attractive, whereas they are all decreasing for orientation B, i.e. image forces are

repulsive. In parallel, it is observed that the migration of GB is accompanied by a decrease of

the stored energy for orientation A and an increase for orientation B (Figure 6). For this array

of 20 dislocations, the magnitude of ∆we is of the order of 1η for Al and 6η for Cu (Figure

6), which is significant in both cases.

In order complete the analysis, simulations are also performed for orientation A in Al by

varying the number of dislocations in the array (Figure 7) or the value of σint
22 (Figure 8).

These variations of parameters result in different initial average distances to GB which are

summarized in Tables 2 and 3. The initial average distance to GB almost scales linearly with

the number of dislocations (Table 2), while for σint
22 , an inverse and non-linear relation is

observed (Table 3). As it could be expected, both figures indicate that the total elastic energy

variation increases with the initial distance to GB. An exception is noticed however between

the arrays with 10 and 15 dislocations but this is due to a sharp final drop of the the array with

10 dislocations. Indeed, it must be underlined that the variation of elastic energy near the array

depends closely on the relative dislocation positions, which are fixed after initial equilibrium
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Figure 7. Variation of the stored energy from its initial value (∆we) with the GB migration distance (h) for different dislocation

arrays in Al with orientation A. Different numbers of dislocations (Ndis) are considered, resulting in different initial average

distances to GB. For all cases, σint

22
= 2MPa, L = 5000b and Nw = 10000.

and depend on the number of dislocations. Finally, it is also shown that the magnitude of the

initial gradient of elastic energy variation (i.e. the slope of ∆we vs. h) increases with both the

number of dislocations (Figure 7) and the value of σint
22 (Figure 8). However, the dependence

on σint
22 is much more pronounced.

Ndis 5 10 15 20
Initial average distance to GB 46 a0 92 a0 138 a0 183 a0

Table 2. Initial average distance to GB for dislocation arrays with different numbers of dislocations (Ndis) in Al with orienta-

tion A and σint

22
= 2MPa.

σint

22
1MPa 2MPa 3MPa 4MPa

Initial average distance to GB 505 a0 183 a0 83 a0 48 a0

Table 3. Initial average distance to GB for different values of σint

22
for an array of 20 dislocations in Al with orientation A.

3.3. How strong are image forces at grain boundaries with 〈111〉 misorientation axis?

The results of the previous section show that there is a clear link between attractive image

forces on dislocations and decrease of stored energy during GB motion (everything else re-

maining fixed) or repulsive image forces and increase of stored energy. In order to unveil GBs

which are the more prone to lead to a decrease of stored energy during GB motion towards

an array of identical dislocations, it is therefore conjectured that it is sufficient to compute

the image force on a dislocation at a given distance from GB. Accordingly, in the following,

a single straight edge dislocation parallel to GB at a distance of 5b along its slip direction is

always considered. The projections of the image force along the slip direction, i.e. the image

resolved shear stress at the dislocation position, is computed.

First of all, twelve orientations are considered for crystal I by choosing each time an edge

dislocation that belongs to one of the twelve FCC slip systems (see the list of systems defined

by the Schmid and Boas notations [35] in Table 4). As in the previous section, the orientations

of crystal I are fixed by following the FS/RH convention, setting the dislocation line along the

x3 axis and the GB normal along the x2 axis. Within this configuration and from the image
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Figure 8. Variation of the stored energy from its initial value (∆we) with the GB migration distance (h) for an array of 20
dislocations in Al with orientation A. Different values of σint

22
are considered, resulting in different initial average distances to

GB. For all cases, L = 5000b and Nw = 10000.

Notation A2 A3 A6 B2 B4 B5 C1 C3 C5 D1 D4 D6

Slip planes (1̄11) (1̄11) (1̄11) (111) (111) (111) (1̄1̄1) (1̄1̄1) (1̄1̄1) (11̄1) (11̄1) (11̄1)

Slip directions [01̄1] [101] [110] [01̄1] [1̄01] [1̄10] [011] [101] [1̄10] [011] [1̄01] [110]
Table 4. Schmid and Boas notations for slip systems in FCC crystals [35].

force theorem [16], it is known that the value of the image force is the same for all GB planes

which are parallel to the dislocation line. Hence, the angle that the Burgers vector makes

with GB has no influence on the image resolved shear stress and can be fixed arbitrarily.

The orientations of crystal II are deduced from crystals I by rotations around the specific

direction [111]. It is noteworthy that the elastic stiffness tensor CI remains unchanged due

to cubic symmetry but that CII changes both with the rotation angle and the considered

orientation for crystal I since the rotation is always around the particular direction [111].
Figure 9 shows the variation of the image resolved shear stress (IRSS) with the misori-

entation angle θ for the twelve configurations, the misorientation axis being always [111]. It

is observed that the three systems with a (111) plane display zero image force while three

other systems (A3, C1 and D6) provide the exact same positive resolved shear stress on the

dislocation (i.e. attractive image force) with a maximum around 38˚. This result is intriguing

regarding the measurements of GB velocities in growth selection experiments which exhibit

broad peaks centered around 40˚〈111〉 boundaries [9]. However, it must be then determined

if these values of attractive image forces are significant in comparison to other possible ori-

entations.

For this purpose, the computational methodology of Figure 9 is generalized to any kind

of misorientation. In order to cover the entire orientations space, an uniform distribution of

50000 orientations in presence of cubic symmetry is generated from the open-source software

package Neper [36]. This representative list of 50000 sets of Euler angles is used to define the

rotations to get from crystals I (twelve possible orientations) to crystals II . 600000 different

configurations are hence studied. The results for Al and Cu are presented in Figures 10 and

11. 〈110〉, 〈001〉 and 〈111〉 misorientation axes within ±3˚ are highlighted in Figure 10,

whereas the 〈111〉 misorientation axes within ±10˚ are highlighted in Figure 11.

It is observed that the maximum image resolved shear stress at a given misorientation angle

increases with the misorientation angle and then reaches a plateau after 30˚. The absence of

symmetry between attractive and repulsive image resolved shear stresses can also be noticed.
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Figure 9. Variation of the image resolved shear stress (IRSS) on a straight edge dislocation in Al with the misorientation angle

between grains θ for the twelve FCC slip systems when the misorientation axis is [111]. The dislocation is located at a distance

of 5b along its slip direction from the planar GB.

Figure 10. Clouds of points representing values of image resolved shear stresses (IRSS) on straight edge dislocations with

respect to misorientation angles between grains θ for a representative set of 600000 bicrystalline configurations in Al and Cu

(see text). The dislocation is located at a distance of 5b along its slip direction from the planar GB. Blue, green and red circles

correspond to 〈110〉, 〈001〉 and 〈111〉 misorientation axes within ±3˚, respectively.
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Figure 11. Clouds of points representing values of image resolved shear stresses (IRSS) on straight edge dislocations with

respect to misorientation angles between grains θ for a representative set of 600000 bicrystalline configurations in Al and Cu

(see text). The dislocation is located at a distance of 5b along its slip direction from the planar GB. Red circles correspond to

〈111〉 misorientation axes within ±10˚.
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Among the highest values of image resolved shear stress, there is a significant prevalence of

〈111〉 misorientation axes within ±10˚. The frequency of the latter among the 600000 con-

figurations is about 7% and becomes more than 13% (both in Al and Cu) if one considers only

the points having an image resolved shear stress greater than 80% of the global maximum. It

is noteworthy that a reverse trend is observed for 〈110〉 and 〈001〉 misorientation axes. About

〈110〉 GBs, it is worth underlying that they can be found both among the strongest possible

repulsive image forces or among the strongest possible attractive forces for a given misorien-

tation angle (Figure 10). This illustrates the fact that a same GB can behave very differently

depending on the dislocation population in its neighborhood.

Furthermore, it is also interesting to notice that Σ3(111) twin boundaries, which are char-

acterized by a 〈111〉 60˚ misorientation and are frequent in FCC metals as annealing or

mechanical twins [14], can exhibit either relatively large attractive image forces, or zero im-

age forces or repulsive image forces very close to the highest possible values (see Figures

9 and 10). In particular, it is pointed out in the literature that the recrystallization texture of

metals and alloys with a low stacking-fault energy can be significantly affected by thermal

twinning and the preference of certain twin sequences [1].

4. Discussion

By sweeping the whole orientation space for FCC crystals, it is shown that GBs with mis-

orientations of ∼ 30 − 50˚ about axes within ±10˚ of 〈111〉 are among those that can

display the highest attractive forces on edge dislocations parallel to GB (Figure 11). From the

previously developed arguments and the numerical results of subsection 3.2, it can be fairly

inferred that the decrease of stored energy during migration of those GBs towards arrays of

identical dislocations should lie among the strongest possible. Hence, there may be a link with

the observed peaks in GB velocity centered around 40˚〈111〉 in growth selection experiments

[9].

This effect is related to elastic interactions between dislocations and GBs which are here

just described as discontinuities of crystallographic orientations. More usual driving forces,

like capillarity and decrease of dislocation density, are certainly predominant but elastic in-

teractions may have non-negligible slowing-down or accelerating effects on migration. The

general tendency is very clear. The migration of a GB towards dislocations on which it exerts

an attraction should be accompanied by a decrease of elastic energy. On the contrary, the mi-

gration of a GB that exerts a repulsion on dislocations should be accompanied by an increase

of elastic energy. As shown, this variation of elastic energy depends on crystallographic ori-

entations but also on the dislocation slip system, as well as on the initial distance to GB, the

number of dislocations and the elastic anisotropy of the material. Hence, it is important to un-

derline that a same GB can display attractions or repulsions of different magnitudes towards

a dislocation array depending on the nature of the dislocations (Figure 9). In the same way as

recovery is governed by elastic interactions between dislocations, which lead to annihilation

and rearrangement into ordered arrays like sub-grain boundaries, recrystallization might be

controlled, at least partially, by elastic interactions between ordered arrays of dislocations and

high angle grain boundaries.

Besides, the real picture is evidently much more complicated than the simplified 2D con-

figurations studied in this work. In reality, dislocations are are not infinitely straight and not

only of edge characters whereas GBs are not planar interfaces perfectly bonded but exhibit

some curvature and imperfect bonding. In addition, elastic fields due to other defects like

second phase particles, the ones due to the GB structure itself [37–40] and those due to dis-

location cores were not considered in the present approach but may be taken into account
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in a future work. GBs can be modeled using ordered arrays of dislocations, disconnections

or disclinations [38, 39, 41] from which their elastic fields can be computed. GBs can also

be modeled as seemingly imperfectly bonded interfaces due to the consideration of interfa-

cial elasticity which may change the value of the image force [42]. Moreover, elastic fields

of dislocation cores can be considered as well within the framework of linear heterogeneous

anisotropic elasticity using force and dislocation dipoles [43, 44]. All these effects are related

to the crystallography and should refine the present results.

As mentioned in the previous section, elastic rotations induced by the dislocation array

were neglected in the simulations. The latter should however have some influence on the

interaction with GB since a change of the misorientation angle can lead to an increase or

a decrease of GB energy. Besides, it is also reminded that dislocations do not move in the

present simulations, only GB does. Hence, the Peach-Koehler forces on dislocations are only

zero at start and then evolve as the GB advances (Figure 5). At first, it can be assumed that

these Peach-Koehler forces are below the critical force for dislocation motion and hence it

is sound to consider that the dislocations remain motionless. However, it is clear that below

some distance to GB (Figure 5), the dislocations should rather become mobile. In case of

attractive forces for instance, dislocations should then have a ‘physical interaction’ with the

GB (absorption, transmission, locking, etc.), which is out of the scope of the present work.

Finally, for a real polycrystalline material, an issue is to know if it is the misorientation

between neighboring grains or the misorientation between the consumed grain and the mean

orientation of the matrix that matters the most. This certainly depends on the distance be-

tween the dislocation array and GB: at very short distances the effect of the neighboring grain

should prevail whereas at long distances the mean orientation of the matrix should have the

predominant effect.

5. Conclusions

In this work, numerical computations of image forces and stored energy are performed in Al

and Cu based on the Leknitskii-Eshelby-Stroh (LES) analytical formalism. GBs are consid-

ered as perfectly bonded planar interfaces that separate media of different crystallographic

orientations. Different configurations are studied, namely the growth of a strain free grain

within a recovered matrix containing a fixed array of identical edge dislocations in the case

of two typical misorientations and an edge dislocation parallel to GB in the case of 600000
representative misorientations for FCC crystals. The following conclusions can be drawn:

• A regularization procedure due to Lothe [28] that extend uniformly the Burgers vector

on the slip plane has been used successfully in heterogeneous anisotropic elasticity in

order to evaluate the elastic energy of a dislocation array.

• The motion of a grain boundary towards a fixed dislocation array in heterogenous

anisotropic elasticty can lead to an increase or a decrease of stored energy depending

if the elastic interaction between the dislocation array and GB is repulsive or attractive,

respectively.

• For a finite array of 20 identical edge dislocations and a GB motion over approximately

180 atomic spacing, the magnitude of the elastic energy variation is of the order of one

dislocation line energy for Al and six for Cu, which is significant in both cases.

• A same GB can exhibit attractions or repulsions of different magnitudes towards a

dislocation array depending on the nature of the dislocations.

• In FCC crystals, GBs around a 〈111〉 40˚ misorientation are among those that can

display the highest attractive forces on edge dislocations parallel to GB, which may
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make a link with results of growth selection experiments.
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