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Abstract

The origin and mechanisms responsible for incipient plasticity in metals are still poorly understood.
Moreover, the reasons for the recently reported large scattering of the initial pop-in load remain
unclear. Hence, this study addresses these issues through a combination of nanoindentation tests
and electron channeling contrast imaging characterisation considering a CrCoNi medium-entropy
alloy. Experimental findings were also supported by elastic calculations that consider both the
indentation and dislocation stress fields. A wide scatter in the maximum shear stress underneath
the indenter, as expected, was observed for the analysis based on dislocation density. As a
consequence, the spatial arrangement of dislocations within the indented region or local dislocation
configuration is introduced as a new parameter to overcome overly simple analysis based on the
dislocation density. The maximum shear stress underneath the indenter increased from 6 GPa for
dislocation closer to the indentation axis to 11 GPa at 600 nm for dislocation far away from it.
Additionally, elastic calculations revealed that the response to the incoming nanoindenter was
different for dislocations with different configurations. Thus, the complex interactions of stress
fields due to configurations of dislocations and indentation account for the large scatter of the

maximum shear stress beneath the indenter.
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List of abbreviations

CrCoNi alloy Chromium-Cobalt-Nickel alloy

HEA High entropy alloy

MEA Medium entropy alloy

ECCI Electron channeling contrast imaging

SFE Stacking fault energy

g Diffraction vector

P-h curve Load-displacement curve

R Nanoindenter tip radius

h Displacement depth during nanoindentation
P Applied load during nanoindentation

Tmax Maximum shear stress underneath the indenter
P, Pop in load

G Shear modulus

Tih Theoretical shear stress

HomND Homogeneous nucleation of dislocation
HetND Heterogeneous nucleation of dislocation

p Global dislocation density

Ploc Local dislocation density

PED Pre-existing dislocation



Dnd

RSS

MRSS

Distance between the nanoindentation axis and the
dislocations

Contact radius

Resolved shear stress

Maximum resolved shear stress

Mean distance between dislocations

Number of dislocations

Avrea of interest in the micrograph

nearest

Applied resolved shear stress necessary to nucleate a dislocation loop

on the active slip plane

Burgers vector

Critical loop radius

Dislocation core radius

Maximum pressure

Reduced modulus

Young’s modulus of the sample

Young’s modulus of the diamond nanoindenter
Poisson’s ratio of the diamond nanoindenter
Poisson’s ratio of the sample

Pop-in width

Pop-in depth

Projection of Ax, along the slip direction

Number of induced dislocations emitted below an indenter



T Temperature

e Euler number

Tij stress components of a point load applied on an elastic half-space
px.y) Surface pressure distribution

FCC Face centered cubic



1. Introduction

Contrary to conventional alloys with a single principal element and minor alloying elements, high
and medium entropy alloys (HEAs and MEASs) have multiple principal elements with equal or
nearly equal concentrations [1-2]. HEAs and MEAs have exceptional mechanical properties,
superior to those of conventional alloys [2-5] (e.g., CrCoNi MEA subjected to annealing after high-
pressure torsion with an average grain size of 600 nm exhibited an ultimate tensile strength as high
as 2 GPa[3]). One of the reasons behind the exceptional mechanical properties of the CrCoNi alloy
has been associated with its low stacking fault energy (SFE) (22 + 4 mJ-m™) [4]. The latter induces
deformation mechanisms that improve the alloy’s strength without affecting its ductility [4]. The
wide separation between Shockley partials (e.g., ~11 nm near edge type) initially encourages planar
glide and prevents cross-slip [4]. Mechanical twinning over an extended strain range, activation of
multiple slip systems, complex interactions between dislocations, dislocations and stacking faults
as well as dislocations and grain (or twin) boundaries increase the degree of the work hardening
rate, which simultaneously raise the strength and ductility [2-4]. Various parameters affecting the
strength of CrCoNi alloy (e.g., short-range order [5], grain boundary [6]) have been investigated.
For example, atomistic simulations have shown that an increase in the local chemical short-range
order increases SFE and thereby raises the activation barrier governing dislocation activities [5].
While it has been proposed in several studies that initial dislocations also affect strength by
controlling local plasticity [5-6], to our knowledge, the extent to which the density and
configuration of the initial dislocations affect local plasticity in CrCoNi alloy has not been explored

yet.

Besides measuring mechanical properties such as hardness and elastic modulus [7-8], instrumented

nanoindentation is also used to probe localised deformation responses at precise locations in



materials from micro-to-nanometer length scales [9-10]. In load-controlled nanoindentation tests,
one of these deformation responses is a pop-in that appears as a displacement jump on a load-
displacement (P-h) curve [11]. Some crystalline materials exhibit a single pop-in, whereas others
exhibit successive and multiple pop-ins [12-16]. In either case, the occurrence of the initial pop-in
is linked to various mechanisms such as phase transformation [17-18], fracture with crack initiation
and propagation [19], oxide film fracture [20], and dislocation-based mechanisms [21-25] among
others. In metals and alloys, dislocation-based mechanisms are widely used to explain the origin
of pop-ins. Accordingly, it is suggested that the pop-in marks the elastic-to-plastic transition
because values of the maximum shear stress underneath the indenter at the first pop-in
(zmax derived from the pop-in load, P,, see further Eq. 4 in section 2) is often in the range of the
theoretical shear stress (zy,), i.e., between G/25 and G/5 where G is the shear modulus [22-23, 26-
28]. From the values of z,,,,, it was initially proposed that homogeneous nucleation of dislocations

(HomND) is responsible for the initial pop-in [28].

The values of 1, are found to significantly vary for nanoindentation tests performed in materials
with different processing methods [21, 26], or deformation histories [15]. The variation of the
values of z,,,,, was initially linked to the global dislocation density (p). Shim et al. [26] carried out
nanoindentation in annealed, 20%, and 30% pre-strained Ni single crystals (i.e., with different p-
values). Figure 3a in [26] revealed that the annealed sample had the highest z,,,, while the 30%
pre-strained sample had the lowest z,,,,, for the same indenter radius. Furthermore, Zbib and Bahr
[15] placed nanoindents along dislocation pile-ups of a large micro-indent in a W single crystal.

They found that the values of 7, increased from ~13 GPa near the center of the micro-indent (for
nanoindents at ~5 um with a localised p = 1.8 10'* m2) to ~21 GPa far away from the micro-

indenter (for nanoindents at ~100 pm with localised p = 3.5% 10° m™?). Thus, it was proposed that,



in addition to HomND, the initial pop-in can also be caused by heterogeneous nucleation of
dislocations (HetND), i.e., nucleation assisted by pre-existing dislocations (PEDs) or activation of

pinned PEDs.

The change of 7, as a function of p seems to be relevant for the above cases. However, it fails to
explain the origin of the wide scatter of z,,,, observed when nanoindents are performed in the same
material with the same global p. For example, 7., ranges from 14 GPa to 21 GPa for
p =3.5%10° m? in [001]-oriented W single crystals [15], while the values of z,,,, vary between 4
and 10 GPa in the annealed FeCoCrMnNi alloy [21]. These results demonstrate that other
parameters are required, beyond the global p, not only to explain the origins of the wide scatter in
Tmax DUt @lso the mechanisms responsible for the initial pop-in. Such parameters include testing
temperature, crystal orientation, and local chemistry. Mridha et al. [22] performed nanoindentation
tests at 298 K, 373 K, and 473 K in CoCrNi, CoCrFeMnNi, and Alo.1CoCrFeNi alloys. They found
that the pop-in load decreased with increasing temperature, which demonstrates a thermally
activated process, where the low energy barrier for nucleation of dislocation is due to the weakening
of atomic bonds promoted by thermal expansion. Seo et al. [30] found z,,,, of 8.0 GPa and 10.1
GPa in the low SFE Mn austenitic steels for indentation in grains with [001] and [111] orientations,
respectively. The effect of local chemistry on incipient plasticity was studied by Hua et al. [31]
using atomistic simulations at 300 K. These authors found that dislocations are nucleated from

Cr-rich nano-clusters in a CrCoNi MEA.

The above parameters should be linked to the local configuration of defects near an indent.
However, it is tedious to determine the local dislocation microstructure near and below the visibility
domain of the indented regions. Theoretical models [23] and numerical simulations [32-33] were

used to tackle the above challenges. They suggested that the large scatter in z,,,, depends on the



probability of finding PEDs in the sampling volume. This probability is quantified using the mean

distance (L) between dislocations that is determined with L = 1/ \/Z. Using the results reported for

a coarse-grained CrCoNi alloy [23], with p=2.63%10"" m? determined by the modified
Williamson-Hall method, gives L ~195 nm. This L value is much larger than the tip contact
radius (a,, see further Eq. 6 in section 2), which is of ~52 nm. Consequently, there is a small
probability of finding PEDs in the indented regions, i.e., the initial pop-in is more likely to result
from HomND. Furthermore, L was also used to explain why the large indenter tip had lower z,,,-
values than the small indenter tip. The nanoindentation tests carried out with a large tip radius have
a large sampling volume, which is more likely to contain PEDs, whereas the sampling volume is
small and may not contain any PEDs with a small tip radius [26]. In agreement with L, Morris et
al. [32] used a statistical model assuming that an ideal z,,,,, (denoted z,,,,, ;) is required to initiate
the pop-in. If there is no defect in the sampling volume, then z,,,, = 7.« ; (the initial pop-in occurs
by HomND), and, if there is a defect, then z,,,, < 7.« 1 (the initial pop-in occurs by HetND).
Similarly, Engels et al. [33] developed a lower-order non-local crystal plasticity model, based on
geometrically necessary dislocations, to show that the presence of PEDs at some distance from the
indenter reduces t,,,,. The limitations of both p and L in explaining the pop-in lies in the fact that
they are based on theoretical/numerical predictions rather than actual experimental observations.
While the predictions can be relevant for simple configurations such as a homogenous distribution
of defects, it fails to explain the pop-in in cases of complex configurations of defects such as a pair
of dislocations, a dislocation dipole, or a wall of dislocations. These configurations are frequently

observed in plastically deformed alloys.

This is the background of the current study, where the results from the experiments

(nanoindentation tests and electron channelling contrast imaging (ECCI)) and elastic calculations



are reported.

. The elastic calculations are based on the
superposition principle in linear elasticity to compute the stress fields due to the indenter and
dislocations. They have two objectives. First, they are used to qualitatively explain and support the
analysis and interpretation of the experimental results. Second, they are used to assess the influence
of various configurations of dislocations such as a pair of dislocations or a dislocation dipole that

are not distinguishable in our experiments from ECC micrographs.

2. Material and methods

The material used in this study is the single crystalline CrCoNi MEA processed by the Bridgman
method as described in [34-36]. The cylindrical sample with a base diameter of 12 mm and a height
of 8 mm was initially cut at 90° from the growth axis. It was then subjected to mechanical polishing
down to 1 um using diamond suspension. It was finally chemo-mechanically polished with an
aqueous mixture of hydrogen peroxide and oxide suspension. Microstructures before and after
nanoindentation were acquired with the ECCI inside a Zeiss Auriga FIB-FEGSEM (Oberkochen,
Germany), with a working distance of 6.2 mm and voltage of 20 kV. ECCI is a powerful technique
that provides access to dislocation scale micrographs and allows the characterisation of crystalline
defects such as dislocations, stacking faults, and grain boundaries at a depth of ~100 nm below a
bulk sample surface [37-38]. Further details about ECCI allowing a fine characterisation of defects

are given in [39-43].

Instrumented nanoindentation was conducted using a sharp Berkovich indenter tip (Synton-MDP

AG, Switzerland) inside the Hysitron T1-900 nanoindentation machine (Bruker, USA). The load-
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controlled tests were carried out up to a maximum load of 500 uN and 1000 uN for 54 and 36
indents, respectively. Maximum loads of 500 uN and 1000 uN were utilized to determine if the
value of the maximum load had an effect on the initial pop-in load. According to the findings, the
maximum load did not affect the initial pop-in load. The indentation spacings of 3 um and 5 pum
for indents at 500 UN and 1000 uN were three times the lateral size of the residual imprints of 1
pm and 1.5 pm, respectively, to avoid the influence of one indent on the other [44]. A number of
30 indents were selected from the two arrays based on their locations inside the subgrains to ensure

that low-angle grain boundaries do not influence the nanoindentation test [45].

3. Results

3.1. Experiment

Figure 1a depicts a representative P-h curve for an indent in the single crystal. It shows that the
first part is purely elastic as it matches the Hertz elastic theory of a sphere in contact with a semi-
infinite space (see the red dashed curve in Fig. 1a). Indeed, in this theory, the applied load (P) is

governed by:

4
P= g1€r1/}z}z3 (1)

where h is the displacement of the nanoindenter, R is the nanoindenter tip radius, and E; is the
reduced elastic modulus. Assuming isotropic elasticity, E, is obtained from:

1 17 12 (2)

where E; (= 1141 GPa) and v; (= 0.07), E (= 235 GPa) and v, (= 0.31) are Young’s moduli and
Poisson’s ratios of the diamond nanoindenter and the CrCoNi MEA sample, respectively [46].

Therefore, E.~212 GPa from equation (2). Then, the average value of R obtained from equation (1)



is ~220 nm. On the P-h curve in Fig. 1a, the end of the elastic portion is characterised by an initial

pop-in that occurs at a load (P,) of 203.4 uN and a depth (%,) of 13.45 nm. The difference between
the beginning and the end of the pop-in is 6.91 nm and is referred to as the pop-in width (Ax,).
Both £, and Ah,, increase with the pop-in load as shown in Fig. 1b. This plot is consistent with the

ones reported by Schuh and Lund [47] in 4H SiC, P6hl [20] in polycrystalline pure iron and Sekido

et al. [24] in steels. The values of 4, are linked to mechanisms responsible for the initial pop-ins,
while the values of Ak, are related to the number N, of induced dislocations emitted below the

indenter in a subgrain with a given hkl orientation [48-49]:

_ Ay (3)

where Ahy,;; is the projection of Ahp along the slip direction and b is the Burgers vector.

The microstructures of the single crystals processed Brigdman method were reported in [45, 50-51].
Figures 2 display ECC micrographs before and after nanoindentation, along with a plot of
load-indentation depth. A majority of the dislocations are threading dislocations that appear as
spots with dark and bright contrast as shown in Figs. 2a-b, i.e., dislocations nearly perpendicular
to the observation surface [45, 52]. Threading dislocations do not go out of contrast under different
diffraction vectors, g unlike inclined dislocation [45]. In addition, the resolved shear stress on
threading dislocations due to the nanoindenter is very small, and thus threading dislocations are
unlikely to be pushed by the stress field of the nanoindenter. There are also a few slightly inclined
dislocations with contrast that starts with a bright spot at their intersections with the surface which
is followed by a line that progressively fades with the depth in a crystal (see red rectangle in Fig.
2a) [37,43, 53]. Moreover, thick bright lines (as shown by red arrows in Figs. 2a-b) correspond to
stacking faults. Stacking faults' contrast using ECCI has been modelled in [40,55] and observed in

[45,54]. Initially appearing as a bright and intense line at the intersection with the sample surface,
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it rapidly dissipates and demonstrates weak, yet distinctive oscillations that result from the profiles
of backscattering electron intensity across the faults. The amplitude of oscillations decreases as the
distance from the stacking fault and surface intersection increases. This phenomenon is attributed

to Bloch wave absorption [40, 55].

The local pre-existing dislocation density (p, ) can be estimated using Figs. 2a-b. Generally, it is

calculated as a ratio of the number of dislocations (n) intersecting the surface over an area (A) [56].

Since there are mainly threading dislocations, p,  =n/A. Using dislocations enclosed by red circles
as references, the p,  value is estimated by superimposing the microstructure before and after

nanoindentation and drawing a circle around the plastically deformed zone after nanoindentation
(a region bounded by a bright region on an ECC micrograph), and then counting n in that zone

before nanoindentation (see white circles in Figs. 2a-b).

Since the distribution of preexisting dislocations is known before nanoindentation, the distance
between the indentation axis and the nearest dislocation (D,q) is introduced as a new spatial
parameter beyond p, . It was measured using two steps. Initially, the two micrographs before and
after nanoindentation from the same location are superimposed to locate the center of the residual
nanoindent on the micrograph before nanoindentation (Fig. 3). Then, D,4 is measured by
considering the closest visible dislocation to the center of the residual imprint (Figs. 3a and c).
Given that the threading dislocations are nearly parallel to the indentation axis and that the pop-in
depth 4, is lower than 17 nm in our experiments, whereas the defect observation depth of ECCl is
~100 nm [57], it is reasonable to assume that the observed dislocations at the surface from ECC

micrographs are those that may affect the indentation response.
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The values of P, decrease with increasing values of p, _as depicted by the curve in Fig. 4a. This

trend is consistent with a power-law relationship of the form, P, ~3.1 x 10° Xp&” . The reason for
the general decrease of the initial pop-in load with the localised dislocation density has been
explained theoretically from the increase in the probability to find PEDs in the indented volume
(see the introduction). PEDs have their own stress fields that contribute to the stress fields coming
from the nanoindenter. For instance, the high p, lead to lower P, due to the interaction between
stress fields from the incoming indent and stress fields from one or more PEDs in the indented
regions. Nucleation of dislocations occurs heterogenous by multiplication and motion of PEDs. On
the other hand, P, increased when p, ~decreased because there were no PEDs present in the
indented regions or they were too far from the indented regions to have a substantial impact. Thus,
nucleation of dislocations occurs homogeneously at high P, . A detailed figure that corresponds to
Fig. 4a has been added in supplementary data as Fig. S1.

Slightly different power-law relationships of the form, P, = p™> (p being determined as the
density of etch pits) and P, =s X p %5 + ¢ (where s and t are constants, p being the density of
Frank-Read sources that are randomly distributed throughout the simulation box) were previously
reported in [15,49]. The dislocation activation model used in [15] was limited by two fitted
experimental data points and a range of p from 1 X 10" m to 2 X 10'> m™. Employing a three-
dimensional dislocation dynamics-finite element method simulator, Crone et al. [49] improved the
number of data points to four and a range of p from 1.25 X 10> m? to 8 X 10" m™. However,
the number of data points was still too low to define a reliable power law for the relationship
between p and P,. Although one can argue that p and P, are linked by a power-law based on
experimental and numerical results in the literature, these results are limited in terms of p range to

produce an acceptable and reliable fitting model. Our results clearly show a very strong trend
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between the measured P, values and p even if further experiments with access to a wide range of

p, for example 107- 10" m™ , are needed to capture the scatter.
Given Py, the maximum principal shear stress ,,, beneath the surface can be estimated using a
standard Hertz normal contact theory assuming isotropic linear elasticity [58]. From the expression

of the maximum pressure p,, (see [58], Chapter 4, p. 93), 7, is given by:

: 4
6E§Pp>3 ®

Tmax = 0.31 p, with p = (W
Replacing P, values, the resulting values of z.,,, are between 6 and 11 GPa which are within zy,
range, i.e., G/25 = 3.6 GPa and G/5 = 18 GPa (G = 90 GPa for CrCoNi [46]). These values are
comparable to z,,,,, between 5.2 GPa and 9 GPa obtained in the coarse-grained CrCoNi alloy [22].
These values suggest that the incipient plasticity may be related to the nucleation of dislocations
[21-25]. To assess the HomND, a model developed by Hirth and Lothe [59], expanded by
Michalske and Houston [60], and Chiu and Ngan [61] was used. In the latter, the applied resolved
shear stress on the active slip plane (z.) required to nucleate an edge dislocation loop of critical

radius, r., and where b is perpendicular to the loop plane at 0 K was given by [62]:

__ Glp (5)
(1-v)mer,

Tc
where r, is the dislocation core radius (r, reasonably lies in the range |b| to 4|b| [58]), v is the
Poisson s ratio and e is the Euler number and r.= ery/2). The derivation of equation (5) from the
free energy of formation for a dislocation loop in the presence of applied shear stress has been
treated in Ref. [63]. By replacing relevant values for CrCoNi MEA and assuming r, = 2|b| [58],

|b|= 0.253 nm, 7. is around 7.6 GPa which is equivalent to z,,,, at 0 K. At room temperature, the

thermal contribution lowers t,,,,, because nucleation of dislocation is a thermally activated event
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[64-65]. To our knowledge, no studies in the literature quantified the variation of z,,,, with
temperature in CrCoNi MEA. Hence, we rely on studies on CrMnFeCoNi alloy to link z,,,,, at 0 K
and room temperature because they have a slightly comparable crystal structure, chemical
complexity, and mechanical properties [4]. Relying on nanoindentation tests at 295 K, 325 K, 373
K, and 423 K as well as extrapolation, Zhu et al. [29] came up with a rough relationship
Tmax = -0.00728T + 8.01 where T is the temperature in K. Using the relation, z,,,, at 293 K is
approximated to 5.5 GPa which is still within the range of z,y,.

Moreover, a plot of 7, against p, = (Fig. S2 in supplementary data) shows the same trend as P,
against p, . A close look at the plot reveals that 7, can take significantly different values for the
same values of p ., for example, 7., takes the value of 7GPa or 10GPa for

Proc = 1.37 X 10'2 m™. This scattering in the 7., values have been also reported in [10].

A plot of 7., against D, 4 depicted in Fig. 4b shows that z,,,, increases with D,4 following a power

law of the form: z,.,, ~ 4.8 X D%, The area beneath the indenter tip at z,,,, is calculated from the

contact radius a, obtained from Hertz’s normal contact theory [58]:

(6)

1
3P R\3
aC:( AE )

Replacing values from the experiment, the average a, is between 45-55 nm. Given this small a.,
HomND seems to be responsible for the initial pop-in for the nanoindent at D,,4 > 400 nm and 7,
approaching z,,. The decrease of z,,,, when D, 4 becomes smaller has been linked to HetND due to
PEDs, stacking faults, impurities, etc. The first mechanism states that incipient plasticity occurs by
the activation of PEDs, when the latter are mobile [58]. The second mechanism occurs by HomND

but the pre-existing stress field reduces both maximum principal shear stress z,,, and 4,. Even if

only one nearest dislocation is considered for micrographs in Fig. 3, the ECC micrograph in Fig.
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3a shows that there are other dislocations at distances close to D, ; which may additionally increase
the pre-existing shear stress beneath the indenter.

Figure 5a shows a detailed plot of Fig. 4b. The four square-shaped points show nanoindents that
were placed where the nearest dislocation configuration (see red ellipsis in Fig. 3c) was either a
pair of dislocations (two parallel dislocations with the same b (see the schematic in Fig. 5b)) or a
dislocation dipole (two parallel dislocations with opposite b (see the schematic in Fig. 5¢)). These

nanoindents exhibited higher high P, (Fig. 3e) and z,, than their counterparts at the same Dna.

3.2. Stress field calculations
Three-dimensional (3D) elastic calculations were performed using the principle of superposition in
linear homogeneous isotropic elasticity. The resolved stress field at an arbitrary point (X, Y, z) is

assumed to be the sum of the indentation and dislocation stress fields. The stress fields generated
by the axisymmetric nanoindenter under contact with the surface are obtained by employing a
double integration on the spherical contact surface with the hypothesis that the real contact area
between the indentation tip and the surface can be treated as circular. The integrals are derived
from Johnson’s contact mechanics-based equations (3.19) [58]. These equations describe the stress

components (a;) of a point load applied on an elastic half-space. The ratio of the stress components
at some arbitrary position (x, y, z) to the maximum contact pressure p_ is thus calculated using the

following integration [58,65]:

~ /X z

WELD ey

_— < CZJ f f’(X;Y)Gij(_'X’_'Y5_>rdedr
P, o Jo A 4

C C

(7)

where x> = r cos ¢, y’ = r sin ¢, the components of ; are reported in the Appendix and the

maximum contact pressure p_for a circular contact of radius a, was reported in equation (4). It
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describes the elastic regime until the incipient plasticity occurs during loading. The surface pressure

distribution, p(x',y), is computed from the following relation:

o ®

f)(xyoyy) = [1- 612

C

The stress fields due to an infinite straight-edge dislocation in a homogeneous infinite medium are
well-known in isotropic elasticity, see, e.g., the expressions in [58]. The dislocation self-stress field
is considered to be zero at the dislocation position. The dislocation core radius is assumed to be
|3b] [56]. Moreover, the dislocation is regarded as an infinite straight line parallel to zwhere x and
y are the contact surface in an orthonormal cartesian frame, as shown in Fig. 6. The parameters
used for the calculations are displayed in Table 1. The elastic constants of the sample and the
diamond tip are given in Section 3.1.

A 3D volume was chosen for the calculations. The loading force (P, in equation (4)) was gradually
increased for either indentation alone or indentation with different dislocation configurations until
the maximum resolved shear stress (MRSS) reaches a preset value of 11 GPa, which corresponds
to the maximal value of z,,,,, observed experimentally (see Figs. 4b and 5). In the calculations, the
value of the resolved shear stress (RSS) is assumed to be obtained using a Tresca-like criterion as
half the difference between the maximal and minimal principal stresses. The incremental step of
P,is 1 uN. The P, values that give the MRSS for different combinations of dislocations and
indentation are used to calculate z,,, using equation (4). Of the numerous possibilities of
dislocation configurations, we have limited ourselves to the cases of a single dislocation, a pair of
dislocations, and a dislocation dipole. These configurations are placed at pre-defined distances
from the position of the nanoindentation axis. A contour plot of the RSS field in the x-z plane due

to indentation alone showed that the MRSS occurs at a depth of ~25 nm (Fig. 7a), which is
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consistent with a theoretical value of ~ 0.48a, [66]. Figure 7b depicts the distribution of the RSS
at a depth of ~ 25 nm in the x-y plane for indentation stress field alone. It shows that the MRSS is
located at the indentation axis and the magnitude of the resolved shear stress decreases moving
away from the center.

Figures 7c-d show infinite straight-edge dislocations with b = %2 [10-1] and b = %2 [011] placed at
the indentation axis. By comparing the contour plots of nanoindentation plus a dislocation with
b =% [10-1] (Fig. 7c) and a dislocation with b = %2 [011] (Fig. 7d), it is observed that different
Burgers vectors yield different distributions of RSS and position of MRSS. For the case of two
dislocations, e.g., a pair of dislocations or a dipole, they were placed 2 nm apart. For two
dislocations at (0,0) nm and (2,0) nm with b =+ % [10-1], the contour plots showed different
interactions of its constituent dislocations (Fig. 7e-f). The MRSS position was around the edge of
the dislocations at (2,0) position for a pair of dislocations, whereas it was between the two
dislocations for a dipole.

Fig. 8 displays 7., against Dng for different configurations of dislocations. It shows that with some
dislocation configurations, with the increase of the distance between the dislocation and the
indentation axis, 7.,y first slightly decreases (over a small distance, except for the dislocation
dipole case) and then increases when the dislocation goes far away from the indentation axis. This
result is in qualitative agreement with Fig. 4b. The curve starts to level off at a distance of around
55-65 nm, beyond which only the indentation stress fields contribute to z,,,. The zoomed transition
area (see Fig. 8) shows that the transition distance and the corresponding z,,,, are different for
different dislocation configurations, even if the differences are weak. However, it should be
highlighted that the maximum value of 7, is reached at much smaller Dng values than in the

experiment (see Figs. 4b and 5).
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4. Discussions

ECCI characterization offers micrographs at the dislocation scale, both before and after
deformation, facilitating an investigation into the effect of local microstructural features on the
localised plastic deformation in a CrCoNi MEA. Previous studies relying on the global dislocation
density showed a wide scatter of values of maximum shear stress underneath the indenter (z,,,) in
different metallic materials [15, 21, 26]. Like previous studies based on global dislocation density,
the results of our study indicate that the values of z,,,,, decrease as the local dislocation density

(p,,. ) increases. The potential explanation supported by our ECC micrographs in Figs. 2 and 3 is

that during nanoindentation, there are more dislocations interacting with incoming indent in a

region with a high p,_ when compared with a region with a low p, . Nevertheless, we noticed
also a significant difference in the values of <,,, for the same values of p, . Upon close
examination of the ECC micrographs, it was observed that there were varying spatial
configurations of dislocations within the indented zone despite having the same values of p, .
Such observation highlights the need to go beyond p,  in order to determine the underlying causes

of the wide scattering of the values z,,,y.

The distance between the nanoindentation axis and the nearest defect (Dng) Wwas determined from
on the spatial configuration of dislocations observed in ECC micrographs. While the values of z,,,,,
increase with Dng, there are still a noticeable a scatter of data. However, the scatter was not as
significant as the case p, . . While our primary focus was on measuring Dn¢ at the nearest
dislocation, it is essential to recognize the influence of other dislocations closer to Dng ON
nanoindentation tests. Furthermore, it is likely that vacancies exist within the indented regions

where dislocation nucleation can occur [63]. This is because there are few sinks available for
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vacancy annihilation during cooling to room temperature for single crystals [63]. Temperature was
also reported to reduce the values of z,, by lowering the activation energy barrier for dislocation
nucleation [29, 64]. Therefore, it is possible that the complex and multiple interactions between
incoming nanoindenter with defects such as vacancies, stacking faults, and other dislocations at
varying distances from the indenter enhanced by temperature rise is responsible for the scatter of

the values of z,,,.

It is very difficult to isolate the effect of a single microstructural feature such as a single dislocation
during a nanoindentation experiment. Thus, elastic calculations were used because it allows us to
solely assess the effect of dislocation at a pre-defined distance from the indentation axis (Dna)
without the effect of other parameters (perfect crystal). They globally showed that the apparent
Tmax INCrease with Dng Up to a certain distance which agrees with the experiment. Moreover, they
show that the values z,,,,, are affected the nature of dislocations (e.g., different burgers vectors) as
well as their configuration (e.g., pair of dislocations or dislocation dipole) (see Fig. 8). While elastic
calculations provided insights for simple configurations, it may be interesting in future studies to
look at the influence of complex configuration such as arrays of dislocations (low angle grain
boundaries or pile-ups), different dislocation densities with random distributions (concomitant
contribution of multiple dislocations at different distances to the indentation axis), etc. Our elastic
calculations revealed that beyond Dng, the nature and configuration of dislocations play a role in

the wide scatter of values of 7.

While experimental z,,, marks the elastic-to-plastic transition, it does not specify which
mechanism is responsible for it. However, present elastic calculations and experimental results
show that it is due to dislocation-based mechanisms as reported in the literature [23-24, 66-67].

Initial p-based explanations for mechanisms for the pop-in that relied on the probability of finding
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PEDs below the indenter [10] failed to explain a wide distribution of z,,,, in the regions with the
same p. Indeed, the probability of finding PEDs increases with p if it is assumed that PEDs are
homogeneously distributed, which is not always the case. Thus, the p-based explanation only
partially explains the pop-in because it does not consider the case where dislocations have a
particular configuration, especially their polarity or the distance between individual dislocations (a
single dislocation, a dislocation dipole, or a pair of dislocations) beneath the indenter, nor the case
where a dislocation or multiple dislocations are at different distances from the indenter. Our study
shows that the wide statistical distribution z,,,,, and mechanisms responsible for the pop-in are
mainly rooted in the nature and local configuration of dislocations or/ and other defects as well as
their relative position to the nanoindentation axis. However, more than one dislocation along with
other defects such as point defects affect the value of z,,, which makes it difficult to isolate
individual cases. Based on both the experiment and elastic calculations, there are two cases. When
the PED is close to the indentation axis, z,,,, occurs at the position of dislocation, i.e., incipient
plasticity is due to activation of the PED. When the dislocation is far away from the indentation
axis t,,,x approaching zy;, occurs at the indentation axis, i.e., incipient plasticity is due to

homogeneous nucleation of dislocations.

5. Conclusions

Electron channeling contrast imaging (ECCI), nanoindentation test and elastic calculations were
used to investigate the effect of nature and spatial configurations of dislocations on the scattering
of the maximum shear stress beneath the indenter (z,,,,) and possible mechanisms of incipient

plasticity in CrCoNi medium entropy alloy. The main conclusions of this study are as follows:
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e The values of z,,,,, decreases with increasing pioc . However, a scatter was observed indent
placed in the region with the same pioc , i.€., cannot explain the origins of the scatter of the
values of z,,,,.

The reasons for the wider scatter of the values of z,,, are complex interactions of stress
fields due to the nature and spatial configurations of dislocations and possibly other defects
pre-existing in the indented zone.

e Mechanisms responsible for the initial pop-in are homogeneous and heterogeneous
nucleation of dislocations, which are controlled by D,4 and different nature and
configurations of defects near the indentation axis.

This study reveals that an initial pop-in is a complex event that is concomitantly controlled by a
wide range of local microstructural features. While this study emphasizes the role of static and
simple dislocation configuration, other defects such as vacancies, and crystallographic orientation
may play a role in the initial pop-in load. Therefore, further experimental or elastic calculation
studies incorporating all or some of these complex microstructural features are needed to
understand plasticity induced by nanoindentation in metallic materials. This study has partially
clarified the origin and mechanisms in the earlier stages of plasticity in MEAs and HEAs. It also
provides insight into the local plastic deformation of low SFE materials such as austenitic stainless

steels.

Appendix
Stress components at some arbitrary position (x, y, z) due to a concentrated normal point force p,

acting on the surface of an elastic half-space are given by contact mechanics equations of Johnson

[62] and has been reported by Caér et al. [65].
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Figure 1. (a) A typical load-displacement curve on a single crystal for a maximum load of
500 uN. The red dashed line represents the fit to the theoretical Hertz elastic contact solution. (b)

A plot of the initial pop-in load (P,) against the pop-in depth (%,) and pop-in width (A#,) for
several indentations in the single crystal.
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Figure 2. ECC micrographs of localized microstructure (a) before and (b) after nanoindentation.
Red circles in Figs. 1a-b enclose reference dislocations that are used to show that the two images
are taken in the same region. Red arrows show stacking faults. White circles show the regions from
which p, is determined. Red rectangles show non-threading dislocations. (c) Plot of load-

indentation depth for nanoindentation in Fig. 2b.
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Figure 3. ECC micrographs (a) before and (b) after nanoindentation up to a maximum load of
500 uN for diffraction vector, g = (200). The blue segment represents the distance between the
nanoindentation axis and the nearest dislocation (D,4). Red circles are reference dislocations that
show that the micrographs were taken in the same region. ECC micrographs (c) before and (d) after
nanoindentation for interacting dislocations. Red ellipses enclosed the interacting dislocations that

can be either a pair of dislocations or a dislocation dipole. (e) Plots of load-indentation depth for
nanoindentation in Figs. 3b and 3d, respectively.
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Figure 4. (a) A plot of the initial pop-in load (P,) against the pre-existing local density of
dislocations (p, . )- (b) A plot of the maximum shear stress at the pop-in (z,,,,) estimated by
equation 4 against the distance from the indentation axis to the nearest dislocation (D,4). Bars in
(a) are built based on the mean * standard deviation of P, for each p, value. Bars in (b) are built

based on the mean + standard deviation of 7, for each D4 value. The detailed Figs. 4a-b are
depicted in Fig. S1 (supplementary data) and Fig. 5a, respectively.
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Figure 5. (a) A plot of maximum shear stress at the pop-in (z,.) against distance from the
nanoindentation axis to the nearest dislocation (Dng). It shows the difference between single
dislocations and the configuration of dislocations represented in (b) a pair of dislocations and (c)
for a dislocation dipole. The symbols L are used to mark the positions of dislocations and do not

refer to their type.
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Figure 6. A Schematic representation of dislocation configurations used for the stress field
calculations: (a) plane x-z showing a pair of dislocations with a line direction parallel to z, (b) plane
x-y showing Burgers vector (b) of a pair of dislocations at a 54° to x. Dislocations are marked by
the edge dislocation symbol and the arrow shows the direction of the Burgers vector. The right-
hand/finish-start convention was used to represent dislocations.

Table 1. Materials parameters used for elastic calculations

Parameters Values

Materials CrCoNi single crystal
Orientation [001] // z

Crystal structure Face Centered Cubic (FCC)
Lattice parameter (nm) 0.357

Burgers vector magnitude (|b|, nm) 0.2524
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Figure 7. Contour plots showing the distribution of RSS due to (a-b) indentation alone, (c-d)
indentation and a single dislocation with b = %2 [10-1] and b = %2 [011] (e) indentation and a pair
of dislocation with b = %2 [10-1], (f) indentation stress and a dipole with (b = % [10-1] and
b = % [-101]). The purple-red circle and diamonds linked by a line show the positions of the center
and the MRSS value. The dislocation core region is defined as the cut-off radius, , = 3|b|. The r,
is estimated as a value that gives reasonable values of z,,,, comparable to experiments.
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Figure 8. A plot of maximum shear stress (z,,,x) against distance from the nanoindentation axis to

the nearest dislocation (Dng) for different configurations of dislocations obtained from stress field
calculations.
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