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RESUME FRANCAIS

Préambule

Ces travaux de these ont été financés par ArcelorMittal Maiziéres Research SA et le CNRS dans le
cadre d'une convention de recherche. Les expériences de ce travail ont été réalisées a I'Institut Jean
Lamour (MET), a ArcelorMittal (MEB) et sur la ligne de lumiére synchrotron DESY a Hambourg dans le
cadre d'un projet DOOR.

Introduction

Les aciers Dual Phase (DP) sont tres utilisés sous la forme de toles minces dans l'industrie
automobile en raison de leur excellent compromis résistance/ductilité et donc pour leur potentiel
d’allegement.

Les aciers DP présentent stricto sensu une microstructure biphasée, constituée d’'une matrice
ferritique de morphologie polygonale (polycristalline) et d’'un réseau d’ilots martensitiques riches en
carbone. La fraction de cette derniére phase peut étre trés variable d'un acier DP a un autre (de 5 a 15%
typiquement) en fonction de la résistance visée. En premiére approximation, les aciers DP peuvent étre
vus comme des microstructures composites avec une matrice ferritique molle et des renforts
martensitiques durs. En pratique, il est important de noter que les aciers DP industriels peuvent aussi
contenir une fraction significative de bainite.

I est bien établi que les propriétés mécaniques de traction des aciers DP dépendent
principalement de leur fraction de martensite et de leur teneur en carbone. Allain et al. [ALL'15] ont
montré par exemple, que la sensibilité de la résistance mécanique a cette fraction pouvait attendre 15
MPa.%! pour un acier bas carbone. Cette forte sensibilité explique la flexibilit¢é de ce concept
microstructural pour atteindre une large gamme de propriétés mécaniques.

La nature composite des aciers DP explique aussi leur faible et souvent imprévisible résistance a
I'endommagement (rupture, ténacité). Cette derniére propriété dépend de la nature et de la fraction des
phases mais aussi de leurs tailles, de leurs morphologies et leurs distributions spatiales. Pour un fabricant
d’aciers, Il est donc important que non seulement la fraction de martensite soit parfaitement respectée
lors de I'élaboration d’un acier DP, mais aussi que 1'on puisse mettre sous contréle d’autres parametres
comme la morphologie ou la topologie des microstructures.

Les bobines d’aciers Dual-Phase industriels de faible épaisseur sont élaborées par coulée
continue, laminage a chaud et froid suivis d’un recuit continu. Cette derniere étape de recuit est I'étape clef
pour la formation des microstructures DP. Durant ce traitement thermique, la bande est chauffée puis
maintenue dans le domaine intercritique pour former une microstructure ferrito-austénitique avant un
refroidissement au cours duquel l'austénite se transforme principalement en martensite. La
morphogénése de la structure ferrito-austénitique conditionne donc en grande partie les propriétés
finales du produit.



Les bandes aciers soumises a ce recuit sont issues d’'un processus de laminage a chaud et a froid.
Elles présentent donc une microstructure ferrito-perlitique déformée (NB: la perlite est une famille
lamellaire de ferrite et de cémentite). Différents mécanismes seront donc a I'ceuvre lors du recuit
intercritique d’une telle microstructure, comme la maturation de la cémentite, la restauration et la
recristallisation de la ferrite et la transformation austénitique. Comme tous ces mécanismes
métallurgiques sont susceptibles d’interactions, ils sont extrémement sensibles a la vitesse de chauffe
utilisée [HUA’04].

Dans les mécanismes précités, 'élément d’alliage manganese joue un role clef. Gouné et al.
[GOU’12] ont montré par exemple que si la cémentite est fortement enrichie avant la transformation
austénitique, les cinétiques de dissolution concomitantes de cette derniére s’en trouvent fortement
réduites. En conséquence, les mécanismes actifs lors du recuit dépendront de I'état de la microstructure
élaborée en tole a chaud, ce que I'on appelle un effet d’héritage.

Dans ce travail de thése, nous avons donc cherché a caractériser in situ ou a différentes échelles
ces mécanismes métallurgiques, a comprendre leurs interactions grace a des modeles thermocinétiques et
a proposer des modeéles opérationnels afin de piloter une possible production industrielle.

Ce manuscrit est divisé en 5 chapitres. Nous ne présenterons pas de chapitre dédié a I'étude de la
bibliographie compte tenu du grand nombre de mécanismes en jeu. Nous avons fait au contraire le choix
de proposer des états de l'art et des discussions sur chacun d’eux dans les chapitres qui leur sont
consacrés.

Aprés un premier chapitre dédié aux techniques expérimentales et de modélisation utilisées, le
second chapitre de ce travail s’intéresse principalement a la caractérisation expérimentale en microscopie
électronique a balayage (MEB) de la morphogénese des microstructures ferrito-austénitiques. Le
troisieme chapitre est une étude détaillée en Microscopie Electronique a Transmission (MET) et par
modélisation thermocinétique (ThermoCalc, DICTRA) de la composition des carbures tout au long du
processus, du laminage a chaud au recuit. Restauration et recristallisation sont étudiées au chapitre 4
principalement par Diffraction des Rayons X a Haute Energie (DRXHE) in situ sur ligne de lumiére
synchrotron et modélisées par une approche originale a champs moyens. Enfin, le chapitre 5 propose une
étude thermocinétique sous DICTRA pour comprendre les cinétiques de transformation austénitique en
fonction des vitesses de chauffe. Cette approche est novatrice a plusieurs titres : elle repose sur la prise en
compte des carbures intergranulaires de la ferrite, elle a été conduite en conditions réellement
anisothermes et elle propose une analyse fine des conditions d’interface (transition LE/LENP) associées
au manganeése, élément clef de la composition de ces alliages.

Chapitre I : Techniques expérimentales et de modélisation utilisées

Le chapitre présente les techniques expérimentales et de modélisation commerciales utilisées
dans ce travail de thése.

L’acier étudié a été fourni par le partenaire industriel de cette étude sous la forme d’'une téle a
chaud industrielle. Ce semi-produit est destiné a la production d'un acier DP600 et présente la
composition suivante : Fe-0.1C-1.9Mn-0.2Cr-0.2Si (en % massique). Pour les besoins de I'étude, I'acier a
été laminé a froid en laboratoire a deux différents taux de réduction (30 et 60%). Les simulations de recuit
ont été conduites sur des dilatometres, pour permettre des observations métallographiques ou pour
réaliser des essais in situ.

Les échantillons issus de ces traitements thermiques ont été observés soit en MEB (JEOL JSM-
IT300 / XL-30 FEG-SEM) conventionnel apres attaque (chapitre 2) ou par EBSD (chapitre 4), soit en MET
(chapitre 3). La MET (JEOL ARM 200F FEG) a principalement servi a mesurer les gradients de composition
en éléments d’alliage dans les carbures en EDX, donc a l’échelle nanométrique. Une autre partie
importante de ce travail de these a été conduit par DRXHE sur ligne de lumiére synchrotron (DESY Petra-
III ligne P-07 a Hambourg) pour suivre in situ les processus de restauration, recristallisation et
transformation de phase au cours de recuits de notre acier [MOR'18]. La DRXHE a été réalisé en
transmission selon une configuration de diffraction de poudres en lumiére monochromatique (100 keV)
avec un détecteur 2D pour capter des anneaux de Debye-Scherrer complets. Le flux incident et la qualité
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du détecteur utilisé permettent une fréquence d’acquisition de 10 Hz et donc de suivre en temps réel les
évolutions métallurgiques de nos échantillons lors du recuit. Les techniques de dépouillement des
spectres de diffraction pour caractériser les phases en présence sont aussi détaillées dans ce chapitre
(intégration circulaire, affinement Rietveld principalement).

La seconde partie de ce chapitre est consacrée aux techniques de modélisations thermocinétiques
commerciales utilisées. Dans ce travail, nous avons principalement fait appel a ThermoCalc et DICTRA
dans leurs versions 2017a et aux bases de données TCFE9 pour les équilibres et MOBFE2 pour les
mobilités. Ces deux logiciels ont été principalement utilisés dans le chapitre 3 pour étudier les
mécanismes en enrichissement en manganése des carbures entre le laminage a chaud et le recuit et dans
le chapitre 5 pour étudier la transformation austénitique et la dissolution des carbures.

Chapitre II : Morphogéneése des microstructures lors d’un recuit intercritique

Le second chapitre de cette thése aborde la morphogenése de la microstructure ferrito-
austénitique pendant le recuit intercritique de la microstructure initiale ferrito-perlitique laminée a froid,
c'est-a-dire des différents mécanismes métallurgiques et de leurs interactions expliquant la morphologie
et la topologie des phases apreés transformation.

Il s’agit d'un sujet clé pour les sidérurgistes parce que les configurations des installations
industrielles sont telles que les interactions peuvent étre faibles ou fortes selon la technologie de
chauffage utilisée. La microstructure de ferrite/austénite présente une configuration « en collier » apres
chauffage lent, alors que la microstructure est « en bande » apreés un chauffage rapide.

Les microstructures ferrito-perlitique de cette étude sont produites lors de I'étape de laminage a
chaud par décomposition de 'austénite a haute température. La perlite lamellaire se forme sous la forme
d’ilots apreés la transformation ferritique pro-eutectoide et juste avant I'étape de bobinage de chaud. Ces
deux transformations s’accompagnent aussi de la précipitation de carbures isolés entre les grains de
ferrite dont les mécanismes sont peu étudiés. Dans l'acier de notre étude, environ 1/3 du carbone de
I'alliage est présent dans ces carbures qui jouent, selon nous, un grand roéle dans le processus. Notre acier
apres laminage a chaud présente des tailles de grains ferritiques de I'ordre de 5 um, une fraction de perlite
lamellaire de 16 % avec un espacement interlamellaire de 82 nm. Les ilots perlitiques se trouvent
généralement dans des zones ségrégées positivement en manganése (typiquement 2.2 %Mn au lieu de
1.9% en nominal) issue de la solidification. Les carbures isolés intergranulaires se présentent
principalement sous la forme de filaments avec une taille équivalente de 90 nm environ.

Le laminage a froid induit une déformation plastique sévére des phases en présence (120% de la
ferrite et 67% de la perlite, soit 106% en moyenne) et s’accompagne d’'une fragmentation des carbures
lamellaires. Ces carbures se retrouvent alors distribués autour des grains de ferrite déformés et donc
principalement alignés dans la direction de laminage.

Notre état de I'art montre qu’il n'y aucun consensus a I’heure actuelle sur comment interagissent
les mécanismes a I'ceuvre pendant le chauffage (maturation des carbures, germination et croissance de
I'austénite, germination et croissance des grains de ferrite recristallisés) et comment ils conduisent aux
différentes morphologies observées. Mémes les modeles a champs locaux ne permettent pas d’expliquer
toutes les observations expérimentales. Dans les années 80, les travaux pionniers de Garcia et al. [GAR’81]
ont montré que la germination de I'austénite dans les aciers Fe-C-Mn déformés se produisait tout d’abord
sur les joints de grains de la ferrite, avant la transformation des ilots perlitiques. Huang et al. [HUA’04]
considerent par exemple que la nucléation ne peut se produire que sur les joints de grains recristallisés et
donc sur des interfaces immobiles. Thomas et al. [TOM’18] et Chbihi et al. [CHB’14] au contraire suggerent
une nucléation sur des sous-grains et sur des particules de cémentite et Li et al. [LI'13] sur les carbures
aux joints de grains ferritiques, en particulier aux joints triple. Selon les différents auteurs, la croissance
de ces grains austénitiques peut étre favorisée par une diffusion du carbone élevée soit dans les grains
déformés de ferrite, soit aux joints de grains. Tous les auteurs s’accordent par contre sur le fait que la
réversion de la perlite est tres rapide et que l'austénite ainsi formée conserve la morphologie en bande
des ilots perlitiques quelles que soient les conditions de chauffage.
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Nous avons donc conduit notre propre étude microstructurale systématique en MEB, pour
comprendre comment les microstructures évoluent de fagon qualitative en fonction de la température
selon deux vitesses de chauffe. Ce chapitre introduit tous les concepts nécessaires pour comprendre les
études détaillées dans les chapitres suivants ; 'évolution de la composition des carbures au chapitre 3, la
recristallisation au chapitre 4 et la transformation austénitique au chapitre 5.

Au cours du chauffage, les microstructures ferrito-perlitiques subissent de fortes évolutions avant
toute transformation austénitique. Pour les deux vitesses de chauffage considérées (3 et 30°C.s1), les
lamelles de cémentite dans la perlite se fragmentent et se sphéroidisent rapidement. La coalescence des
carbures commence tout juste a 700°C pour les faibles vitesses de chauffe. A faible vitesse de chauffe, la
ferrite est quasiment recristallisée a 700°C. La population des carbures dans la matrice ferritique semble
avoir été redistribuée mais les plus gros carbures se situent toujours en position intergranulaire. A forte
vitesse, la matrice commence tout juste a recristalliser a 700°C. Les carbures isolés de la matrice ont
sphéroidisé mais peu évolué en termes de distribution et se situent toujours principalement aux anciens
joints de grains de la ferrite déformée.

Quand la microstructure ferrito-perlitique est chauffée lentement (3°C.s'') dans le domaine
intercritique, la germination de l'austénite commence aux joins de grains ferritiques de la matrice
recristallisée vers 710° C, apparemment sur les carbures intergranulaires, méme si nous n’apportons pas
de preuve définitive. La croissance des grains est favorisée par la diffusion aux joints de grains qui
produisent dans certains cas des morphologies en films. La nucléation de nouveaux grains et leurs
directions de croissance privilégiée conduisent a la formation rapide d’'une couche continue d’austénite
sur ces joints, caractéristique de la microstructure « en collier ». Les carbures intra-granulaires peuvent
étre des sites de germination mais sans possibilité de croissance (par manque de carbone disponible tres
probablement).

La transformation des ilots perlitiques est rapide et se produit vers 740°C. Cette transformation
produit des structures austénitiques allongées qui croissent ensuite pendant le chauffage et le maintien,
alors que la croissance de I'austénite en collier semble réduite au-dela de 750°C.

Quand la microstructure ferrito-perlitique est chauffée rapidement (30°C.s'') dans le domaine
intercritique, la recristallisation commence concomitamment a la transformation de phase vers 720°C.
Comme a basse vitesse, la germination de I'austénite commence d’abord sur les carbures intergranulaires.
La seule différence est que ces carbures sont alignés sur les joints de grains déformés. En conséquence, la
croissance des grains d’austénite produit une structure alignée caractéristique de la microstructure en
bande. Ce processus est renforcé par le fait que les ilots perlitiques qui se transforment vers 740°C
environ produisent aussi des structures austénitiques tres allongées.

Les observations que nous avons pu conduire dans ce chapitre sont en accord avec le processus
proposé par Li et al. [LI'13], a la différence pres que nous n’avons pas mesuré de différences significatives
dans les évolutions de fraction transformée en fonction de la température pour les deux vitesses de
chauffage. Il apparait de plus que les différences de topologie induite par les deux vitesses s’amenuisent au
fur et a mesure que la transformation avance, en particulier lors d’'un maintien a haute température
(800°C-600s). Les aspects cinétiques de la transformation seront traités en détail dans le chapitre 5.

La figure 1 montre des micrographies MEB apres attaque caractéristiques des différents états
discutés, i.e. avant transformation (700°C), a la fin du chauffage (environ 770°C) et a la fin du maintien
(800°C-600s). L'attaque chimique permet de révéler les grains et sous-grains de la ferrite et la présence
d’austénite.
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Figure 1: Micrographie MEB d’échantillons de l'acier étudié aprés attaque. Les échantillons ont été traités
thermiquement pour reproduire des cycles de recuit interrompu avec deux vitesses de chauffage. La martensite,
révélée par I'attaque chimique, indique la position de 'austénite a haute température. Les carbures apparaissent en
contraste clair et les joints/sous-grains de la ferrite sont aussi attaqués. La colonne de gauche correspond a une
vitesse de chauffe lente (3°C.s1) et celle de droite a une chauffe rapide (30°C.s'1). (a)-(b) chauffe a 700°C (d)-(d)
chauffe a 770°C/780°C (e)-(f) chauffe a 800°C puis maintien a 800°C durant 600s.

Notre étude a mis en lumiére le réle crucial des carbures isolés sur le processus d’austénitisation.
C’est pour cela que nous présenterons une stratégie de modélisation des cinétiques au chapitre 5 dans
laquelle carbures isolés et ilots perlitiques sont étudiés distinctement.

Chapitre 3 : Evolution de la composition de la cémentite

La microstructure de carbures (perlite et carbures isolés) héritée du laminage a chaud a un grand
effet sur la distribution spatiale de I'austénite lors du recuit, car ce sont des sites privilégiés de nucléation.
Beaucoup d’études comme celle de Gouné et al. en 2012 [GOU’12] ont aussi souligné que la composition en



manganese de la cémentite avait un grand role dans la cinétique de dissolution des carbures et donc sur la
cinétique de transformation. C’est pour cette raison qu’il nous a semblé important d’étudier comment la
composition des carbures évolue lors du recuit. Ce travail nous a montré que pour comprendre les
niveaux d’enrichissement et gradients locaux observés expérimentalement lors du recuit, il est aussi
nécessaire d’étudier les conditions de formation des carbures au laminage a chaud. Dans ce chapitre, on
discutera principalement du manganeése, mais des informations intéressantes sur le comportement du Si
ou du Cr ont été aussi obtenues d'un point de vue expérimental.

Des observations en microscopie électronique a transmission ont été conduites pour mesurer la
composition chimique locale des carbures dans différents échantillons: a I’état brut de téle a chaud
industriel (aprés laminage, bobinage et refroidissement lent) et aprés chauffage a 700°C a deux différentes
vitesses de chauffage (3 et 30°C.s1). Pour compléter cette étude, nous avons aussi simulé un état
microstructural représentatif des conditions de formation de perlite (vers 570°C lors du laminage a
chaud) sans bobinage et sans refroidissement lent.

Cette étude expérimentale confirme que la transformation perlitique lors du laminage a chaud se
déroule bien avec partition, comme suggéré par Chance et Ridley [CHA’81]. Les lamelles de cémentite
montrent en effet des enrichissements uniformes de 'ordre de 6.5% Mn. Nous avons pu retrouver ce
niveau de partition grace a des calculs thermodynamique réalisés sous ThermoCalc considérant des
équilibres locaux aux interfaces entre ferrite/cémentite/austénite, selon 'approche de Hutchinson et al
[HUT’04], modifiée par Pandit et Bhadeshia [PAN’11]. Il est aussi fortement probable que les carbures
isolés qui germent a des températures proches présentent des enrichissements similaires deés leur
formation.

La composition issue de la partition est loin de correspondre a celle de 1'équilibre
thermodynamique entre ferrite et cémentite. Lors de I'étape ultérieure de bobinage et de refroidissement,
entre 570°C et la température ambiante, les carbures vont progressivement s’enrichir en manganése.
Toutefois, ce processus est limité par la faible diffusion du manganése dans la cémentite a ces
températures. Dans I'état tole a chaud, les carbures présentent de forts gradients de composition en
manganese, comme le montre la Figure 2. La composition des interfaces est gouvernée par un équilibre
local et atteint des valeurs proches de 12%. Les gradients de composition s’étendent sur 15 nm environ et
montrent que la composition a cceur des carbures a peu évolué depuis leur formation.
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Figure 2: (a) Micrographie MET en champ d’un clair d'un carbure lamellaire dans I'état t6le a chaud (aprés laminage a
chaud et bobinage industriel) (b) Profil de composition en manganése, chrome et silicium le long de la ligne pointillée
bleu de la figure (a).

Lors d’un chauffage ultérieur a 700°C a faible vitesse, les carbures vont continuer a s’enrichir et
on observe des profils de composition uniforme dans les carbures autour de 11%. Il semblerait donc que
les carbures atteignent leur composition d’ortho-équilibre en manganese lors d’'un chauffage lent. Lors
d’'un chauffage rapide, 'équilibre ne peut étre atteint et les carbures conservent leurs gradients de
composition hérités de la tole a chaud. Ces informations sont précieuses car elles vont permettre de fixer
les compositions chimiques des carbures qui seront utilisées pour les calculs de dissolution et de
transformation austénitique au chapitre 5, en fonction des conditions de chauffe.
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Figure 3: Profil de composition en manganése mesurés (losange) et calculés (en rouge ou en bleu) avec DICTRA dans
des particules de cémentite (a) a I'état tole a chaud, (b) a 700°C aprés une chauffe lente, et (c) a 700°C apres une
chauffe rapide.

Des simulations DICTRA ont été conduites pour reproduire et comprendre la formation de ces
gradients. Afin de reproduire les observations expérimentales, en particulier les gradients de diffusion
observés a I'état tole a chaud (cf. Figure 2), il a été nécessaire de réévaluer le coefficient de diffusion du
manganese de la cémentite (données MOBFE2 - terme pré-exponentiel multiplié par 2000) comme l'ont
fait par exemple Wu et al. [WU’18]. Les résultats des simulations de profils sont représentés sur la Figure
3 et montrent une bonne adéquation avec les observations expérimentales. Cette comparaison montre
toutefois qu'une réévaluation plus poussée de I'énergie d’activation de la diffusion du manganese est
probablement nécessaire pour pourvoir simuler convenablement tout le domaine d’étude. Ces travaux a la
fois expérimentaux et de modélisation ont été publiés récemment dans Materialia [MOR’19].

Un modele de diffusion en 1D par différence finie a été enfin développé pour reproduire les
résultats DICTRA une forte efficacité calculatoire. Malgré sa simplicité, il permet de reproduire tres
fidelement les résultats de DICTRA avec des temps de calcul réduits quel que soit le trajet thermique suivi.

Chapitre 4 : Restauration et Recristallisation

Dans le chapitre 2, nous avons montré que la recristallisation de la structure ferritique jouait un
grand réle dans la formation de la microstructure austénitique et en particulier d’'un point de vue
topologique. Dans ce travail, nous avons donc cherché a mesurer et prévoir ce processus. C'est un
mécanisme de formation de nouveaux grains exempts de défaut par germination/croissance et qui trouve
se force motrice dans les nombreux défauts (dislocations, sous-joints) créés lors du laminage a froid de la
microstructure ferrito-perlitique. De ce fait, il entre en compétition avec la restauration qui consiste en
une réduction de la densité de défauts par des processus diffusifs comme la montée de dislocations.

D’un point de vue expérimental, nous avons développé une approche cohérente en DRXHE qui
nous permet de suivre simultanément restauration, recristallisation et transformation de phase en une
seule expérience [MOR'18]. Les résultats relevant des transformations de phases seront présentés et
discutés au chapitre 5.

L’état de restauration de nos échantillons a été suivi en observant la largeur des pics de
diffraction de la ferrite. En effet, selon les travaux pionniers de Williamson et Hall [WH’53], on peut relier
la largeur a mi-hauteur des pics a un état de déformation moyen de la phase considérée. Couplée a
I'équation de Smallman [SMA’57], la densité de dislocations dans la ferrite peut étre estimée tout au long
d’'un recuit. Des techniques plus précises auraient pu étre mises en ceuvre comme la Convolutional
Multiple Whole Profile fitting (CMWP) [RIB’14] mais notre approche de premier ordre donne des résultats
cohérents avec notre modéle micromécanique [BOU’02] et est suffisante observer un possible impact sur
la recristallisation.
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L’étude de la recristallisation nécessite le plus souvent des études microstructurales ou
mécaniques post mortem sur des échantillons et peu de techniques in situ sont disponibles. Nous avons
donc développé notre propre technique en s’inspirant des travaux de Jensen et al. [POU’11] pour suivre la
recristallisation de nos échantillons. Cette technique consiste a dénombrer les taches de diffraction
individuelles intenses qui apparaissent sur les anneaux de diffraction a cause de I'apparition des nouveaux
grains recristallisés. La figure 4 montre ces taches sur un anneau de Debye-Scherrer 200 de la ferrite d'un
échantillon a 700°C apres un chauffage lent. La cinétique d’apparition de ces taches a été déterminée sur
un signal intégré, comme celui présenté sur la figure 4(b).

Notre nouvelle approche a été testée sur des traitements thermiques en conditions anisothermes
mais aussi sur une série de traitements thermiques isothermes modéles. Ce travail de validation a fait
apparaitre que notre méthode permet de déterminer uniquement le comportement de la ferrite, car la
perlite ne recristallise pas quelle que soit la vitesse de chauffe. De plus, par construction, elle est sensible
principalement au flux de germination des grains recristallisés. Elle ne permet donc de déterminer une
cinétique de recristallisation que si le processus de croissance des grains est limité, ce qui semble étre le
cas dans nos travaux. Cette nouvelle méthodologie mériterait sans nul doute des travaux de validation
expérimentaux et théoriques plus poussés.
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Figure 4 : (a) Anneaux de Debye-Scherrer 200 de la ferrite d'un échantillon a 25°C et a 700°C montrant des taches
isolées dues aux nouveaux grains recristallisés (b) Intensités intégrées le long des anneaux de la figure précédente.
Les quatre fluctuations principales a 25°C correspondent a des surintensités dues a la texture cristallographique. Les
petites fluctuations observées sur le spectre rouge correspondent aux taches isolées de la figure précédente.

Cette nouvelle méthode nous a permis d’établir que 'acier de I'étude aprés un taux de réduction
commence a recristalliser des 675°C a faible vitesse de chauffe. La recristallisation se termine vers 700°C
comme le montre nos observations microstructurales. A haute vitesse, ce processus est décalé de 725°C a
775°C environ.

Un modéle a base physique a champ moyen a été développé pour prédire les cinétiques de
restauration et de recristallisation, mais aussi les tailles de microstructures résultantes. Ce type de modele
permet d’éviter le recours a des modéles empiriques numériquement tres efficaces mais qui nécessitent
une calibration au cas par cas.

L’évolution de la densité de dislocations au cours du recuit a été modélisée en premier lieu car elle
conditionne la force motrice pour la recristallisation. L'approche originale de Friedel [FRI'64] a été
retenue car elle permet une description des tendances satisfaisante avec peu de parametres d’ajustement.
La Figure 5 montre les évolutions des densités de dislocations mesurées et calculées en fonction de la
température lors de la chauffe pour deux vitesses de chauffe. Cette figure confirme qu’une forte vitesse de
chauffe retarde bien la restauration. Le flux de germination des nouveaux grains recristallisés est ensuite
calculé en considérant qu’'un sous-grain de ferrite peut constituer un germe que s'’il atteint une taille
critique d’aprés la théorie SIBM (Strain Induced Boundary Migration). Le modéle utilisé est directement
inspiré des travaux de Zurob et al [ZUR’06, REH’13]. La cinétique de recristallisation globale est
déterminée par la théorie des volumes étendus, en tenant compte d'une taille de grains moyenne, qui
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dépend de la cinétique de croissance des grains déja germés mais aussi du flux de germination. La loi de
mobilité pour la croissance est tirée des travaux de Sinclair et al. [SIN'07] et a été calibrée sur les données
expérimentales de 1'étude. La Figure 5(a) montre les cinétiques de recristallisation expérimentales et
prédites par le modele pour deux vitesses de chauffage sur l'acier étudié. L’accord obtenu est
particulierement notable. Les tailles de grains recristallisés prédites par le modele sont aussi en bon
accord avec les données expérimentales.

Les capacités de prédiction du modeéle ont été finalement éprouvées avec succes en étudiant I'effet
du taux de réduction au laminage a froid sur la cinétique de recristallisation. Un décalage de 30°C dans la
cinétique a été obtenu si le taux de laminage est réduit de 60 a 30% par exemple.
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Figure 5 : Evolution mesurée (trait plein) et calculée (trait pointillé) de la densité de dislocations en fonction de la
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Chapitre 5 : Cinétiques de transformation austénitique

Les cinétiques d’austénitisation ont été mesurées in situ en DRXHE pour diverses vitesses de
chauffage lors d'un recuit a 800°C. Cette étude a permis de montrer que :

- les fractions transformées en fonction de la température en cours de chauffe a 3 et 30°C.s-! sont
similaires. Le décalage d’environ 10°C provient d'une transformation plus précoce a basse vitesse. En
conséquence, la cinétique en fonction du temps est donc plus rapide a forte vitesse, en cohérence avec les
observations du chapitre 2.

- En fin de chauffe a 800°C, environ 50% de la microstructure est austénitique, loin de l'ortho-
équilibre (80%).

- lors du maintien a 800°C, la cinétique de transformation est d’autant plus rapide que la vitesse
de chauffage a été forte. Des vitesses de chauffage élevées conduisent a des volumes d’austénite
supérieurs a ceux attendus par I’équilibre thermodynamique en fin de maintien.
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Figure 6 : Mesures in situ réalisés par DRXHE du volume d’austénite transformé (a) en fonction de la température et
(b) du temps pour deux vitesses de chauffage (chauffage a 800°C a vitesse constante puis maintien a 800°C pendant
600s).
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Comme dans le cas de la recristallisation au chapitre 4, nous avons entrepris une démarche de
modélisation a base physique pour comprendre la nature de ces cinétiques de transformation en intégrant
les observations microstructurales du chapitre 2 (nucléation et croissance de 'austénite) et les mesures
de composition des carbures du chapitre 3 (enrichissement en manganese). Nos observations du chapitre
2 laissent par contre penser que le role de I'état de recristallisation se limite a un impact topologique lors
de la formation des microstructures et n'influence directement que peu les cinétiques.

Afin d’étre le plus fidéle possible a nos observations microstructurales, dans les calculs DICTRA, la
microstructure ferrito-perlitique modélisée a été subdivisée en deux sous-systémes indépendants qui
permettent d’étudier séparément le comportement des ilots de perlite et des carbures isolés. La mise en
données a pris en compte les configurations géométriques, les tailles et compositions en manganese
observées expérimentalement et détaillées dans les chapitres précédents, mais les calculs ont été conduits
sur un systeme ternaire Fe-Mn-C. Le seul parametre d’ajustement est au final la fraction respective de ces
sous-systemes. Dans ce travail, nous avons proposé un ajustement cohérent avec certaines observations
expérimentales, en particulier aux faibles taux de transformation (pendant la chauffe).

Dans les deux cas, la germination de I'austénite sur les carbures, la dissolution de la cémentite et
la croissance de 'austénite aux dépends de la ferrite ont été modélisés avec une attention particuliére
portée aux conditions d’interfaces. Des travaux de la littérature ont déja été conduits dans des
configurations similaires mais uniquement lors de maintiens isothermes [GOU’12, KAM’15, LAI'16].
L’originalité de notre approche réside donc dans le traitement anisotherme de ce probléme.

Pour les configurations étudiées, les résultats de simulation montrent que la dissolution des ilots
de perlite ne dépend ni de la vitesse de chauffage, ni du degré d’enrichissement en manganése de la
cémentite. La dissolution de la cémentite est rapide et se termine dés que la température Acs
(correspondant a la chimie locale du sous-systéme perlite) est atteinte (750°C environ, conformément a
nos observations expérimentales). Les ilots d’austénite sursaturée en carbone continuent a croitre
ensuite, sans partition du Mn, donc rapidement, peu importe la vitesse de chauffage.

A faible vitesse, le taux d’austénite résultant de la croissance des bandes obtenu au cours de la
chauffe respecte strictement celui prédit par 'équilibre local. A forte vitesse, la transformation n’arrive
pas a former compléetement le volume d’austénite attendu par I'équilibre. Au final, a cause de notre choix
de segmentation, le sous-systéme associé a la perlite atteint une transformation austénitique complete des
le début du maintien indépendamment de la vitesse de chauffage

Concernant les carbures isolés, la dissolution de la cémentite dépend fortement de
I'enrichissement préalable en manganése. Il existe en effet une température critique de transition entre un
régime de dissolution rapide et lent. Au-dessous de cette température, la lente dissolution est controélée
par la diffusion du Mn dans l'austénite. Au-dessus de cette méme température, la transformation est
contrdlée par la diffusion du carbone et devient donc extrémement rapide. Cette transition connue de la
littérature en isotherme a été vérifiée et expliquée en condition de chauffage continu lors de ce travail. Ce
résultat suggere que les carbures enrichis en manganeése lors du chauffage lent doivent entamer leur
dissolution en régime rapide a partir d’'une température plus élevée que lors d'un chauffage rapide (un
décalage de 20°C maximum est attendu entre deux niveaux d’enrichissement extrémes). Toutefois, cela ne
signifie pas que le processus commence a plus haute température, car le régime lent permet de former
pres de 10% d’austénite depuis le début de la transformation a 720°C avant de passer en régime de
dissolution rapide. Cependant, ce résultat doit étre nuancé car les carbures isolés présentent sans nul
doute des compositions assez variables.

Lors de la croissance de l'austénite issue de ces carbures isolés, les cinétiques dépendent
fortement des vitesses de chauffe car les conditions prévalant a l'interface ferrite/austénite sont
différentes.

Lors d’une chauffe lente, la transformation qui succéde au processus de dissolution continue avec
redistribution du Mn (condition d’équilibre local avec partition - PLE). L’interface ralentit donc fortement
entre |'étape de dissolution et la pure croissance de l'austénite. Malgré la durée du traitement avant le
maintien, 'enrichissement résiduel en manganese dii a la présence du carbure est par contre conservé.
Lorsque le palier isotherme est atteint, il reste peu d’austénite a transformer pour atteindre 1'équilibre et
le reste de la transformation se produit trés rapidement toujours en condition PLE.

Lors d’'une chauffe rapide, la transformation continue par contre sans redistribution du Mn
(condition d’équilibre local sans partition -NPLE). Dans ces conditions, la cinétique est rapide méme si le
taux d’austénite obtenu a la fin du chauffage reste sensiblement inférieur a celui obtenu apres chauffe
lente. Pendant le maintien, la condition d’interface change a nouveau instantanément pour retrouver une
croissance avec partition (PLE). La transformation austénitique se produit alors au-dela de I'équilibre



thermodynamique dans le sous-systeme car la ferrite présente une trop forte teneur en manganése (un
héritage de la croissance en mode NPLE). Le retour a I'équilibre thermodynamique est un processus lent
car il nécessite la diffusion du manganése sur de grandes distances. Il faut par exemple environ 100s a
800°C pour commencer a observer une décroissance de la fraction d’austénite et observer un début de
retour a I’équilibre.

La mise en évidence de cette transition NPLE/PLE en condition anisotherme, en cours de
transformation, est un des résultats nouveau et clef de notre étude. Les résultats de simulation montrent
ainsi que les cinétiques de transformation de nos aciers dépendent plus de la vitesse de chauffage que de
la composition des carbures. On retrouve ainsi que les cinétiques de transformation sont bien plus rapides
a fortes vitesses, mais les fractions transformées en fonction de la température sont finalement assez
proches lors de la chauffe. Cette transition permet aussi d’expliquer dans une certaine mesure pourquoi
on observe aussi des taux de transformation plus élevés que 1'équilibre aux fortes vitesses de chauffage.

Le deuxieme résultat notable de cette étude numérique est que cette transformation austénitique
conduit a de fortes hétérogénéités de composition dans 'austénite a la fois en carbone (selon 'origine de
l'austénite - perlite ou carbure isolé) mais aussi en manganese (vestige de I'enrichissement en Mn des
carbures). Cette dispersion est bien connue dans les des aciers DP et notre approche a sous-systéme
permet possiblement de la prévoir.

100 100
- 1 i
3°C.s1 \ —+—Experimental data
90 1 — . . %
H DICTRA simulation Ternary OF ;
Y o
5 s . D
30 20 i
— 1 —_
E. h 5 Alloy OE
| =
§ 70 Stage 1 : .E 70
b4 1+P h E
£ 60 1 = 60
o 1 o
: - :
50 ' =2
° 1 s
> H >
]
! E-]
£ ® ! £ a0
] | ]
g 2
7] | ]
ERl Pearlite dissolution 4y, | I 30
|
20 - . 1 20
Carbide dissolution \ \
10 1 :
1 10 End heating
1 :
04 T T r T T T 0
720 730 740 750 760 770 780 790 800 0.01 01 1 10 100
(a) Temperature [°C] (b) Time [s] (log scale)
100 100
30°C.s! ! —+—Experimental data
[
90 A —_— i i 90
1 DICTRA simulation Ternary OF ;
[ - R |
80 4 [ - e s et
= — Alloy OE H
g ! g ' -
s 704 Stage 1 : Stage 2 £
- I+P [ 1+A T
E e ! E &
o [ o
£ ! 5
2 1 \ 3 S0
> I H
o
E 40 4 I ‘é a0
g ' g
@ Pearlite dissolution ! a
ERCE \ I
20 4
Carbide dissolution 20
10 4 i
10 i End heating
0 o :
720 730 740 750 760 770 780 790 800 0.01 01 1 10 100
(c) Temperature [°C] (d) Time [s] (log scale)

Figure 7 : Cinétiques de transformation austénitique simulées pour le systéme ternaire et expérimentales en fonction
de la température et du temps pour des vitesses de chauffe de (a)-(b) 3°C.s1 et de (c)-(d) 30°C.s-L.

La figure 7 montre les cinétiques de transformations prédites en fonction de la température et du
temps pour les deux vitesses de chauffage. Comme les calculs ont été conduits pour le systéme ternaire,
les conditions d’ortho-équilibre (Ternary OE) different sensiblement de celle pour le systéeme complet Fe-
Mn-Si-Cr-C (Alloy OE). Lors de la chauffe, les résultats de simulation montrent un accord satisfaisant avec
les données expérimentales, avec un décalage d’environ 20°C (possible effet de la composition ?). Les
vitesses d’avancement de la transformation (pentes de courbes) sont correctement reproduites. Par
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contre, a haute température et particulierement, lors du maintien, les cinétiques prédites par notre
approche a deux sous-systemes sont trop rapides pour les deux vitesses. Les possibles origines de cet
écart sont nombreuses. Les plus probables sont que nos hypotheses sur la géométrie du systéme
(croissance sphérique) et sur I'indépendance des sous-systémes sont bien trop fortes dés que l'austénite
commence a percoler (typiquement au-dela de 40% en fraction de phase).

Conclusion et Perspectives

Cette thése a permis de nouvelles avancées dans un domaine qui a déja été largement étudié car
nous avons utilisé non seulement des techniques expérimentales de pointe pour étudier les
microstructures a différentes échelles ou leur formations in situ lors de recuit, mais aussi des approches
innovantes de modélisation (codes commerciaux ou développés a dessein). Nos résultats majeurs sont les
suivants :

- Le processus de recristallisation au recuit influe significativement sur la distribution des phases
lors d'un recuit d’'une structure ferrito-perlitique déformée. Le mécanisme d’interactions sous-jacent
suggere un role clef joué par les carbures intergranulaires dans la ferrite, qui vont servir de sites de
germination privilégiés. Un chauffage lent favorise la recristallisation de la ferrite et conduit a une
microstructure «en collier ». En cas de chauffage lent, au contraire, la recristallisation intervient
concomitamment avec la transformation de phase et la microstructure présente une topologie «en
bandes ». Les travaux menés tendent a confirmer la représentation de Li et al. de ces interactions.

- Les mécanismes d’enrichissement en manganése des carbures lors du laminage a chaud, a froid
et le recuit (avant leur dissolution) ont été investigués, expliqués et modélisés a I’échelle du nanometre. La
cémentite présente dés sa formation au laminage a chaud un fort enrichissement qui se renforce lors des
traitements thermiques ultérieurs. Les enrichissements rencontrés ne sont toutefois pas suffisants pour
avoir un fort impact sur les cinétiques de transformation.

- Une méthodologie unique a été développée permettant de suivre in situ et en une seule
expérience la restauration, la recristallisation et l'austénitisation lors de chauffage y compris rapide
(100°C.s1) des aciers de '’étude. Cette méthode est basée sur la DRXHE sur ligne de lumiére synchrotron.
Les mesures effectuées ont été validés par des techniques plus conventionnelles de microscopie. Un
modele a champ moyen de recristallisation a été développé sur la base des travaux de Zurob et al. et validé
sur les données expérimentales. Il permet en particulier de prévoir 'effet du taux de laminage sur les
cinétiques.

- Une approche de simulation innovante sous DICTRA a été proposée pour modéliser la cinétique
de transformation austénitique au cours d’un recuit. Elle est basée sur une segmentation du probléme en
deux sous-systemes indépendants qui permettent de simuler la dissolution de la cémentite et la
croissance de l'austénite au niveau des ilots perlitiques et des carbures isolés. Les différences de
cinétiques observés selon les vitesses de chauffage s’expliquent par des modes de croissance différents de
'austénite, avec ou sans partition du manganése. Les cinétiques prédites ne permettent toutefois pas de
bien reproduire encore les cinétiques lentes observées lors des maintiens a haute température.

Ce travail de thése ouvre de nombreuses perspectives, dans des domaines tres variés.

- Tous les données de la campagne de mesure HDRX ne sont pas encore exploitées (effet du LAC,
effet de traitements thermiques a tres haute vitesse, travail sur des cycles modeles isothermes et sur des
systémes modéles ferrites ou perlitiques) !

- Pour continuer ce projet, il semble trés important de mieux comprendre la formation des
carbures intergranulaires lors du LAC mais aussi lors de la recristallisation (un possible mécanisme de
dissolution/précipitation ?)

- La nouvelle approche pour suivre la recristallisation par DRXHE nécessiterait d’étre validée sur
des systémes bien connus.

- Il serait probablement pertinent de poursuivre le travail de modélisation DICTRA sur les sous-
systémes en introduisant un systeme unifié et moyenné pour décrire la croissance apreés la percolation de
l'austénite ; 'objectif étant de mieux comprendre pourquoi les cinétiques sont mal décrites lors du
maintien.

- Enfin, une approche a champ local simplifié pour la croissance de l'austénite devra étre
développée pour permettre des calculs en conditions industrielles rapides (par exemple le modeéle de
Wycliffe et al.) [WYC’'81]
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Introduction

This PhD thesis has been funded by ArcelorMittal Maiziéres Research SA in collaboration with the
CNRS (Direction Régional Centre-Est), which are both fully acknowledged.

I. Introduction to DP steels

Dual-Phase steel sheets are extensively employed in the automotive industry for their interesting
strength/ductility balance. They are well adapted for stamping / drawing / bending operations permitting
the manufacturing of complex shaped automotive parts at relative low cost. At the same time, they can
show high level of Ultimate Tensile Strength (UTS between 600 and 1000 MPa) that enables the
production of lighter automotive components by thickness reduction. Dual-Phase (DP) steels have been
industrialized since the years 1990-1995 for lightening car and trucks structures and thus reducing their
energy consumption and CO; emissions [EEA’17]. They are nowadays essential accounting the recent and
drastic evolutions of environmental regulations.

Dual-Phase steels (DP) belong to the first generation of Advanced High Strength Steel (AHSS)
family, as TRIP (Transformation Induced Plasticity), CP (Complex Phase) or Martensitic steels. Even
steelmakers have tried developed a second generation (austenitic TWIP - Twinning Induced Plasticity
steels) and are developing a third generation of AHSS, DP steels are still widely used in the automotive
field (about 2000 kt/year). The strength/ductility performances of these different industrial steels for
cold stamping applications are represented in Figure 1(a). Figure 1(b) shows some possible applications
of DP steels in automotive building.

3@ generation AHSS

J 1%t generation AHSS:
“modern” steels

Résistance (MPa)

0 10 20 30 0 50 60
(a) Ductilité (%) (b)

Figure 1: (a) Tensile strength/elongation properties of the AHSS grades for cold-stamping operations [MAT’06]. (b)
Possible applications of various DP steels for car body-in-white manufacturing [PIN'12].

DP steel microstructures are mainly constituted of two phases, usually ferrite with a polygonal
morphology (polycrystalline) and interconnected islands of carbon-enriched martensite. The fraction of
the latter phase is variable (from 5% to almost 100% with various percolation states) depending on the
targeted strengths. In a simple approximation, DP steel can be considered as a composite, the ferrite being
the soft phase and the martensite the reinforcement of the matrix. Figure 2 shows a typical DP steel
microstructure observed by SEM (Scanning Electron Microscopy) after etching. Martensite (often called
a’) is etched contrary to the ferritic matrix (often called a’) which appears thus darker.
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Figure 2: SEM micrographs of a ferrite-martensite DP microstructure after etching at two magnifications. Martensite
(often called o) is etched contrary to the ferritic matrix (often called a’) which appears thus darker.

The tensile properties of DP steels are directly related to their fraction of martensite. Allain et al
[ALL'15] for instance shed in light this strong dependence of the amount of martensite on the mechanical
properties of DP steels. Figure 3(a) shows the predicted evolution of the Ultimate Tensile Strength (UTS),
the conventional Yield Strength (YS), and the Uniform Elongation (UEI) of a DP steels as a function of the
volume fraction of martensite for a given nominal composition. Each percent of martensite lead to
increase in strength of about 15 Mpa in the E domain (controlled by the Elastic properties of martensite).
Thus, the volume of martensite produced during the manufacturing of DP steels needs to be a carefully
controlled by steels makers. It also explains the versatility of this microstructure concept that permits to
access a wide range of properties.
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Figure 3: (a) Evolution of the engineering tensile properties of a given steel as a function of the martensite fraction,
where UTS, YS and UEI stand for Ultimate Tensile Strength, conventional Yield Strength, and Uniform Elongation,
respectively [ALL’15]. (b) Different possible damage processes observed in DP steels after deformation after [AVR'09].

The composite nature of DP steels explains also their poor and often unpredictable damage
resistance. Damage process encompasses all mechanical mechanisms leading to the appearance of voids in
the microstructures in a ductile or brittle way and leading the macroscopic fracture of the material
(integrity loss of parts during manufacturing or in in-use conditions). The two main damage initiation
mechanisms observed at room temperature in DP steels are interfacial decohesion between ferrite and
martensite and (brittle or ductile) fracture of martensitic islands [AVR09, TAS14] as shown in Figure 3(b).

The fracture related performances of DP steels depend on several features [TAS14]; on the local
behavior of the individual phases (ferrite, martensite, even bainite in the case of industrial DP steels) and
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their local thermo-mechanical histories inherited from material processing (internal stresses, tempering
states) but also on the 3D microstructure complexity (size, morphology, topology, percolation of hard
phases). It thus not only important for steelmakers to be able to predict and monitor during
manufacturing the fraction of phases in their DP steels but also their spatial distribution and their size.

II. DP manufacturing by continuous annealing

Dual-phase steel sheets can be produced either by Hot-Rolling (HR) or Cold-Rolling (CR)
depending on the targeted thickness. In the frame of this thesis, we will focus only on cold-rolled and
annealed steels. Figure 4 shows a simplified sketch of the manufacturing chain for such DP steels and
Figure 5 the corresponding thermal schedule and the associated microstructures.

Slabs obtained by continuous casting are first heated to 1250°C (step 1). Such high temperatures
permit to achieve a fully austenitic microstructure. The slabs are then hot-rolled to produce a hot band
(about 3mm thick). After coiling and slow cooling, the microstructure is made of ferrite and pearlite at
room temperature (end of step 1). The band is then pickled (step 2) and cold-rolled (step 3) to get its final
thickness. The final DP microstructure is obtained by continuous annealing (step4) before final
preparation (step 5). This thermal treatment consists in heating up the band to the intercritical
temperature range, in holding it at high temperature (the so-called soaking stage) and in cooling it down
to room temperature. During the heating and soaking stages, the deformed ferrite-pearlite microstructure
will undergo a partial austenitic transformation. The fraction of austenite expected at equilibrium is
directly given the phase diagram as shown in Figure 5(b). At the end of the soaking, the band is cooled
down (generally using gas jet but also by water quenching) down to room temperature. During this
operation, ferrite can grow again at the expense of austenite (epitaxial ferrite in most cases) and a bainitic
transformation can take place in austenite, especially is the band is galvanized by immersion into a liquid
zinc pot at 460°C. At lower temperature, residual austenite transforms into martensite. The final
microstructure of industrial DP steels is thus made of recrystallized ferrite (inherited from the hot bands
and appeared during final cooling), bainite and martensite.
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Figure 4: Simplified representation of a DP steel manufacturing chain [GRA'11].
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In this thesis, we will only focus on the austenitic transformation from the deformed ferrite-
pearlite. This process is already far from being simple and never reaches the equilibrium state in practice.
The austenite transformation kinetics as well as the sizes, morphologies and topologies of the phases
resulting from annealing depend not only on the soaking temperature but also on the heating conditions
(fast or slow cooling) and the metallurgical history of the hot band (often called the “inheritance effect”,
related to the chemical composition of cementite in pearlite in particular).

Figure 6(a) taken from Huang et al. [HUA’04] illustrates well the effect of heating rate on the
transformation kinetics during an isothermal holding at 750°C (soaking) for the same steel taken in two
different states (as hot-rolled or as cold-rolled Fe-C-Mn-Mo steel). Figure 6(b) shows the corresponding
microstructures at the end of the studied soaking. The higher the heating rate, the faster the
transformation kinetics and the higher the transformed fraction. This effect is enhanced if the initial
microstructure is deformed. High heating rate leads also to the formation of a typical banded structure if
initial microstructure is deformed whereas a more homogeneous distribution is observed at low heating
rate. In the literature, this latter effect is attributed to the interaction between deformed ferrite
recrystallization and austenite phase transformation. In fact, if the recrystallization precedes the
transformation a necklace microstructure (a continuous layer of austenite around recrystallized ferrite
grains) can be observed after annealing. On the contrary, if austenite starts first, the final microstructure
presents elongated bands of martensite and ferrite in the rolling direction. These respective “weak” and
“strong” interactions depend on the deformed state of ferrite and on the heating rate.
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In this thesis, we have observed the same trends on the studied steel (cf. chapter 2 for more
details). Figure 7 shows SEM micrographs after etching of the samples annealed at 700°C (i.e. prior
austenite transformation) and at 770°C (i.e. after partial austenitic transformation) at two different
heating rates.

Figure 7: SEM micrographs after etching of the studied steel heated (a)-(b) up to 700°C and (c)-(d) up to 770°C at low
(3°C.s'1) and high (30°C.s'1) heating rates and then quenched. Etchant reveal grain and sub-grains of the ferrite and
martensite which reveals the presence of austenite at high temperature.



At 700°C, the etchant reveals carbides (clear contrast) but also sub-grains that are characteristic
of non-recrystallized grains. At low heating rate, the sample is almost fully recrystallized at 700°C whereas
the recrystallized process has not started at high heating rate. The presence of austenite grains at higher
temperature is revealed by the presence of martensite which is also etched as in Figure 2. At 770°C, after
slow heating, austenite grains are dispersed in the ferrite matrix whereas they show a clear banded
organization after fast heating.

The effects discussed above depend also on carbide microstructure inherited from the hot-bands
before continuous annealing, in particular as carbides are preferred nucleation sites for austenite. Many
studies so far highlighted the dependence of the cementite Mn-enrichment on the dissolution kinetic,
which in turns drives that of austenite. Figures 8 from the investigations of Gouné et al [GOU’'12]
compares the austenite phase fraction transformed from the dissolution of Mn- poor/rich cementite in
spheroidized/lamellar pearlite islands during heating and isothermal holding at 750°C, respectively. This

study also highlights the key role of manganese in these steels that will be discussed in details in chapter 3
and 5.
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Figure 8: Comparison of the austenite phase fraction transformed from dissolution of poor and rich Mn cementite
during heating (a) and time during isothermal holding at 750°C (b) [GOU’12].

III. Problematic and objectives of the thesis

All these examples highlight that numerous metallurgical mechanisms take place and interact
during the annealing of deformed ferrite/pearlite microstructure, among them; cementite ripening
(fragmentation, spheroidization, coarsening, and composition evolution), recovery/recrystallization and
nucleation and growth austenite. This list must be complemented with different inheritance effects
associated to hot-rolling, as Mn partitioning during pearlitic transformation and also to cold-rolling as the
severe plastic deformation of phases or the mechanical fragmentation of carbides.

These mechanisms were all individually characterized in the past (a large literature is addressed

throughout this work), but to date, there is no consensus of theirs possible interactions with the reverse
austenite transformation.

In this work, we have thus tried to deconvolute experimentally the contributions of each
mechanism by innovative experimental approaches, involving either microstructure observations at
micro/nanoscale (by SEM/TEM) or in situ (by HEXRD) technics. We have then used and calibrated
commercial thermo-Kinetics local field models in order to understand the observed trends. In a third step,
this knowledge has then served to develop our own physically-based CPU-efficient models for phase
transformations and recrystallization. The stakes of this work are thus related to the real-time monitoring
of DP production lines and an Industry 4.0 agenda.



IV. PhD manuscript’s outlines

The manuscript is divided into 5 chapters. In this thesis report, we have made the original choice
to present a dedicated literature review in each chapter. This is the reason why chapters 2, 3, 4 and 5
starts with a literature review focusing respectively on the different studied mechanisms.

Chapter 1 presents the steel investigated as well as the experimental and modeling technics
employed in this work. We describe in particular how the samples has been prepared for metallographic
observations, the operating conditions for electronic microscopy, how we have conducted our in situ High
Energy X-Ray Diffraction (HEXRD) experiments on a synchrotron beamlines and post-treated the data.
Commercial computational tools for phase transformation and thermodynamic databases used in this
study (ThermoCalc and DICTRA) will also be presented briefly.

Chapter 2 proposes an overview of the microstructural morphogenesis from the Hot-Rolled state
to the end of soaking as a function of the heating rates. The investigations have been conducted mainly by
SEM on as-received samples and samples annealed at different temperatures along industrial-like
annealing treatments. The evolution of carbide microstructure, the recrystallization state of ferrite and the
nucleation and growth of austenite have been followed to highlight the possible interactions between
these mechanisms and to show how the necklace and banded microstructures appear step by step. Our
whole analysis sustains mainly the interpretation proposed by Li et al. in 2013 [LI'13] and reveals the
essential role of some intergranular carbides on the austenite transformation kinetics and on the final
topology of microstructures. This is the reason why we have proposed in chapter 5 a modeling strategy
distinguishing the behavior of pearlitic islands and these carbides to calculate transformation kinetics.

Chapter 3 is dedicated to characterization of the chemical composition of carbides during the
heating step before austenitization starts. The chemical composition of carbides during hot-rolling and
after cold-rolling was also been studied to better understand the inheritance effects. The experimental
part of this work has mainly been conducted by Transmission Electron Microscopy (TEM) to measure
manganese composition field at the nanoscale in precipitates. Thermodynamical analyses and DICTRA
simulations were employed to interpret the measured composition evolutions and in particular predict
the manganese partition in cementite occurring during pearlite transformation. The DICTRA simulations
have permitted to reassess the standard Mn diffusion coefficient available in commercial database. Finally,
a predictive Finite Difference tool was built in order to reproduce the results of DICTRA. This chapter gave
rise to a publication in Materialia [MOR’19].

As shown in Chapter 2, recrystallization governs the morphogenesis of DP structures. Chapter 4 is
thus dedicated to the experimental characterization, modeling and coupling of recovery and
recrystallization phenomena in ferrite. The experiments have consisted to follow both recovery and
recrystallization during annealing schedules at different heating rates. This work has been conducted
mainly by in situ HEXRD experiments. The evolution of the density dislocations (recovery) is determined
by a conventional Williamson-Hall method. During the same experiment, the recrystallization kinetics is
determined by the mean of an original method developed in the frame of this study. This new method was
validated by direct SEM-EBSD observations on the studied steel and on modeling results from the
literature. The experimental part of this chapter has been the subject of a recent publication [MOR’18].
Both recovery and recrystallization kinetics were then modeled by a physically-based mean-field
approach inspired by Zurob et al. [ZUR'06] and Sinclair et al. [SIN'07]. The parameters and mobility
functions have been calibrated to best reproduce experimental results. This model reproduces well the
sensitivity of recrystallization kinetics to heating rates but also to cold-rolling ratios.

The last chapter aims at shedding in light the influence of the heating rate on the reverse austenite
transformation. The reverse transformation has been surveyed via in situ HEXRD experiments to follow in
real time the austenite phase fraction transformed as function of temperature and time during the heating



stage and the subsequent holding at 800°C. Fast acquisition mode has enabled (1 Hz) to follow the
progress of the transformation with an excellent time resolution, even for high heating rates (3, 30 and
100°C.s1). An important part of the following investigation aimed at replicate the relation between
heating rate and reverse transformation kinetic by simulation. For this purpose, a different approach from
those reported in literature has been proposed. The dissolution of pearlite islands and of the intergranular
cementite particles were studied separately (local fields). The global kinetic was thereafter re-build and
compared to the experimental data. It has permitted to highlight that the reverse transformations of
pearlite and isolated cementite particles have different behaviors which are tightly related to the heating
rate. The influence of the Mn composition of cementite on the transformation kinetic regimes is well
depicted, but this approach mainly permitted to identify which role plays recrystallization when the
reverse transformation occurs in initial non-recrystallized ferrite-pearlite microstructures.

Finally, the main findings of this work are summarized and the outlooks of the study are evoked.
In particular, we will suggest continuing the investigations about the formation of intragranular carbides
in ferrite-pearlite microstructures. Their formations are still a debating question and represent surely an
important outlook of this thesis.
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Chapter 1

Experimental and Simulation Methods

This chapter presents the different experimental and simulation methods employed throughout
this study. Their physical and operating principles will not be detailed. However, it will be explained how
they were used for the specific needs of the study. The studied material and samples will be described in

Chapter 2.

Castaing Microprobe was used to measure the microsegregated state of the industrial steel.
The results will be presented in Chapter 2.

Scanning Electron Microscopy (SEM) after etching was employed to observe the
microstructure evolution after heat treatments. To quantify these evolutions, microstructural
features such as cementite particle size distribution or phase fractions were measured using
an image analysis tool. The results will be presented in Chapter 2. The procedures to perform
these measurements are detailed in this chapter. Some Electron Back Scattering
Diffraction (EBSD) maps have also been produced to follow the recrystallization kinetics.
The results will be presented in Chapter 4.

In situ high Resolution dilatometry was also used to perform the thermal treatments on
selected samples and follow the transformation kinetics. The results will be presented in
Chapters 2 and 5.

Transmission Electron Microscopy (TEM) has been used to measure the chemical
composition of cementite along different heating stages. The results will be presented in
Chapter 3.

In situ High-Energy X-Ray Diffraction (HEXRD) experiments on a synchrotron beamline
have been performed at DESY (Hamburg). They have permitted to follow the recrystallization
and the phase transformation kinetics along different heating stages of the studied steel. The
results will be presented in Chapter 4 and 5 respectively.

Commercial computational tools for phase transformation and thermodynamic
databases have been used to model the cementite ageing and phase transformation during
the processing of the studied steels. The softwares (Thermocalc and DICTRA) and their
references will be briefly described in this chapter. Nevertheless, the studied configuration
will be described in Chapter 3 and 5 in more details.
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1.1 Studied material

The steel studied in this work serve to produce a DP-600 steel grade. The alloy composition is given
in %mass in Table.

C Mn

Si

0.1 | 191 | 0.195

0.205

The material has been provided under the as-hot-rolled state by the industrial partner (industrial

semi-product). Cold-rolling has been simulated at the laboratory scale to reproduce two conventional
rolling ratios (30 and 60%).
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1.2 Electron Probe MicroAnalyser (EPMA)

The chemical homogeneity of our samples has been characterized using a CAMECA SX100 EPMA
Castaing Microprobe. In this device, an electron beam is focused on the sample. The interaction between
the beam and the atoms of the substrates provokes the emission of X-Rays, whose wavelengths depend on
the exited chemical species. The X-Rays are analyzed with a Wavelength-Dispersive Spectrometer (WDS)
to identify the nature and the local concentration of the chemical species. For one measure, the excited
gauge volume is around 1 um3 (electron beam diameter = 1um). For the present work, a spatial step of 1
um was used, the accelerating voltage was set to 15 keV (current = 2pA). This work was carried out by
Gerard Petitgand at ArcelorMittal Research center (Maiziéres-les-Metz).

—— Electron source
Ion pumps ¢
\

Optical source and
CCD camera

Diffracting
crystals

(1tod) —— _ Beam stabilizer

Alrlock

| Specimen

Figure 1.1: Commercial illustration of the CAMECA SX100 EPMA device [CAM’18] and schematic view.

1.3 Dilatometer trials

The heat treatments, presented in the following chapters, were performed on lamellar samples 10
x 5 x 1.2 mm3, cut down from the industrial sheet. A high precision saw was employed with a slow
advance in order to avoid possible sample deformation.

The thermal cycles at low temperatures (below Acl) were realized using a vertical Rapid Cycle
Dilatometer (RCD), developed in our laboratory. Since no phase transformation with large volume change
occurs within this temperature range, the dilatometric signal was not exploited.

The treatments in the intercritical range were carried out using a Badhr DIL805 A/D dilatometer at
ArcelorMittal Research Center. This device permits an accurate acquisition of the dilatometric signal for
phase fractions quantification. These trials have been conducted by Carla Oberbillig.

In both devices, the temperature was measured in real-time using spot welded K-type
thermocouples on the d;slice of the lamellar samples (cf. Fig. 1.5). A brief presentation of the dilatometers
is given below.

1.3.1 Rapid Cycle Dilatometer (RCD)

This rapid cycle dilatometer (shown in Figure 1.2) was developed by the engineers of IJL [SAL'15].
The heating is achieved thanks to a light bulb furnace (4 x 1000W) which enables top temperatures as
high as 1200°C. The temperature is regulated via a Proportional Derivative Integral (PDI) system. Samples
can be cooled by helium injection, whose flow is controlled by regulated modular valves. Maximum
cooling rates as high as 70°C.s'! are possible. Samples are installed into a sample holder made of silicon
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rods having a weak thermal expansion coefficient (5 x 10-7 °C-1). Our experiments have been conducted
under secondary vacuum (1 x 10-4 mbar).

LVDT sensor

Silicate rods

valve

Figure 1.2: (a) open furnace with silicon sample holder in the middle (white arrow). (b) Furnace in operating position.
(c) Schematic cross-section of the furnace showing the internal elements [SAL’15].

1.3.2  Bahr DIL 805

Commercial dilatometer Bahr DIL805 [TA’19], available at the ArcelorMittal Research Center and
also at the DESY synchrotron facilities was employed to simulate the thermal cycles at high temperatures
(interrupted for post-mortem characterization and in situ experiments). The sample is installed into a
hermetic chamber where a secondary vacuum is realized. The sample holder is made of two quartz rods,
whose one is mobile. The length variation is also measured from the mobile rods displacement via a
Linear Variable Differential Transformer sensor (LVDT). Heating is achieved by induction (high
frequency) while cooling is achieved by nitrogen or helium injection through the induction coil.

inductor LVDT sensor

Figure 1.3: Overview of the sample environment in Biahr 805 dilatometer (opened position).

The length variations are captured in real time by a Linear Variable Differential Transformed
(LVDT) sensor all along the heat treatment. These variations are due to the thermal expansions of the
constituting phases, their change in chemical compositions and the possible volume change to phase
transformations.

In the studied transformations, the signal is essentially due to the thermal expansions and to the

phase transformations. To deconvolute the contributions, the classical tangent method has been used. For
instance, the austenite phase fraction has been measured from the dilatometric curve (relative change in
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length vs. time) in Figure 1.4.a. The slope of the upper tangent (blue dashed line) is related to the thermal
expansion of ferrite/cementite (no austenite) and the lower tangent slope corresponds to the thermal
expansion of austenite (full transformation). The experimental slope deviation from this trend around
720°C corresponds to the austenite transformation onset. Above the transformation onset, a lever rule is
used to determine the fraction of austenite. The red segment shows for instance how the austenite volume
phase fraction is calculated at 800°C. The fraction is proportional to the AB/AC ratio. The Figure 1.4.b
finally represents the austenite transformation kinetics deduced from the dilatometric curves in the
adjacent Figure. As heating is achieved by induction, a minor artefact is observed around 750°C (small
hump on the dilatometer signal) due the Curie transitions of the alloy.

160

100

90

80

70

60

50

40

Deformation [um]

30

Austenite volume fraction [%]

20

20

10

0
0 T T T T T . T T T
300 400 500 600 700 800 900 700 720 740 760 780 800 820 840 860 880 900
o
(a) Temperature [°C] {b} Temperature [°C]

Figure 1.4: dilatometric curve measured during a thermal cycle performed in a Bahr dilatometer. (b) Austenite phase
fraction as function of temperature, determined by application of the tangent rule.

1.4 Scanning Electron Microscopy

Scanning Electron Microscopy (SEM) was employed to characterize the microstructures of the
studied steels after interrupted or complete heat-treatments.

1.4.1  Metallographic preparation

After heat treatment, the samples were coated with epoxy resin (sagittal cut) for manual
polishing. The polishing procedure comprises three steps. First, the samples are polished with silicate grid
paper down to 1um. A second polishing using colloidal silica suspension solution was performed to
remove the finest scratches. Finally, the samples were immersed in methanol and cleaned in an ultra-sonic
bath (30 min) to eliminate small silica residues.

Two etchants have been used in this study. 2% Picral - 98% ethanol solution (called Picral
etchant in the following) has been used to reveal carbide microstructure and a DINO solution has been
used to reveal martensite islands (former austenite in fact) and carbide microstructure. DINO etchant is
made of (for 250 ml):
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- Distilled water (140 mL)

- Hydrogen peroxide (H202 30%) (100 mL)
- Oxalic acid (4 g)

- Sulfuric acid H2S04 (2 mL)

- Fluorhydric acid HF (1.5 mL)

1.4.2 SEM microstructural observations

Two SEMs have been used in this study. The Phillips XL-30 FEG-SEM at IJL has been used to study
carbide distribution after heat-treatment below Ac; (Picral etching) while a JEOL JSM-IT300 Tungsten
SEM at AM have served to study microstructure after heat treatment below Ac1 (Dino etching).

In both cases, the micrographs were obtained using the Secondary Electron (SE) imagery mode.
All samples were investigated at sheet quarter thickness, as illustrated in Figure 1.5.

—
d,
yd . =
> dt
CR direction
Observed area /
% thickness El)

Figure 1.5: schematic representation of the lamellar sample orientations. The cold-rolling direction is denoted by the
dt vector. The systematic sample area investigated at the cold-rolled sheet quarter thickness is highlighted by the red
area.

The observations using the JEOL JSM-IT300 Tungsten SEM were made using an acceleration
tension of 15kV. The Working Distance (WD) was set to 9 mm. The micrographs were acquired randomly
throughout the specimen quarter thickness at various magnifications (x2000, x5000 and x8000).

The set-up using Phillips XL-30 FEG-SEM was less conventional in order to ease the subsequent
image analysis. The Working Distance was set so 5 mm using a magnification x10000 to obtain a good
compromise between observed surface and resolution. The voltage was set to 5 kV. The micrographs were
recorded according the layout displayed in Figure 1.6. 16 micrographs (4 x 4 grid) were realized in order
to investigate a large continuous 92 x 120 um? surface of the sample. This permits to account for several
pearlite bands over a long distance.

120 pm
1 2 3
92 um
23 um 14 15 16

30 um

Figure 1.6: experimental layout for SEM micrograph obtention.
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EBSD was employed to quantify the recrystallized state of a deformed and heated sample. This
operation was realized by Mathieu Salib at ArcelorMittal Research Center. The device used was a FEG SEM
JEOL 6500, equipped with the EBSD “Oxford Instrument” system. The post-treatment was done with the
AZtec acquisition software. The used post-treatment algorithm will be discussed in chapter 2.

1.5 Image Analysis

SEM micrographs have been analyzed to quantify different microstructure features, such as the
size of the constituents (pearlite islands, ferrite grain, and isolated cementite particles) and possibly their
size distribution as well as their fractions. This work was accomplished either manually (intercept and
point counting method) or using Image] software (particle size distribution) [IM]'19].

1.5.1 Pearlite and ferrite grain size

Mean pearlite island and ferrite grain diameters were measured using the intercept method
defined by the ASTM standard E112-96 procedure [ASM’04]. The reader is referred to the publications of
Voort et al. [VO0O’84, VO0’99] for a review and comparisons of the other available approaches. The grains
at the micrograph edges were excluded from the analysis. 10 micrographs per investigated conditions
were analyzed. 25 straight analyzing lines were randomly considered according 4 different directions, and
the number of intersections between line and grain boundaries was rationalized over the total length of
the lines. This method permits to erase the effect of moderately non-equiaxed morphologies [PAR'19].

1.5.2 Phase fraction

The quantification was performed by point counting, in accordance with the ASTM E565 standard
[ASM’08], to estimate the austenite volume fraction after Dino etching (heat treatment above Aci) or
Pearlite fraction after Picral etching (heat treatment below Ac1).

1.5.3 Carbide morphology and size

In this section, the procedure developed with Image] to prepare and analyze SEM micrographs for
the characterization of carbide microstructure in the studied micrographs is explained.

The SEM micrographs are computer-generated greyscale images, where the value of each pixel is
between 0 and 255. Figure 1.7(a) represents a typical SEM micrograph with the associated grey scale
histogram. Low values represent the darkest contrast (0 = black) while the highest values correspond to
bright contrast (255 = white). After Picral etching, ferrite appears in dark and cementite particle in bright.
The distinction between ferrite and cementite is then possible by defining a threshold grey value above
which the pixel will correspond to cementite (or conversely to ferrite). Once the threshold value is fixed,
cementite can appear in white while the ferrite matrix can be transformed into a black background (cf. Fig.
1.7(b)). This key step is termed “binarization”.

This operation may be the source of numerous errors since all the particles do not show a
homogenous contrast and can show different morphology and topology. Specific routines were developed
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in this study to avoid using classical morphological transformations as opening, eroding, closing which
lead to biases. These routines permit a better control in the areas where particles of various shapes were
close to each other. Moreover, in some cases, these operations are not sufficient to eliminate the grain
boundaries, where an example is shown on Figure 1.7 (white arrows). For instance, the removal would
require repeated operations, involving particles over-thickening. The treatment procedure is briefly
described here:

)] A median filter is applied to lower the noise and enhance the contrast.

(i) Top-hat transformation with a circular kernel (radius 3 pixels) to increase locally the contrast
around the cementite particle boundaries.

(iii) Detection of the particles intercepting grain boundaries. The grain boundaries are erased without
eroding the particles via an algorithm.

(iv) Fill holes transformation.

) Despeckle operation to remove single pixels.

Figure 1.7: SEM micrograph of a pearlite colony. Cementite and ferrite appear in bright and dark contrast,
respectively. (a) Original SEM picture with the distribution of the pixels as function of their grey level. (b) Image after
standard binarization.

The estimation of the spheroidized state of the microstructure requires the separation of circular
shaped particles from that having a longitudinal morphology. Usually, this is accomplished using the
Aspect Ratio (AR) criterion [CHA’77, CHA’82, GUO’11]. A fictive box encloses the particles, and the
width/length ratio determines if the particle is to be considered as a sphere (generally for AR lower than 3
or 5 according literature). In current case, the “circularity” criterion, defined such that circularity =
4m.Area/Perimeter? [IM]'19], was chosen because it seemed more reliable after careful examination.
Figure 1.8 illustrates the outcome of the sorting procedure, where spheroids appear in red while lamellar
and strongly anisotropic particles remain in black.
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morphology sorting. Lamellar and spheroidal particle are colored in black and red, respectively.

The true diameters of the cementite particles as well as the size distribution were calculated from
the application of the Johnson-Saltykov stereological correction [SAL'67]. The reader can find the detailed
procedure here [RUS'12]. The interlamellar spacing in pearlite was measured and corrected in accordance
with the method assessed by Ridley [RID’84]. Review and comparisons of various techniques are also
reported in the latter article. The particles density was calculated separately in pearlite islands and in the
ferrite matrix. Thereupon, the cumulated area occupied by the cementite was rationalized over the
examined surfaces.

1.6 Transmission Electron Microscopy (TEM)

The TEM investigations have been conducted at IJL on the JEOL ARM 200F TEM device (Cold Field
Emission Gun) with the support of Jaafar Ghanbaja. It has been used to measure in particular the local
chemical compositions inside cementite particles.

1.6.1 Thin foil preparation

The thin foils were extracted from the samples after SEM investigations. The specimens were
removed from the epoxy-resin shell and ground parallel to the initial faces of the flat products, down to a
thickness of about 60 um using grinding papers. Both sides of specimens were polished to remove
possible decarburized layers, trying however to avoid the central segregation. After that, specimens were
manually punched to obtain 3 mm diameter cylindrical samples. Finally, foils were drilled by
electropolishing using 5% Perchloric - 95% Acetic acid solutions. The electrolytic solution was used at
18°C with a tension of 30V. Appropriate electropolishing parameters were sought to remove ferritic
matrix while preserving cementite carbides. Before observations, foils were cleaned using a Precision lon
Polishing System (Gatan 691 PIPS).
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1.6.2 Chemical Analysis of the cementite particle compositions

The TEM was operated at 200 kV. Composition measurements were performed with a BRUKER
XFlash EDXS Silicon Drift Detector with a chemical resolution of 127 eV and a collector plate of 30 mm?.
The measurements presented in the following have been obtained with a probe size of 1 nm (1000 times
finer than a conventional Castaing microprobe). Accounting for the thickness of the foil and contrary to
SEM, there is no enlargement of the excitation volumes within the sample. The analyzed volume is thus
limited to the probe size diameter.

EDXS measurements are by nature punctual, but repeating the measurements along lines and
columns permits to reconstruct composition profiles or maps. A minimum spatial step of 5 nm was chosen
to provide suitable compromise between spatial resolution and X-ray counts, in order to obtain
statistically meaningful results in a reasonable period of time.

Detection of light chemical species like carbon is not possible by EDXS method because of the
energy resolution. For this reason, it has been carried out only for major substitutional elements for Fe
like Mn, Cr and Si. The measured concentrations are given by the Desktop Spectrum Analyzer (DTSA) in
relative atomic site-fraction. As carbon is not considered in the balance, the measurements correspond to
the u-fractions for each element. The typical relative error for measured substitutional concentrations was
calculated using standard statistical techniques and does not exceed 5% (relative value). An Electron
Energy Loss Spectroscopy (EELS) detector has also been used to estimate the local thickness of the foil.
For each studied state, about 5 particles have been studied in detail (composition profiles). These particles
were located in pearlite islands (not isolated at a ferrite grain boundary) to obtain a possible correlation
with our thermodynamic prediction. However, it is not possible to tell with certainty that they are located
in a microsegregated band.

1.7  High Energy X-Ray Diffraction (HEXRD)

1.7.1 Experimental set-up

In situ High Energy X-Ray Diffraction experiments have been conducted on Petra III-P07 line (EH3
hutch) at the Deutsches Elektronen SYnchrotron (DESY) facilities in Hamburg (Germany). The
experimental configuration is schematized in Figure 1.9(a) and the experimental setup is illustrated in b
and c. 63 in situ High Energy X-Ray Diffraction (HEXRD) experiments were carried out on lamellar
samples 10 x 5 x 1.2 mm3, cut down from the industrial cold-rolled ferrite pearlite DP600 product.

The monochromatic incident X-Ray beam is diffracted when passing through the lamellar sample
(oriented perpendicularly to the beam, according the d, vector, cf. Fig. 1.5). This technique permits to
investigate in transmission larger volumes (700 x 700 x 1200 um?3) compared to the microscopy technique
detailed above. The high energy of the incident beam (wavelength A=0.124 nm) produces low Bragg’s
diffraction angles. The fine grain size in the studied microstructures enables the production of continuous
diffracted beam cones. These diffracted beams generate Debye Scherrer (DS) ring patterns on the planar
CCD detector. The used Perkin Elmer detector shows a low ratio between background noise over signal
intensity. The combination between the brightness of the beam, the energy and the quality of the detector
has permitted to reach acquisition frequency rates up to 10 Hz.

The position of the detector relative to the samples was measured by laser and then determined
precisely during the calibration procedure. This procedure consists in analyzing with Fit2D software a
single diffraction pattern of LaBs powder. A capillary filled with strain-free powder is put at the place of
the steel sample and a diffraction pattern is recorded. As the lattice parameter of the LaB6 is well known
at room temperature, it permits to determine the exact position of the incident beam on the detector, its
distance and also its parallelism. The values determined are then used to correct and interpret
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systematically all the diffraction patterns obtained on steels. As explained below, the second interest of
this calibration procedure is to estimate the natural broadening tendency of the set-up.

The heat treatments were performed by mean of a modified 805 A/D Bahr dilatometer as shown
in Figure 1.10. The thermal schedules will be detailed in Chapter 4 and 5 respectively. As diffraction
patterns can be obtained at the same time as the sample is heated, we are speaking about in situ
experiments.

The temperature was measured in real time using K-type thermocouple that was spot welded on
the d; side (as shown in Figure 1.9). The intrinsic uncertainty on temperature measurement associated
with such thermocouple is +2.2°C and must be added to that due to thermocouple connectors (¥1°C). An
additional temperature uncertainty is induced with the fast acquisition mode due to their intrinsic
response times (0.1ms). This uncertainty AT is then estimated as AT = * 0.1 x heating rate [ESI'04,
NAK’04]. For a heating rate of 30°C/s, the temperature uncertainty is thus about + 3°C. These temperature
uncertainties will be taken into account during the exploitation of the results.

Beamline output Sample environement: Perkin Elmer
B&hr Dilatometer 2D plate detector
T(C)
Welded
thermocouple
Monochromatic I
radiation —H
Synchrotron 1 DD 20 .
X-ray beam u " UEI —
A=0.124nm Sample
Slits
400 m Fumace | I,
m
Monochromator m 'g:hctor
(a) SiG11) —4=

e —

:

Figure 1.9: (a) scheme of the experimental setup. (b) Illustration of the beam output (black arrow) and of the Bahr
dilatometer (red arrow). The beam direction is indicated by the white arrow. (c) 2D plate detector (blue arrow) from
which the 2D patterns are recorded.
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Figure 1.10: (a) Inner view of the sample enclosure inside the Bahr dilatometer. The beam input and the diffracted
signal are represented in red. (b) Focus on the lamellar sample. The thermocouple is spot welded on the slice. The
synchrotron beam passes through the sample according the dn direction (cf. Fig. 1.4).

Not less than 7000 patterns were produced per experiment. The diffraction patterns have thus
been analyzed using automated tools. In this Chapter, we will present the procedure which has been
followed to perform our conventional Rietveld refinements (circular integration of DS rings and
refinement). However, this analysis is not sufficient to obtain information about the recrystallization state
of our material. A new analyzing technique has thus been developed and exploited. This latter will be
discussed in Chapter 4.

1.7.2  Circular integration

When necessary, the intensity of the DS rings is integrated over the circular length of the rings
(using Fit2D software) to produce 1D - 20 intensity profiles (cf. Fig. 1.11). There are as many 1D-profiles
produced as the number of recorded 2D patterns. Reliable integration requires an accurate instrumental
calibration.

2D - Pattern 1D - 26 intensity profile

1
(110

Intensity (a.u)

2 H 4 5

__J L woorf e\ @eopp Giop,

’ 27 37 47 5.7 6.7 7.7
(a) (b) 28 [

Figure 1.11: (a) 2D diffraction pattern where the Debye-Scherrer rings are produced by the diffraction of ferrite a. (b)
1D-20 integrated intensity profile. The intensity peaks are identified by their corresponding hkI lattice index.
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1.7.3 Phase quantification by Rietveld refinement

After circular integration, the patterns are analyzed by multiphase Rietveld refinement using the
Fullprof software developed by Carvajal et al. [CAR’93]. The Rietveld approach consists in simulating
theoretical 1D profiles, calculated from instrumental and structural parameters, to determine the phase
fractions (in %weight). The simulated profiles are assessed upon minimizing the weight squared
difference between the observed intensity yje, and the calculated one y;riewer The function to be
minimized is termed “chi-2”, expressed by (1.1):

2

X = Wi(yi,exp - Yi,rietveld)z (1.1)

being w; a factor inversely proportional to the variance, such that w; = 1 / ;% Thus, the standard deviation
o; permits to establish the phase fraction uncertainty (error bar). The reader is referred to the work of
Rietveld [RIE’69] for a detailed description of the numerical approach which relates the phase fractions to
the diffracted intensities.

In the present study, the 1D profiles were integrated in batch-mode within the 2.7 - 7.2° 20 range,
discretized in 0.003751° steps, in such a manner to include only full rings. The mathematical form chosen
to reproduce the experimental peaks is based on pseudo-Voigt functions. The refinement worked on the
following phase structural parameters: lattice parameters, scale factors, peak widths, strains and overall
isotropic temperature factor. Figure 1.12 is a screenshot taken from manual refinement (ferrite +
austenite), where the experimental profile is plotted in red while that obtained from refinement appears
in black.

—Simulated 1D profile
- Experimental 1D profile

Intensity (a.u)

27 37 a7 57 67
20 7]

Figure 1.12: (a) Example of Rietveld refinement performed on a 1D profile, where ferrite and austenite diffract.

The adjustment of the experimental peak width is essential, since it results from different
contributions that must be deconvoluted: experimental broadening and density of crystalline defects in
particular. In the Rietveld numerical procedure, the Full Width Half Maximum (FWHM) is determined by
the calculation of three variables denoted U, V, W, related to the FWHM (termed Bnu) by the Caglioti
formula (1.2):

Bua = U tan*0 +Vtan 6 + W 1.2)

where 0 is the half 20 angle and f;; the FWHM. As evoked previously, the LaBe calibration enables the
instrumental peak broadening determination. This is due to a particular feature of the LaB¢ material: the
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FWHM remains constant as function of the 26 angle. The instrumental broadening in then subtracted from
the experimental one using the relation (1.3):

Bhkl = ’Bexpz - Einst2 ]_,3)

being Bexp , Binst the measured FWHM and the instrumental broadening measured with LaBg calibration.
The exploitation of the peak widths is addressed in chapter 4.

An additional type of analysis was realized in frame of ferrite recrystallization in-situ
characterization. The ring intensity of the (200)* DS as function of the azimuthal angle ring was surveyed.
The purpose of the method is presented in detail in the relevant Chapter 4, dedicated to recrystallization
during heating.

1.8 Thermodynamic approach and Thermocalc/DICTRA modeling tool

1.8.1 Analytical treatment of diffusive and moving interface problems

In Fe-C-X steels, X being a substitutional alloy component, the phase transformation kinetics is
simultaneously controlled by the solute diffusion inside the phases and the transfer of carbon and alloy
elements at the interface. In many diffusive problems, the interface is reduced to a mathematical surface
according the seminal work of Gibbs [GIB’48]. More complex models for the interface are possible (see e.g.
[HIL’99, GOU’15]). The phase transformation taken as example for the following is austenite to ferrite. The
interface migration rate v verifies the continuity equation [HIL'04]:

% (o —x) =TIy —J¢ (1.4)
where x@ and xx stand for element k molar fraction at the interface at ferrite and austenite side,
respectively, ]% are the fluxes of k atoms in phase ¢ (o or y) at the interface. Vy, is the molar volume,
considered the same for both phases o and 1.

Most frequently, one assumes that the thermodynamic equilibrium prevails locally at the o/y
interface [HIL’04, KIR’58]. The equality of the chemical potentials (1.5) provides the additional equations
which enable the determination of a single solution.

pr—pf=0 (k=1,..,N) (1.5)

The determination of the chemical potentials as function of phase compositions and temperature
is made possible thanks to the CALPHAD method, detailed in the subsequent part.

1.8.2 CALPHAD method for calculation of thermodynamic equilibria

CALPHAD method (CALculation of PHAse Diagrams) consists in collecting and assessing all
available experimental and theoretical information available on phase equilibria and thermochemical
properties of the phases in a system. The thermodynamic properties of each phase are then described
through the Gibbs free energy, which is represented by some mathematical function. Following this it is
possible to recalculate the phase diagram, as well as the thermodynamic properties of all the phases and
the system as a whole. Such calculations can be done with Thermocalc software.
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The philosophy of the CALPHAD method allows to extrapolate the data established on binary,
ternary or few higher-order systems to multicomponent systems. As the mathematical functions
describing the Gibbs energies have some physical ground, these can also be extrapolated in temperature
and composition domains without experimental and theoretical information. It also makes possible to
predict metastable equilibria between phases, which are essential data to predict phase transformation
kinetics.

1.8.3 Diffusive problem modeling with DICTRA

This section summarizes basic principles of DICTRA software, but more details can be found in
the software’s documentation and in [AND’02]. DICTRA software was intended primarily to solve
numerically problems of diffusion but it was then extended to moving interface problems. It handles
simple geometries (planar, spherical or cylindrical) reduced into a one-dimension (1D) problem with
space variable z. According to Fick’s first law, the fluxes Jx of atoms k used in the continuity equation
introduced previously are written:

n

__ 24
Jk = Dij =, 1.6)

j=1

where ¢ is the molar concentration of solute j. Dj;is the inter-diffusion coefficient, whose element inter-
dependence is written with equation (1.9):

n
;O
Dy; zszia_c; 1.7)

i=1

The diffusion coefficients used in DICTRA are obtained by the product of a thermodynamic
(0u;/dc;) and a Kinetic factor, denoted L. It was demonstrated that the concentration gradient of one
species may prompt other solutes to diffuse, as evoked by Darken [DAR’42] and experimentally evidenced
by the same author [DAR’49]. The thermodynamic factor makes the diffusion coefficient proportional to
the chemical driving force, which also accounts for the concentration of the other alloy components. L'y is
computed consistently with the expression (1.10):

n
L'y = Z(6jk — ¢ V)L 1.8)
=

where §j;, is the Kronecker symbol, V; is the partial molar volume of the component j. DICTRA assumes a
constant molar volume for all species, taken as Vi, = 10-5 m3.mol-1, per mole of substitutional species. Lj is
designated as the mobility of the component i within a j atomic lattice.

1.8.4 Mobility databases

Mobilities are stored in the databases rather than diffusion coefficients [BOR'00]. The
mathematical functions giving the mobilities as a function of temperature and composition are written
with the CALPHAD formalism, like for thermodynamic databases. The mobility terms are determined from
experiments on binary alloys and few higher-order systems. The extension to multicomponent systems is
then carried out by extrapolation. From an experimental point of view, the determination of diffusion
coefficients is a long procedure. The assessment of experimental informations and the verification of the
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model parameters to be included into the databases are time consuming [BOR’00]. Databases
development is possible thanks to the collaboration between several research teams, like for instance in
Europe within the Scientific Group Thermodata Europe community [SGT’94].

As illustrated by equations. (1.7) and (1.8), two databases are required to determine the diffusion
coefficients: one for the thermodynamic data and the other for the mobilities. In this study, the TCFE9 and
MOBFE2 [DIC’13] databases will be used.
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Chapter 2

Morphogenesis of ferrite-austenite
microstructures during intercritical
annealing

This chapter deals with the morphogenesis process of ferrite/austenite microstructure during the
intercritical annealing of the cold-rolled ferrite-pearlite microstructure, i.e. the process explaining the
morphology and topology (spatial distribution) of the phases after transformation. It addresses in fact the
question of the interactions between austenite phase transformation and recrystallization processes. This
is a key topic for steelmakers because industrial plant configurations are such that the interactions can be
weak and strong depending on the heating technology. Ferrite/austenite microstructure presents a
“necklace” configuration after slow heating whereas the microstructure is “banded” after fast heating. Our
literature review shows that all the authors do not agree about the basic mechanisms behind these
interactions (carbide ripening, nucleation and growth of austenite, nucleation and growth of recrystallized
ferrite grains). Even recent full field simulations are not able to capture the main experimental
observations about these interactions.

This is the reason why we have conducted our own systematic study of the microstructure
evolutions all along continuous annealing cycles. This part of the study has been mainly conducted using
Scanning Electron Microscopy (SEM) on representative samples and is essentially qualitative. First, the
ferrite-pearlite microstructures obtained after hot-rolling and further cold-rolling are compared. This
preliminary work is important as it serves to determine the main characteristics of the microstructure
before annealing. In this section, a special attention has been paid to the carbide microstructure. The
investigations of the annealing processes are conducted in two temperature ranges. The first studied
range corresponds to the sub-critical domain up to 700°C in order to stay below Ac; temperature. In this
range, some interactions are expected between recrystallization and carbide spheroidization. Then, the
austenite transformation is studied in the intercritical range. All the experimental procedures deployed in
this chapter have been described in previous chapter 1. Our whole analysis sustains mainly the
interpretation proposed by Li et al. in 2013.
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2.1 Literature review: Morphogenesis of ferrite/austenite microstructures during
annealing

This literature review is dedicated to the possible physical mechanisms explaining the
interactions between carbide ripening, recrystallization and phase transformation (nucleation and
growth) during the annealing of deformed ferrite/pearlite microstructures and leading to the typical
“necklace” or “banded” microstructures.

2.1.1 Formation of cold-rolled ferrite-pearlite microstructures

Before discussing the physical mechanisms occurring during continuous annealing steels, the
microstructure formation and evolution during hot-rolling and cold-rolling must be discussed.

2.1.1.a Microstructure evolution during industrial hot-rolling process

The hot-rolling of studied steels is conducted in industrial plants between 1250°C and 900°C
typically. Slabs produced by continuous casting are heated first in a furnace at about 1250°C and then
successively bloomed, edged and rolled (5 successive passes to reach a final thickness of about 3 mm). All
these rolling operations are performed above 850°C in the austenitic state. After deformation in the last
stand, the steel band is cooled by water spraying on a run-out-table. During cooling, when the
temperature decreases below the A3 temperature, austenite starts to decompose into pro-eutectoid
ferrite. This ferritic transformation leads to progressive carbon enrichment in austenite. The precipitation
of cementite particles at the pro-eutectoid grains/austenite boundaries is also possible.
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Figure 2.1: Austenite decomposition into a ferrite/pearlite microstructure along an industrial hot-rolling schedule.
The studied steel is fully austenitic at the Finish Rolling Temperature (FRT). Ferrite transformation starts at Ars and
almost stops when austenite is sufficiently enriched in carbon. This condition is often reached just before coiling
operation around 550°C.

At lower temperatures, the remaining austenite can transform into lamellar pearlite islands when
carbon concentration is sufficiently high (around 570°C). This last transformation often occurs just before
or after the coiling operation (550°C). These successive phase transformations, their thermodynamic
conditions and their kinetics will be discussed in detail in chapter 3. Figure 2.1 illustrates the successive
states of the microstructure and their respective temperature ranges.

2.1.1.b Precipitation of intergranular isolated cementite particles

Many authors report that they observe not only lamellar carbides in pearlite islands in as hot-
rolled products but also carbides at ferrite grain boundaries. We will see in the following that these
isolated carbides have a key role in the morphogenesis of ferrite/austenite microstructure as they act as
preferential nucleation site for austenite transformation (chapter 2) and they control in large part the
global transformation kinetics (chapter 5).

Lamellar pearlite transformation occurs mainly in enriched austenite grains and is a process
studied for a while [JUD’69, SPE’69]. The presence of coarse intergranular cementite particles is also
commonly observed on ferrite/pearlite grain boundaries. It is interpreted as the result of the Ostvald
ripening of lamellar pearlite islands which occurs during prolonged heat treatments after pearlite
formation.

On the contrary, the formation of isolated intergranular carbides between two ferrite grains is
seldom discussed in literature [YAN’85, LEE'87, LEE’90, LEE’93, GRA’10]. These particles are sometimes
simply ignored [OLL’17] or presented as the result of spheroidization process [TOM'18]. Lee et al.
[LEE’87] on the contrary noticed the systematic formation of intergranular cementite particles in steels
that are slowly cooled down from the austenitic domain. The same authors conducted experiments to
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identify the temperature range in which precipitation occurs [LEE’90]. They concluded that these particles
are formed in fact before pearlitic transformation. They also suspect that the presence of a cementite
particle at a boundary between a ferrite grain and an untransformed austenite grain is necessary to
trigger the formation of a pearlite island. After further TEM investigations, the latter authors proposed a
mechanism to explain the formation of the intergranular carbides [LEE’93], which is schematized in
Figure 2.2. During the pro-eutectoid ferrite transformation, several austenite pools can be trapped
between two growing ferrite grains (cf. Figure 2.2(a)). The austenite nucleation at the austenite pool /
ferrite grain triple junction is assumed possible (cf. Figure 2.2(b)). The carbide can grow by depleting the
austenite pool in carbon and then transform the remaining pool into a ferrite grain, leaving a cementite
particle or a group of small carbides on the grain boundary (cf. Figure 2.2(c)). Prolonged cooling permits
coarsening and impingement of the cementite particles which leads to continuous layers of cementite
along the grain boundaries.

(@) ay (b) (c)

ay
01 %1

Figure 2.2: Schematized formation of intergranular cementite particles at ferrite grain boundaries. (a) Austenite pool
is trapped between two growing ferrite grains. (b) A carbide nucleates at the ferrite / austenite triple junction. (c) The
growing carbide depletes the remaining austenite pool in carbon [LEE’93].

More recently, Granbom [GRA’10a, GRA’10b] investigated the formation of these intergranular
particles on different DP steel grades in industrial conditions. They report the presence of isolated
carbides in products slowly cooled (2°C.s'1) within the 710-760°C temperature interval confirming the
prior works of Lee et al.. Nevertheless, they explain the precipitation of intergranular cementite by the
carbon supersaturation in ferrite, which is possible only in case of slow heating.

The formation mechanisms of these carbides thus remain controversial in the literature and
would deserve deeper study accounting their critical role in the austenite phase transformation. We will
see however in chapter 3 that their precipitation temperature does not affect much their compositions.

2.1.1.c  Microstructure evolution during CR

Cold-Rolling (CR) is a severe plastic deformation (SPD) process. In this thesis, two cold-rolling
ratios have been studied (30% and 60%) but in this chapter, we will only consider steels deformed with
the highest ratio. The equivalent plastic strain by rolling can be calculated with equation (2.1) [FRE'96]:

2 1
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75 ) (2.1)

where R is the cold rolling ratio.

The studied cold-rolling ratio (60%) corresponds to a severe plastic deformation of 106% in bulk.
During such process, as pearlite shows a higher flow stress than ferrite, the local deformation is even
higher in the ferritic matrix. The model proposed by Allain et al. [ALL’04] predicts such strain partitioning
in both ferrite and pearlite and enables estimating the density of dislocations in ferrite after cold-rolling.
For the studied case, the predicted deformation of ferrite and pearlite is about 120% and 67%
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respectively. Ferrite and pearlite islands will thus be strongly elongated during the cold-rolling process. It
is rather well established that pearlite islands buckle and undergo intense shear banding. Another
interesting consequence of the rolling process is the decrease in the lamellar spacing of pearlite. The true
interlamellar spacing can be calculated as follows:

Se = So-exp( —g) (2.2)

where S, is the interlamellar spacing after cold-rolling and ¢ is the equivalent plastic strain by rolling.

This rolling process leads to the fragmentation of the pearlite lamellar structures to the benefit of
spheroidized particles. It is the reason why we will compare systematically the Hot-Rolled (HR) and Cold-
Rolled (CR) microstructures. A particular attention is paid to the spheroidized particles because they are
more favorable sites for the nucleation of austenite, as discussed in the following sections.

2.1.2 Interactions between recrystallization and austenitization

The interactions between recrystallization and austenitization of deformed ferrite-pearlite steels
were the topic of numerous studies since the beginning of the 80’s. Most of them were conducted during
annealing at a constant heating rate of cold-rolled steels as these conditions are encountered in the
production of low thickness advanced high strength steels (AHSS).

When considering the recent literature in this field, most of the authors agree on the following
experimental facts:

e If the deformed ferrite-pearlite microstructure is annealed at a low heating rate, the resulting
microstructure in the intercritical range presents a necklace topology, i.e. that recrystallized
ferrite grains are bordered by a continuous layer of austenite. The recrystallization of ferrite is
finished before austenite transformation and the interactions between mechanisms are “weak”.
Austenite transformation starts at temperature close to equilibrium conditions (Aci) and the
transformation kinetics are fast.

e If the deformed ferrite-pearlite microstructure is annealed at fast heating rate, the interactions
between the recrystallization process of ferrite and austenite transformation are “strong”. The
microstructures in the intercritical range show a banded topology, i.e. the austenite islands are
aligned in the rolling direction and show an elongated morphology. Recrystallized ferrite grains
are also elongated and founded in between austenite bands. Austenite transformation starts at
temperature higher than equilibrium conditions and the transformation kinetics are affected by
the heating rates. This banded structure is often correlated to Mn micro-segregations inherited
from the manufacturing process.

Nevertheless, the physical mechanisms (nucleation and growth of austenite, nucleation and
growth of recrystallized ferrite grains, diffusion of species and their various short-circuits) behind these
experimental observations are still a bone of contention in the literature. In this section, we will briefly
review the different physically-based explanations found in the literature in order to highlight their
differences and similarities. In this chapter, we mainly focus on the morphological and topological
organization of the microstructures after annealing, determined by nucleation and growth processes as a
function of heating rates. The central questions of kinetics will be briefly addressed but will be more
detailed in chapter 5.
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2.1.2.a Huangetal’s model 2004

Huang et al. [HUA’04] studied in 2004 the austenite transformation of non-deformed and
deformed ferrite-pearlite microstructure at constant heating rates. Their investigations were conducted
by dilatometry and optical microscopy mainly. Their main findings are summarized in Figure 2.3 (taken
from their publication). They explain that when annealing a deformed (cold-rolled) ferrite-pearlite
microstructure at a low heating rate (1°C.s! for the studied DP and TRIP steels), the austenite
transformation process is similar to the one observed from a non-deformed isotropic microstructure (as
hot-rolled for instance) because recrystallization of ferrite takes place before transformation. Nucleation
of austenite occurs not only in pearlite islands but also on ferrite/ferrite grain boundaries. It is not clear in
the paper whether nucleation on boundaries requires the presence of carbides or not. As a consequence,
as pearlite islands are elongated after cold-rolling, the resulting austenite grains will show the same
elongated morphology after annealing.

At high heating rate, when interactions are strong, the shape and topological arrangement of
austenite is similar to those of pearlite islands. It is as if the nucleation process of austenite was
suppressed on ferrite grain boundaries. The explanation given relies on the fact that nucleation can only
occur on immobile recrystallized ferrite grain and conversely not possible on boundaries in motion when
grains are recrystallizing. The banded structure is thus the consequence of the absence of recrystallization
outside pearlite bands, thus more often in Mn depleted bands (no austenite transformation outside
pearlite bands in Mn-rich bands). In terms of kinetics, the authors observed that the highest amount of
austenite transformed at end of the heating stage is measured with the highest heating rate (100°C.s'1).

Hot-=rolled Cold-rolled

T —
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Figure 2.3: Model of Huang et al. [HUA’04] explaining the effect of deformation state prior to annealing and heating
rates on the topology and morphology of ferrite /austenite microstructures in the intercritical range.
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2.1.2.b Thomas et al’s model 2018

The recent work of Thomas et al. [TOM’18] is also based on dilatometer trials and microstructure
observations by SEM-EBSD. They investigated recrystallization and phase transformations during
annealing of a cold-rolled steel and a tempered ferrite-pearlite steel. At low heating rate, they observed
that nucleation of austenite occurs near carbides at recrystallized ferrite grain boundaries. Austenite then
grows along the boundaries leading to the necklace microstructure. Contrary to the scheme proposed by
Huang et al. [HUA’04], the presence of carbides is a necessary condition for austenite nucleation at
boundaries. At high heating rate, they claim that nucleation of austenite occurs mainly in pearlite island.
At intermediate heating, nucleation is favored also on ferrite subgrains, as observed sooner by Petrov et
al. [POV’12]. The conclusions of Thomas and Petrov are in contradiction with the explanations of Huang et
al. [HUA’04]. Thomas et al. claim that the banded structure appears due to the growth of austenite in
recovered ferrite, which keeps an elongated morphology. However, in their analysis, the nucleation of
austenite on isolated carbides is disregarded.

In Thomas et al’s approach, the degree of banding is related to the heating rate because the
formation of austenite is rapid within the elongated pearlite bands and occurs also at the boundaries of
the recovered ferrite grains that keep their elongated shape in absence of recrystallization.
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Heating Rate: Slow (a)

2:Ac;1-10°C

3:Aq+10°C [ p P )

4: ACl + 50 °C %

deformed ferrite deformed ferrite and carbides

[
:

recovered ferrite recovered ferrite and carbides

Q)
%
ot
B
&

recrystallized ferrite recrystallized ferrite and carbides

recrystallized ferrite, carbides (gray), austenite along recrystallized ferrite
and austenite nuclei (black) boundaries

5

pearlite recovered ferrite, carbides (gray).

and austenite nuclei (black)

austenite that has consumed pearlite

Figure 2.4: Model of Thomas et al. [TOM’18] explaining the effect of deformation state prior to annealing and heating
rates on the topology and morphology of ferrite /austenite microstructures in the intercritical range.
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2.1.2.c  Chbihi et al.’s model 2014

The work of Chbihi et al. [CHB’14] in 2014 mainly consists of SEM-EBSD observations after
thermal treatments. They measured the volume fraction of austenite by image analysis while
recrystallization was quantified by hardness measurements and EBSD. The transformation kinetics were
modeled using DICTRA while recrystallization was simulated using a morphological analysis tool. At low
heating rate, when the interactions between recrystallization and phase transformation are weak,
austenite nucleates on intergranular carbides at ferrite grain boundaries. For the authors, intergranular
cementite particles likely block ferrite grain boundaries during recrystallization. Intragranular carbides
can also serve as austenite nucleation sites but austenite growth is limited on these sites. On the contrary,
austenite nuclei located on ferrite grain boundaries benefit from carbon atoms flux through the
boundaries (as preferred diffusional path). Austenite then grows along ferrite grain interfaces and cover
progressively all the boundaries. This scheme, depicted in Figure 2.5, is rather similar to the explanation
given by Thomas et al. [TOM’18], but it neglects the possible nucleation in pearlite islands, as shown by
Huang et al. [HUA’04]. The presence of Mn segregated bands is not revealed, except by limited local
fluctuations of phase fractions. When interactions are strong, i.e. when phase transformation starts before
full recrystallization, Chbihi et al. claim that nucleation of austenite takes place on the numerous carbides
present in deformed ferrite, in agreement with Andrade-Carozzo [AND’07] or Barbier et al. [BAR'14].
Hence, they suggested that higher heating rates shift the nucleation from recrystallized ferrite boundaries
to recovered or deformed ferrite boundaries. In Chbihi et al’s scenario, austenite also grows in non-
recrystallized bands which coincide with Mn-rich bands. The banded structure does not result from a
direct effect of the local chemistry fluctuation. Recrystallization process is in turn limited in term of
kinetics and of available space. Austenite nuclei occupying subgrain boundaries reduce the number of
potential sites for recrystallization and new recrystallized ferrite grains are forced to grow in between
austenite bands. Again, the proposed scenario shows similarities with the work of Thomas et al, but
contrary to the two discussed works, the role of the elongated pearlite islands is not highlighted.
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Figure 2.5: Model of Chbihi et al. [CHB’04] explaining the effect of deformation state prior to annealing and heating
rates on the topology and morphology of ferrite /austenite microstructures in the intercritical range.
2.1.2.d Lietal’s model 2013

The approach proposed by Li et al. [LI'13] is summarized in Figure 2.6. This interpretation was
mainly built from microstructure observations by optical microscopy, SEM and TEM and dilatometric
measurements.
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Contrary to the aforementioned authors, Li et al. noticed the presence of isolated intergranular
cementite particles. Figure 2.6 highlights that the microstructure in the cold-state contains not only
elongated pearlite islands but also numerous isolated carbides located mainly at former ferrite grain
boundaries.

At low heating rate, Li et al. show of course that recrystallization occurs before austenite
transformation. As recrystallization process is hindered by isolated carbides, numerous carbides are
found at new and immobile ferrite grain boundaries. Li et al. considered that austenite nucleation occurs
systematically on cementite particles at boundaries (as diffusion short-circuits). As a consequence, the
events take place simultaneously in pearlite islands and at ferrite boundaries. The growth of austenite is
fast in pearlite islands. Austenite first consumes the pearlite islands and then grows at the expense of
neighboring ferrite grains. Growth of austenite between ferrite grains occurs mainly along the boundaries
and creates the austenite network which is characteristic of the necklace microstructure.

At very high heating rates, nucleation of austenite is supposed to occur again on pearlite islands
and isolated carbides between deformed grains. As recrystallization process is not started, the density of
intergranular isolated carbides, and thus of austenite nuclei is high. As a consequence, austenite grains are
all aligned along former ferrite grain boundaries and formed the band structure inherited from pearlite
islands.

As Thomas et al. [TOM’18], Li et al. propose an additional scenario for medium heating rates in
which recrystallization and phase transformation occur at the same time. The authors pointed out a delay
of the transformation kinetics relative to those observed with slow heating rates. They explained this
retardation by an unfavorable nucleation of austenite at moving ferrite boundaries (no carbides
available). In such scenario, austenite nucleates either on recrystallized grain boundaries or on deformed
grains. As the nuclei are less numerous, the austenite network around recrystallized grains cannot be
created and few austenite bands on former deformed grains can develop. As recrystallization is delayed by
Mn solute-drag, such minor austenite bands are often observed in Mn-rich segregated bands.
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Figure 2.6: Model of Li et al. [LI'13] schematizing the effect of deformation state prior to annealing and heating rates
on the topology and morphology of ferrite/austenite microstructures in the intercritical range.

2.1.2.e  About full-field simulations
Recently, Zheng et al. [ZHG'13] developed a full-field simulation chain at the scale of a
Representative Volume Element (RVE) of the microstructure, to model the heterogeneous deformation of

the ferrite-pearlite microstructure as well as the competitive austenite phase transformation and ferrite
recrystallization processes thanks to a cellular automaton (CA). The model predicts realistic final
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microstructures and is clearly sensitive to annealing temperatures. Nevertheless, as their models consider
that the initial microstructures are made of polygonal grains surrounded by pearlite, they are not able to
predict realistic spatial distribution of nuclei. As a consequence, their model is not enough sensitive to
heating rates. The limitation of the approach is also related to the choice of a CA model which is not able to
deal with fine interface conditions (NPLE/PLE transitions for instance).

To overcome these limitations, Zhu et al. [ZHU’15b] have developed a 2D phase field modeling.
Their model is able to capture rather well their experimental transformation kinetics as a function of the
heating rate, even though they did not include cementite dissolution. They also claimed to reproduce the
necklace to banded transitions. However, their resulting RVEs shown in Figure 2.7 to sustain this result
are clearly not convincing, despite a large number of calibration parameters. Regardless of the heating
rate, pearlite islands are transformed rapidly into elongated austenite bands. At low heating rate, small
austenite grains have a sufficient time to grow along boundaries, whereas their growths are inhibited with
high heating rate. Microstructures are finally very similar, despite the large difference in heating rates
(1°C.stor 100°C.s'1). The “banded” structure is thus explained by a pure diffusion effect, without involving
strong interactions with recrystallization. This work is however interesting since it highlights the role of
the elongated pearlite islands in the whole process. Rudnizki et al. [RUD’11] realized a similar 2D phase
field model. The same conclusions can be drawn from this work, except that they modeled pearlite
dissolution prior to austenite growth. Hence, the two stages of the austenite growth (pearlite
transformation and further austenite growth in the ferritic matrix) were modeled according a two-step
sequence without any interactions.
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Figure 2.7: Phase field simulation results taken from Zhu et al. [ZHU’15b] REV at 800°C after phase transformation
and full recrystallization after 300s at 770°C after an heating sequence (a) at 1°C.s'1 and (b) at 100°C.s'L. ferrite (F)
appears in white and austenite (A) is in red. Blue lines indicate phase boundaries.

2.1.3 Discussion: austenite nucleation and growth

2.1.3.a Austenite nucleation sites

In a ferrite-pearlite microstructure, the austenite nucleates and grows from two main sites: the
boundaries of the pearlite domains and intragranular isolated carbides located at the ferrite / ferrite grain
boundaries. Most efficient nucleation sites are located at the boundaries of pearlite islands [GAR’81,
SAV’07], at the triple junction with pearlitic ferrite and cementite [GOT’11a, GOT’11b]. These sites
combine a carbon source and a high-energy defect. According to most studies, austenite grows then
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extremely fast into the pearlite, because the pearlite/austenite interface provides a fast diffusion path for
carbon (e.g. [SPE’'81]) and the diffusion distance is reduced to the interlamellar spacing. The cementite can
also dissolve in front of the approaching austenite interface [LI'11], involving fast carbon diffusion in
ferrite. However, pearlite dissolution is not always fast. It remains sluggish [SPE’81, GAR’81, LI'11] at
temperature close to Aei. Also, the cementite may be “left behind” the austenite interface [NEM’77, LI'11]
and in such case, it will dissolve more slowly.

Carbides located at ferrite / ferrite grain boundaries are also efficient nucleation sites, but less
than pearlite boundaries. For instance, according to [GAR’81, YAN’85, LI'13], nucleation on these sites
occurs on heating at higher temperature than at pearlite boundaries, meaning that more driving force is
required. Regarding austenite growth from these sites, it is not clear in all studies whether austenite then
grows along the ferrite grain boundaries or equiaxially.

Higher heating rate favors nucleation on pearlite boundaries to the detriment of ferrite
boundaries. Indeed on fast heating, less-efficient nucleation-growth sites have less time to be active. For
example, in [AZI'11], comparing heating at 1 and 300°C.s'! in the same steel, nucleation occurs both at
fragmented pearlite and ferrite grain boundaries at 1°C.s-1. At 300°C.s1, only the former nucleation sites
are active. Accordingly, [SAV’'07] established that at slower heating rate (0.05°C.s-1) austenite nucleation
has time to occur on ferrite grain boundaries, whereas at faster heating rate 20°C.s'1, nucleation is
restricted to pearlite island boundaries. The reason would be that the carbon has not enough time to
diffuse towards the austenite over long distances, at 20°C.sL.

Regardless of the nature of the nucleation sites, increasing the heating rate increases the number
density of austenite nuclei, as the transformation is shifted to higher temperatures where diffusivity and
driving force are higher. This is well put into evidence in [AZI'11] by comparing the microstructure after
fast or slow heating (1°C.s*! or 300°C.s'1) of the same HR microstructure.

Lower-efficiency nucleation sites have also been reported. These have little influence on the
transformation kinetics and the austenite morphogenesis. These are:

e Ferrite / ferrite grain boundaries (without intergranular cementite carbide) [SAV'07, SAV'10,
OFF’02]. Carbon is supplied to austenite from cementite by long range diffusion through ferrite or
fast diffusion paths [OFF’02].

e Interior of pearlite islands, at ferrite/cementite interfaces, in non-spheroidized pearlite [SHT’99] or
in spheroidized pearlite [AZI'11].

e Intragranular cementite particles [YAN'85, AZI'11].

2.1.3.b Austenite nucleation rate

There are few reported measurements of nucleation rate, which is obviously due to experimental
difficulties. In [RO0’83], quantitative metallography was done to estimate the austenite nucleation in an
eutectoid plain carbon steel during isothermal annealing. Austenite nucleation is progressive, meaning
that the nucleation sites are not quickly saturated. The nucleation rate is correlated with the lamellar
spacing of the colonies. It increases with increasing temperature, leading to finer microstructure, in
accordance with [AZI'11]. Savran and Offerman [OFF’02, SAV’10] measured the nucleation rate (reported
in Figure 2.8) of austenite by in situ 3D synchrotron XRD during continuous heating at 10°C.min! of C22
and C35 steels. Austenite nucleation occurs quickly with fast saturation of available sites at pearlite and
more progressively at ferrite boundaries. Also, in C35 steel, because of the higher driving force, nucleation
is restricted to pearlite and it occurs faster.

39



A L NP0,

|
7

600 700 800 900 1000
Temperature, °C

-3

14
m
~
L

.J.—"’P_P’_ —=C22
—— (35

Nucleus density, 10
[$)]

Figure 2.8: Densities of austenite nucleus as function of temperature measured by Savran [SAV’10] for C22 and C35
steels).

2.1.4 Effect of cold-rolling and recrystallization

The cold-rolling and subsequent heating modify the initial microstructure by introducing
deformed ferrite grains with high density of defects and recrystallized ferrite grains (depending on
heating rate). The pearlite colonies become fragmented and spheroidized.

The boundaries of spheroidized/fragmented pearlite islands remain the most efficient nucleation
sites [AZI'11, SAN’08, KUL'13, MOH’11]. Austenite then still grows extremely fast into the pearlite island.
Compared to lamellar pearlite, dissolution of fragmented/spheroidized pearlite is faster. According to
[NEM’77], the cementite plates of pearlite would represent obstacles to the austenite growth.

New potent nucleation sites are the boundaries of recrystallized ferrite grains, especially if there
is an isolated cementite particle located on the grain boundary [HUA’04, YAN’85, AZI'11, MOH’11, LI'13,
KUL'13].

Regarding the non-recrystallized and highly-defected ferrite grains, it is not clear from the
literature whether or not they accelerate the austenite nucleation. There are few observations of austenite
nucleation inside non-recrystallized ferrite grains [YAN’85, KUL'13]. In contradiction with these studies, it
is stated in [HUA’04] that austenite nucleation inside recrystallizing ferrite would be difficult, because the
ferrite/ferrite interfaces are moving. As for austenite growth, quantitative microstructure
characterizations of [CHB’14, BAR’14] strongly suggest that the austenite grows preferentially into non-
recrystallized ferrite. According to Kulakov et al, austenite growth would be enhanced by the presence of
defects. Other studies report conversely that the austenite grows preferentially along ferrite grain
boundaries, recrystallized or not [HUA’04, LI'13].

The interaction between recrystallization and phase transformation of cold-rolled transformation
thus remains a hot topic for the community and difficult to address as the processes are difficult to
observe in situ. As shown recently by Lai et al. [LAI'16] and Ollat [OLL’17], this question is especially
important to predict the final morphology and spatial distribution of phases. It is possible to address only
kinetic aspects by considering sub-systems representative of both pearlite islands and isolated carbides.
This is also the strategy applied in this thesis.
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2.2 Microstructure characterization

The objective of this chapter is to assess the validity of explanations detailed above about studied
steels and to prepare the reader for the detailed discussion in following chapters about carbide ripening
(chapter 3), recrystallization (Chapter 4) and austenite transformation kinetics (chapter 5) respectively.

2.2.1 Sample preparation and nomenclature

In this chapter, the microstructures are characterized by means of SEM in the as hot-rolled and
subsequent cold-rolled states and along different continuous annealing schedules. The samples have been
prepared using a dilatometer to reproduce interrupted thermal schedules. Two constant heating rates
have been investigated; a slow one (3°C.s'1) and a medium/fast one (30°C.s'1) which are often encountered
in industrial plants.

In the following, HR and CR refer to samples extracted from the as-received Hot-Rolled and Cold-
Rolled specimens, respectively. The label of the annealed samples is composed with the stop temperature
(up to 800°C) and the annealing heating rate (H3 or H30 corresponding to respectively 3 and 30°C.s-1,
respectively). Sample 710H30 corresponds for instance to a CR sample heated up to 710°C at a constant
heating rate of 30°C.s'1 and then quenched. In such samples, since austenite transformed into martensite
during quenching, martensite reveals the presence of austenite at the stop temperature. The progression
of the austenite transformation is also studied during isothermal holding at 800°C for 60 and 600s.
Consistently, these specimens are designated with the holding duration followed by the heating rate
employed. For instance, ISO60H3 corresponds to a sample heated at 3°C.s'! and hold for 60s before
quench.
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Figure 2.9: Key stages of DP steel manufacturing studied in the present work. The corresponding sample designations
are indicated (HR, CR, 700H3, .ISO600H30).
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The following experimental study is divided into five sections. The two first ones are dedicated to
the detailed characterization of the HR and CR microstructures prior to annealing and their comparison.
We will show in particular how cold-rolling alter the as-hot-rolled ferrite/pearlite microstructure. The
third section aims at discussing the mechanisms operating during sub-critical annealing up to 700°C, i.e.
mainly carbide ripening processes and recrystallization, which are both highly sensitive to the heating
rates. Then, the microstructure evolutions are characterized as function of the temperature during heating
and as function of the holding time at 800°C for both heating rates. Finally, the experimental results are
discussed at the light of the literature. A special attention will of course be paid to the Mn segregation of
studied steels, the evolution of carbide microstructure (below and above Aci), i.e. pearlite islands and
isolated carbides, nucleation sites of austenite, recrystallization states of ferrite and growth modes of
austenite and transformation kinetics.

2.2.2 Characterization of the HR state before cold-rolling

2.2.2.a Ferrite and carbide microstructures in the as-hot-rolled state

Figure 2.10(a) shows the hot-rolled microstructure of the studied steel observed by SEM after
etching. As expected, the microstructure is essentially made of polygonal ferrite and islands of lamellar
pearlite. Pro-eutectoid ferrite grains appear in dark contrast. They are equiaxed and their mean radius is
estimated to 5 um. Cementite appears in clear contrast on the contrary.

The pearlite islands consist of groups of parallel cementite lamellae without any preferential
orientation. Their true interlamellar spacing is So = 82 nm according to our measurement using a planar
intercept method and Ridley’s stereological corrections [RID’84]. Nevertheless, the structure is not ideally
fully lamellar. Several lamellae localized on the pearlite / ferrite grain boundaries show some rounded
extremity and rounded shape carbides can be found in the islands.

The fraction of lamellar pearlite has been determined by image analysis with a manual
delimitation of pearlite islands. Figure 2.10(b) shows the result of the image analysis procedure applied to
(a) as explained in chapter 1. Carbide in pearlite islands appears in white and isolated carbides have been
colored artificially in red. Using such procedure, the volume fraction of pearlite islands is estimated at
16%yo1. Considering the nominal alloy carbon balance, 25%y0 of pearlite was however expected by the
prevailing thermodynamic conditions during the transformation (see chapter 3 for more details). The
same differences between expected and measured pearlite fraction were reported by Rudnizki and
Kulakov [RUD’11, KUL'13]. Thus, the whole carbon content of the studied steel (0.46%at) is not exclusively
found in pearlite islands. A mass balance (detailed in Chapter 3) shows that, consistently with the
measured fraction of pearlite, only 0.29%. of the carbon is found in pearlite. This finding is sustained by
the presence of an important number of cementite films and isolated carbides on the ferrite/ferrite grain
boundaries (artificially colored in red in Figure 2.10(b)). They mainly have a long and thick rectilinear
morphology, but some of these have a rounded shape. These shape and localization are consistent with
the interpretation of Lee et al. [LEE'93] discussed above. As very few intra-granular particles can be
observed, it is likely that the remaining carbon (0.46%a¢ - 0.29%ac = 0.17%.:) contributes to the formation
of those isolated carbides.
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Figure 2.10: (a) SEM micrograph of the Hot-Rolled material. (b) Same micrograph after binarization. Cementite
particles are colored and have been sorted depending on their localization on ferrite grain boundaries (red) or in
pearlite islands (white).

2.2.2b Mn segregations

When observing HR microstructure at a larger scale, it clearly appears that pearlite islands are
topologically organized in bands. Figure 2.11(a) highlights the microstructure organization.

Pearlite bands (in bright contrast) are 20 pm distant from each other and have an average
thickness of 7 um. The band morphology is caused by local Mn depletions which promote transformation
of pro-eutectoid ferrite. Last austenite to transform at coiling temperature shows then a banded
morphology [DES’76]. These local Mn depletions and enrichments are called micro-segregations and are
due to a partition processes occurring during solidification of slabs. During Hot-Rolling, the segregations
are oriented with respect to the rolling direction [FLE’06]. Figure 2.10(b) is a Mn WDS map from another
study, realized by Castaing microprobe on the DP600 steel at the cold-rolled state [CHB’14]. The Mn
segregation bands are 7 pm large in average. In present study, WDS measurements were also carried out
along the thickness (d; side, see Figure 1.5) by Castaing microprobe. It was established that the Mn
concentration measured at quarter-thickness of specimen is varying between 1.83 (depleted band) and
2.02%w (enriched band).

1.9%
1.5%

- 1.1%
0.8%
0.4%

0.0%

Figure 2.11: (a) SEM micrograph of the studied steel in hot-rolled state (HR). The large pearlite bands are located on
the central macro-segregation. (b) WDS mapping of the Mn through the thickness of a cold-rolled DP600 specimen
[KUL’13].
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2.2.3 Characterization of the CR state prior to annealing

2.2.3.a  Evolution of the Ferrite and carbide microstructures after cold-rolling

The consequences of the Cold-Rolling process on the initial HR microstructure are shown in
Figure 2.12. The Figures compare the microstructures before and after CR at low magnification or
focusing on pearlite islands and isolated cementite particles.

Global overview

Pearlite

Isolated carbides

A B

Figure 2.12: SEM micrographs after etching representative of the HR and CR microstructures respectively. (a) and (b),
at low magnification, (c) and (d) focusing on pearlite islands, (e) and (f) after image analysis highlighting isolated

carbides in red.

The micrographs reflect well the deformation induced by the rolling process. Both pearlite and
ferrite grains are elongated in the rolling direction. Pearlite bands as well as ferrite grains are now 3 pm
thick, with a large scattering in terms of length. Some cementite lamellae remain relatively undamaged
while others are fragmented owing to the high deformation. The true interlamellar spacing is significantly
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reduced down to Sp = 47 nm (measured by the same method as previously, but with a lower confidence
level).

Dealing with isolated cementite particles, the high deformation presumably caused the
displacement and the fragmentation of the large particles localized on ferrite boundaries. This
fragmentation produces thin cementite clusters oriented toward the rolling direction (as shown by Li et al.
[LI'13] for instance). A higher number of intergranular cementite particles are thus observed on grain
boundaries. Some intergranular cementite films are still present, but appear to have been bent. Almost no
intra-granular carbides are observed in ferrite.

2.2.3.b Morphology and size evolution of the carbide microstructure

As individual carbides can act as potential nucleation sites for austenite, a quantitative analysis of
the carbide microstructure (size, density, morphology) was conducted. Between HR and CR states, it
seems that pearlite lamellae as well as cementite films at boundaries were fragmented by mechanical
deformation. It is thus expected an increase in the density of particles as well as an increase in the
proportion of particles with a rounded shape at the expense of lamellar shaped carbides.

This work was conducted by detecting and analyzing systematically all particles in our image
processing, as explained in chapter 1. Our particle counting method in surface will be used to compare
different microstructure states in a relative way. It must be stressed that the following microstructure
quantifications in 2D cannot be extended with confidence to 3D (number of particles per volume unit for
instance).

A distinction is again made between pearlite and isolated carbides. The cementite particles were
sorted into two categories to discriminate spheroidized from non-spheroidized particles

The calculated SPHeroidization ratio (SPH ratio) is defined as the cumulated area of spheroidized
cementite particles over the cumulated area of all cementite particles. The density (being the ratio of the
number of particles over the area observed) in pearlite was calculated by considering uniquely the
cumulated area of all surveyed pearlite islands. Nonetheless, the isolated particle density was calculated
over the whole area (the particles counted from pearlite were of course deduced). Table 2.A compares the
spheroidization ratio, the densities and the mean equivalent radius of the spheroidized particles between
HR and CR states. Figures 2.13(a) and (b) compare the equivalent radius size distribution for pearlite and
isolated particles, respectively. The volume of cementite represented for each particle size class is
rationalized over the total volume of cementite. The total volume of cementite represents the amount of
cementite contained in the single pearlite in a first hand, or solely the isolated carbides in the other hand.

Sample | Density (part.um-2) | SPH ratio (%) | Equivalent radius (nm)
— HR 26.6 42 83
Pearlite island CR 298 68 75
] HR 0.4 43 90
Isolated carbide |- 18 69 94

Table 2.A: Density, degree of spheroidization (SPH) and mean equivalent radius of the spheroidized cementite
particles in pearlite or within the matrix in HR and CR samples.
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Figure 2.13: Size distribution of spheroidized carbides (a) in pearlite islands and (b) in the matrix (isolated) in CR and
HR microstructures.

Isolated carbides are coarser than particles found in pearlite. After cold-rolling, the density of
carbides in pearlite remains constant but is multiplied by four for the isolated carbides. Their mean
equivalent diameter is reduced within pearlite and barely augmented for the isolated carbides in the
matrix. The spheroidization ratio is increased from ca. 40 to 70% for both carbide categories. In pearlite,
the size distribution is moved toward smaller sizes (90 nm down to 75 nm in average). The size
distributions of isolated particles are rather comparable.

2.2.3.c  Conclusion

The HR microstructure is made of large and equiaxed ferrite grains and pearlite islands
containing lamellar and almost non-fragmented cementite. The cold-rolling process induces a strong
deformation of ferrite grains and pearlite colonies, which become elongated parallel to the rolling
direction. The pearlite lamellae are often fragmented. Consistently with the higher number of particles,
the spheroidization ratio increases up to 70%. The mean radius of the spheroidized particles is reduced
from 90 to 75 nm in pearlite islands.

Dealing with the isolated carbides, the mean radius is stable, while the spheroidization ratio is
strongly raised. In fact, some intergranular films are broken or bent during the CR process. The carbides
are now found aligned according to the deformed ferrite grain boundaries. Very few intra-granular
particles have been observed inside ferrite grains.

2.2.4 Microstructure evolution during heating below Ac1

As explained, CR samples were heated in order to characterize the microstructure evolution
during annealing in the sub-critical and in the intercritical range, i.e. before and after austenitization
starts. Two heating rates, 3 and 30°C.s™ have been considered. It appears that austenitization starts at
710°C for the slow heating rate and at 720°C for the fast heating rate. Studying the microstructure at
700°C in both cases is thought to be representative of microstructure evolutions in the sub-critical range,
just before austenitization.
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The evolution of microstructures is represented in Figure 2.14. As in previous Figure 2.12, a
special attention is paid to the structure of the ferritic matrix and the states of pearlite islands and isolated

carbides.

700H3 | 700H30 A |

Global overview

Pearlite

Isolated carbides

S5um

Figure 2.14: SEM micrographs representative of the slow and fast heated samples (700HR3 and 700HR30). (a) and
(b), at low magnification, (c) and (d) focusing on pearlite islands, (e) and (f) after image analysis highlighting isolated

carbides.

2.2.4.a Recrystallization as a function of the heating rates

When considering only the ferritic matrix, a fully recrystallized state is clearly observed after slow
heating whereas after fast heating, the matrix is obviously non-recrystallized at 700°C. In Figure 2.14(a),
the ferrite grains, initially elongated in the rolling direction at the CR state, are large and equiaxed with a
mean radius estimated to 6 um. On the contrary, in Figure 2.14(b), after fast heating, the matrix contains a
large number of sub-grains highlighted by etching with a mean radius of 0.5 pm.

This observation is in good agreement with studies found in literature. Mohanty et al. [MOH’11]
or Huang et al. [HUA’04] identified a threshold heating rate of 10°C.s'! above which recrystallization does
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not occur in their cold-rolled DP780 steel grades. Similar investigations were made for the current cold-
rolled DP600 material by Kulakov et al. [KUL’13]. They reported that the microstructure was more or less
recrystallized at 700°C for heating rates greater than 3°C.s'1. Below this heating rate, the microstructure
was systematically recrystallized. Ollat et al. [OLL’17] did not observe recrystallization as well for heating
rates higher than 3°C.s! on a similar CR ferrite-pearlite steel (DP780) having the same cold-rolling
reduction rate. The kinetics of recrystallization will be studied in detail in chapter 4.

2.2.4.b General evolution of carbide microstructure

Pearlite islands have evolved in the same manner, whatever the heating rates, as shown in Figures
2.14(c-d). The former pearlite colonies contain now fragmented lamellae. Almost all cementite lamellae
have disappeared to the profit of cementite particles with a spheroidal shape. The fragments with a
spherical shape are aligned, indicating the position of the former lamellae. Some fragments can keep also a
slightly rectilinear shape.

On the contrary, the evolution of isolated precipitates on ferrite grain boundaries depends on the
heating rate. The initial rectilinear films found in the CR state have been fragmented, like the lamellae in
pearlite islands, and now consist of clusters of spherical particles for both heating rates. However, in the
case of slow heating, a high number of small particles are now trapped inside the large recrystallized
ferrite grains. This leads to a quite homogeneous distribution of cementite particles throughout the
matrix. The larger precipitates are localized on ferrite grain boundaries while the smallest are localized
inside the grains. After fast heating, no intra-granular particles can be observed. Cementite particles
throughout the ferrite matrix are thus not distributed homogeneously. The carbides are only found on the
deformed ferrite grain boundaries. As a consequence, they are distributed along linear arrays between the
pearlite islands and along the elongated ferrite grain boundaries, consistently with the cold-rolling
direction. These observations are rather consistent with the scheme proposed by Li et al. [LI'13].

2.2.4.c  Morphology and size evolution of the carbide microstructure

The particle density, i.e. the ratio of the number of all particles observed (pearlite + isolated
carbides) over the whole sample area investigated is significantly increased from 1.8 to 2.6 particles.um-2
after slow heating (700H3). On the opposite, it is barely modified after fast heating (700H30) for which a
density of 1.9 particles.um-2 is observed. Specific investigation of pearlite islands reveals that the carbide
densities are surprisingly similar. After slow and fast heating, densities are respectively equal to 189.1 and
176.4 particles.um-2.

Spheroidization degree and averaged particle sizes as a function of the heating rates are summed-
up in Table 2.B. The size distribution of cementite particles is represented in Figures 2.15(a) and (b) for
carbides inside the pearlite and isolated carbides, respectively.

In pearlite islands, the degree of spheroidization does not seem to depend on the heating rate. All
heated microstructures are spheroidized to ca. 85%. The average equivalent radius in pearlite is the same
after heating (ca. 75 nm), regardless the heating rate. The widths of size distributions are rather similar
even though the distribution for slow heating seems bimodal. This result clearly evokes that remaining
lamellae have been fragmented by a ripening process. However, as the mean size of precipitate did not
evolve significantly, it means that coarsening is not really operative in pearlite islands (except marginally
in the case of the slow heating rate).
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Sample Density (part.um-2) | SPH ratio (%) Equivalent radius (nm)
CR 29.8 68 75
Pearlite 700HR3 189.1 89 74
700HR30 176.4 84 72
CR 1.8 69 90
Isolated cementite | 700HR3 2.6 83 111
700HR30 1.9 83 73

Table 2.B: Density, degree of spheroidization (SPH) and mean equivalent radius of the spheroidized cementite
particles in pearlite or within the matrix in CR, 700H3 and 700H30 samples.
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Figure 2.15: Size distribution of spheroidized carbides (a) in pearlite islands and (b) in the matrix (isolated) in CR,
700HR3 and 700HR30 samples.

The proportion of spheroidized isolated particles in the matrix increases after heating and
achieves the same degree of spheroidization, regardless the heating rates. Both microstructures are highly
spheroidized (85%) at 700°C as for pearlite islands. The effect of the heating rate on the mean sizes and
size distributions is obviously more pronounced. The mean radius is increased from 90 to 111 nm after
slow heating, while it is lowered to 73 nm after fast heating. The widths of size distribution after slow and
fast heating are also different. The distribution is shifted to the low values for the high heating rate while
the size distribution for low heating rate shows an extended tail in the direction of large particles.

As for pearlite islands, these results evoke a ripening process which leads to the fragmentation of
lamellar structures (more particles, higher degree of spheroidization) and the coarsening of spheroidized
particles. Here again, coarsening is only seen after slow heating and is revealed by the extended tail of the
size distribution.

2.2.4.d Discussion: Evolution of carbide microstructure in pearlite islands

The fragmentation mechanism of cementite lamellae during annealing is achieved at the same
degree of completion at 700°C, independently of the heating rate (same density inside pearlite islands,
same spheroidization ratio). The ripening process is thus fast.

The seminal works of Chattopadhyay et al. highlighted the contribution of prior deformation to
enhance fragmentation kinetics [CHA’77, CHA’82]. More recently, it was established that the
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fragmentation mechanism is fast when the deformation exceeds 30% [SHN’01] which is the case of the
studied steel (local deformation in pearlite estimated around 70%). The fragmentation process is
observed at temperatures as low as 450°C and is extremely fast near 600°C [SHN’01]. The severe plastic
deformation process induces defects inside the cementite platelets [ETO’08, YIN'18]. According to the
mechanism detailed by Mahlzahn and Kampe [MAL’89], during recovery, some dislocations migrate and
gather to form a subgrain on the cementite surface. The Gibbs-Thomson effect is active on the two edges
of the subgrain and then promotes carbon diffusion which broadens the sub-grain. Progressively, the
subgrain forms a groove which moves deeper until the separation of a cementite rod from the platelet.
With longer time, rods are then fragmented into spheroids [ARR’14]. The mechanism of fragmentation is
depicted in Figure 2.16. The combination of both cold-rolling deformation and high annealing
temperature thus contributes to a fast spheroidization, independently of the heating rate.

(a) (b) () (d)
NN
) hedhesd

Figure 2.16: Schematic representation of the successive steps leading to the fragmentation of a cementite platelet into
spheroidal particles. (a) Dislocation sub-grains induced by a prior deformation in cementite. (b) Carbon diffusion from
the groove edges toward flat surfaces. (c) Separation of rods from the parent platelets (d) Fragmentation of rods into
spheres [MAL’89].

The particle size distribution in pearlite shows a single peak located at about 75nm for the
700H30 sample while it appears to be bimodal for the 700H3 specimen. The first peak corresponds to
carbides smaller than 50 nm while the second accounts for those larger than 100 nm. This split-up
indicates that the coarsening mechanisms was shortly active during slow heating, but did not have
sufficient time to occur during fast heating. It is in agreement with the usual durations found in the
literature for cementite coarsening [GAN’09, SU’15, MAT'17].

2.2.4.e Discussion: Evolution of isolated carbides in the ferritic matrix

The slow heating permits a significant increase from 90 to 110 nm in the mean equivalent radius
of isolated carbides. Coarsening is expected to have sufficient time to proceed and is promoted by the
enhanced solute diffusion through the grain boundaries [GAR’81]. At the same time, the particles density
is considerably increased from 1.8 to 2.6 (part.um-2). This important evolution is not only explained by the
fragmentation of the cementite intergranular films. The micrographs in Figure 2.14(c) reveal in fact many
small precipitates inside the ferrite grains.

One reported interpretation suggests that during the recrystallization process, ferrite grain
boundaries can overcome the pinning force of the smallest precipitates, leaving some particles inside
ferrite grains. The particles left behind the moving boundary will finally dissolve to the benefit of those
localized on the grain boundaries [KUL’13, LAI'16]. In fact, this mechanism should result in a decrease in
carbide density.

On the contrary, Shin et al. [SHN’01, SHN’03] observed the dissolution of intergranular carbide
films and the precipitation of isolated carbides within the matrix during isothermal annealing of highly
deformed ferrite-pearlite. This process is made possible thanks to the increase in solubility of carbon in
the ferrite matrix due to the deformation state. For the authors, the mechanism can be active at
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temperature as low as 400°C. Nevertheless, the nucleation sites of the newly precipitated particles are not
discussed.

In fact, to our best knowledge, these intergranular carbides appearing during heating have
already been observed but the mechanism explaining their presence is far from being clear. Nevertheless,
we will see in the following, that these intragranular carbides do not play a major role in the
morphogenesis of ferrite/austenite microstructure contrary to intergranular carbides.

2.24f  Asummary so far

The consequences of the heating rates on the microstructures before the austenitization were
observed and discussed in this section. For both heating rates, spheroidization of the carbide
microstructure is almost complete (85%). The heating rate does not affect the spheroidization of pearlite
islands. The radius of cementite particles generated by the fragmentation of the lamellae is about 75 nm in
both cases. During slow heating, the coarsening process which follows the fragmentation of the cementite
lamellae remains moderate.

For intergranular isolated precipitates in the ferritic matrix, coarsening is enhanced by the faster
diffusion of the elements along the grain boundaries. After slow heating, a consequent mean size of 110
nm is achieved while the initial size was initially 90 nm in the CR state. Slow heating condition leads also
to the presence of inter-granular carbides. The mechanisms behind are worth being investigated. With fast
heating, the mean equivalent cementite radius is lowered to 75 nm, since only fragmentation of the
cementite intergranular films occurs. As a result, the intergranular carbides remain distributed in arrays
arranged linearly along the elongated ferrite grain boundaries, in accordance with Li et al. [LI'13] (cf. Fig.
2.6).

Recrystallization is possible only in case of slow heating. The initial elongated ferrite grains
become equiaxed and large (R=4 pm). After fast heating, the highly-deformed matrix did not evolve and
was still composed of small ferrite subgrains (R=0.5 pm).

2.2.5 Austenite transformation

2.2.5.a Introduction

The effect of the heating rate on austenite transformation has been extensively discussed in past
and recent literature. Global kinetics can be explained by some empirical models (see chapter 5 for more
details) but the resulting spatial distributions and morphologies are not well understood. As shown in the
bibliographic survey, fast heating leads to banded configuration while slow heating produces a necklace
configuration. One objective of the thesis was to propose a consistent approach to explain the
morphogenesis of the ferrite/austenite microstructure at the light of the existing literature and systematic
microstructure observations.

For this purpose, different specimens were heated between 700 and 800°C (with a 10°C
temperature step) and quenched. In this manner, the first stages of the austenite formation can be
characterized. Special attention was paid to the study of austenite nucleation sites in order to decide if the
austenite nucleates exclusively on carbides as claimed by [LI'13, LAI'16, OLL'17, TOM’18], or whether
austenite can also nucleate on ferrite grain boundaries and grow by long range diffusion of carbon
[KAL’98, SAV’'07, GOT’11a].

The samples used for the SEM observations were etched by DINO etchant, which preferentially
attacks martensite (former austenite) to obtain a good contrast between martensite and ferrite. A
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supplementary advantage of the DINO etchant is that the ferrite grain boundaries are revealed as well.
One important drawback of DINO is however to leave residual particles that look like cementite particles
on flat surface. In this section, cementite particles (sometimes redeposited particles due to DINO) appear
in bright contrast on SEM micrographs, while martensite appears in darker contrast. Owing to the small
size of the austenite nuclei at the beginning of transformation, austenite is colored artificially in red on
certain micrographs to improve its visibility. Slow and fast heating conditions are successively detailed.
The resulting austenite transformation kinetics will be briefly discussed at the light of direct
measurements on SEM micrographs (using a point counting method) and dilatometry experiments. We
will show that both measurements lacks of reliability compared HEXRD detailed in chapter 5 but provide
already interesting trends.

2.2.5.b  Slow heating: SEM characterization of the microstructure evolution

Figures 2.17 show the SEM micrographs of the samples heated at 3°C.s™ and quenched at

different temperatures in the range of 710°C - 800°C with a 10°C step. The different figures correspond
respectively to samples 710H3, 720H3, 730H3, 740H3, 750H3, 780H3 and 800H3. For each sample, two
micrographs are presented corresponding to two different magnifications, at the segregated structure
scale and at a single pearlite island scale.
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Figure 2.17: SEM m

quenched. (a)-(b): 710°C (sample 710H3). The smallest austenite grains are colored in red for a better visibility. (c)-
(d): 720°C (sample 720H3). (e)-(f): 730°C (sample 730H3). (g)-(h): 740°C (sample 740H3). (i)-(j): 750°C (sample
750H3). (k)-(1): 780°C (sample 780H3). (m)-(n): 800°C - 0s (sample 800H3). For each sample, two micrographs are
presented corresponding to two different magnifications, at the segregated structure scale and at a single pearlite
island scale.

e 710-720°C (710H3 and 720H3 samples): The ferritic matrix is almost fully recrystallized but pearlite
islands still contain sub-grains revealing the absence of recrystallization in this domain. Austenite
nucleates first around recrystallized ferrite grains. Small austenite grains present two distinct
morphologies. Most of them have a spheroidal shape. These ones are principally localized at the
triple-junctions of ferrite grains (between ferrite grains or between ferrite grains and pearlite
islands) [GOT’11b]. The other morphology consists of austenite films (typically 100 nm thick)
positioned on ferrite grain boundaries. The morphology of these new austenite grains is presumably
due to the enhanced boundary diffusion as proposed by [LI'13]. It may be also due to percolation of
austenite grains. Intra-granular nuclei are rare despite numerous intragranular carbides (see section
2.1.1.b). As pearlite colonies remain untransformed, austenite nucleation is highly heterogeneous
below 720°C and the austenite growth is limited.

e 730°C (730H3): The austenite grains (films or sphere) between ferrite grains or between
ferrite/pearlite islands have grown significantly and have adopted almost spheroidal shape (0.7pm as
mean diameter). At this temperature, the number of new austenite grains observed around pearlite
islands (few configurations are highlighted by arrows in Figures 2.17(e)-(f)) is in fact limited. No
austenite grains are observed inside decomposed pearlitic islands. Rare intra-granular austenite grains
do not evolve between 720°C and 730°C. The austenite fraction is estimated around 3.5%yo1.

Deeper investigations were carried out to verify if undissolved carbides can be observed inside
newly formed austenite grains (the smallest austenite grains) at ferrite boundaries. In most of the cases, a
white particle can be observed (Figures 2.18(a)-(b) and (c)) whatever the boundary configuration (plane
or triple-point). Nevertheless, this observation is not systematic (Figures 2.18(d)-(e) and (f)) whatever the
configuration and the size of the austenite grain. As a consequence, it has not been possible to conclude
definitively about the nature of intergranular nucleation sites of austenite (systematic heterogeneous
nucleation on the carbide). However, it seems statistically obvious that a very close carbide is required to
act as a carbon source (dissolution). The absence of carbide can be interpreted either as a sign of a
complete dissolution or because the carbide is not localized on the observed sample section.
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Figure 2.18: SEM micrographs at high magnification of sample 730H3 focusing on austenite nuclei localized (a),(b)
and (c): on ferrite grain boundaries or (e), (f) and (g): at triple-junctions.

740°C (740H3): The ferritic matrix is now fully recrystallized. Between 730°C and 740°C, numerous
austenite grains appear at pearlite island boundaries. These new grains grow rapidly in this stage and
have almost consumed all pearlite islands at 740°C. Only larger pearlite islands with their aligned
spheroidized carbides are still visible. The transformation of pearlite islands is the most important
phenomenon observed in this temperature range.

The grains at the triple-junctions seem to grow faster than those located along boundaries. Their
typical diameter is estimated around 0.85 um. In fact, the sizes of austenite grains are highly scattered.
Austenite films reported at 720°C have barely thickened (0.22 pm thick). In some cases, the films and
the spheroidal austenite grains are impinging and are forming the first continuous austenite layer
along ferrite grain boundaries. As reported at lower temperature, rare intra-granular austenite grains
kept their size, their growth being apparently stopped. The austenite volume fraction reaches about
8%vol.

750°C (750H3): The austenite volume fraction is about 10%... Pearlite islands are now fully
transformed into austenite at this temperature. It is worth noting that each former pearlite island has
been replaced by different austenite grains. The corresponding transformed volume inherits the
thickness of the former pearlite (typically 2 um width). The austenite grains localized on the triple-
junctions are growing in the surrounding ferrite grains and reach a mean diameter of 2 um. A
significant proportion of the ferrite grain boundaries are thus decorated by austenite (around 50% of
the linear boundary length) thanks to the growth of austenite grains located on ferrite grain
boundaries.

780°C (780H3): The austenite volume fraction reaches 26%.,. The large austenite domains which
result from the dissolution of pearlite are expanding into the surrounding ferrite and their thickness is
comprised between 3 and 8um. The majority of the ferrite grain boundaries are decorated by
austenite, leading to a microstructure made of austenite rings around the ferrite grain boundaries and
large austenite islands at the place of former pearlite islands. This configuration is characteristic of the
“necklace microstructure”. The austenite films which are already percolated are now growing further
into the ferrite grains and become thicker (500 nm thick). Again, the intra-granular austenite grains do
not evolve.
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e 800°C (800H3): The austenite volume fraction increases significantly between 780°C and 800°C
(about 37%y0 is now transformed at 800°C). The evolution seems mainly associated with the
growth of former pearlite bands whereas the microstructure evolution in between (necklace
structure) seems limited. It is however difficult to be definitive and quantitative as austenite
network is now highly percolated.

Figure 2.19: SEM micrographs of samples heated at 3°C.s! at 800°C, hold during (a)-(b) 60s (ISO60H3) and (d)-(d)
600s (ISO600H3) and quenched. For each sample, two micrographs are presented corresponding to two different
magnifications, at the segregated structure scale and at a single pearlite island scale.

e 800°C - 60s (ISO60H3): The austenite volume fraction is 45%yo1. The necklace morphology obtained at
end of the heating step (800H3) is disappearing due to the growth of austenite grains (around ferrite
grains and austenite stemming from pearlite islands). Hence, the smallest ferrite grains are almost fully
transformed into austenite and only the larger ferrite grains remain visible.

e 800°C - 600s (ISO600H3): At end of the holding stage, the amount of austenite reaches 57%vol, i.e.
twice the value estimated at the beginning of the stage. The austenite distribution looks homogeneous
and only the largest ferrite grains remain.

2.2.5.c  Fast heating: SEM characterization of the microstructure evolution

Figures 2.20 show the SEM micrographs of the samples heated at 30°Cs™ and quenched at
different temperatures in the 720 - 800°C range with a 10°C step. The different figures correspond
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respectively to samples 720H30, 730H30, 740H30, 750H30, 760H30, 770H30 and 800H30. For each
sample, two micrographs are presented corresponding to two different magnifications, at the segregated
structure scale and at a single pearlite island scale.

The microstructures are studied in this section above 720°C as the microstructure at 710°C
(710H30) is strictly identical to the one of sample 700H30 (no transformation, no recrystallization). The
first events of phase transformation / recrystallization were observed at 720°C by SEM. For 720H30,
730H30 and 740H30 samples, the densities of austenite grain and mean equivalent diameters calculated
from the size distributions are given to highlight the nucleation process. The fractions of austenite
transformed were measured again by a point counting method.
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Figure 2.20: SEM micrographs of the samples heated at 30°C.s'! at different temperatures in the range of 720°C -
800°C and quenched. (a)-(b): 720°C (sample 720H30). The small austenite grains are colored in red for better
visibility. (c)-(d): 730°C (sample 730H30). (e)-(f): 740°C (sample 740H30). (g)-(h): 750°C (sample 750H30). (i)-(j):
760°C (sample 760H30). (k)-(1): 770°C (sample 770H30). (m)-(n): 800°C (sample 800H30). For each sample, two
micrographs are presented corresponding to two different magnifications, at the segregated structure scale and at a
single pearlite island scale.

e 720°C (720H30): The ferrite matrix is almost not recrystallized as in sample 700H3, (cf. Fig 2.17). The
ferrite sub-grains are put into evidence by etching and their mean radius does not exceed 0.5 pm. The
morphological texturing due to cold-rolling is still clearly observable. Very few large recrystallized
grains (indicated by black arrows in Figure 2.20(a)) are however visible, meaning that recrystallization
has just started at this temperature. At the same time, a significant number of small austenite grains
(diameter in the order of 0.1um, colored in red in Figures 2.19) is observed on deformed former ferrite
boundaries, as highlighted by [LI'13] and excluding the interpretations of Huang et al. [HUA’04],
Thomas et al. [TOM’18] or Chbihi et al. [CHB’14]. As for slow heating conditions, austenite nucleates
first thus on the ferrite grain boundaries. The contrasts due to sub-grains inside non-recrystallized
prevent from observing any intra-granular austenite grains.

e 730°C (730H30): Qualitatively, the density of austenite nuclei seems relatively similar to the one
observed at the same temperature in slow heating conditions (cf. Figures 2.17(c)-(d)). New austenite
grains seem to nucleate preferentially on deformed non-recrystallized ferrite grain boundaries and on
recrystallized ferrite grain boundaries and seem to grow rapidly (austenite grains present in fact a
typical size of about 1 pm). Pearlite dissolution is initiated from the pearlite/ferrite boundaries (white
arrows on Figure 2.20(d)), analogously to slow heating condition for the same temperature. The
recrystallization of the ferrite matrix proceeds concomitantly but remains moderate.

e 740°C (740H30): austenite nuclei are far more numerous but mainly all located around recrystallized
ferrite grains due to the extent of the recrystallization. Very few of them are located on former pearlite
islands. Rare intra-granular nuclei can also be now observed. At 740°C, contrary to the case of slow
heating, austenite grows systematically in an isotropic way (no preferential growth of austenite films
as observed sometimes in slow heating conditions). Pearlite dissolution remains very limited (cf. white
arrows on Figure 2.20(f)), suggesting that the austenite transformation in pearlite start also at about
740°C, as for slow heating conditions. The fraction of austenite reached now 3%..1. Between 730°C and
740°C, the recrystallized fraction has increased (about 5%) and the mean size of new ferrite grains has
increased from 2 to 4 pm.

e 750°C (750H30 sample): The number of new austenite grains has not increased significantly and the
austenite phase fraction is estimated to about 5%y.. However, most austenite grains reach diameter
greater than 2 pum. The transformation of pearlite islands has started at 740°C and most of pearlite
islands are transforming at 750°C, even though the dissolution is obviously not complete at this
temperature. Large recrystallized ferrite grains (up to 10 pm long in the rolling direction) are found
between dissolving pearlite islands. They seem to inherit the elongated shape of the deformed ferrite
grains.

e 760°C (760H30 sample): Between 750°C and 760°C, the austenite fraction increases rapidly, to reach a
value of 15%y0 at 760°C. This rapid increase is due to the complete transformation of pearlite islands
and the growth of the resulting austenite grains. Figure 2.20(i) shows austenite grains, 20 um long and
10 pm thick in average, resulting from the transformation of former pearlite islands and inheriting
from their banded morphology. Many sub-grains are still visible in the ferritic matrix showing that the
recrystallization process is far from being achieved.
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e 770°C (770H30 sample): The large austenite grains inherited from pearlite island dissolution keep
growing and are extended through the ferrite matrix in the cold-rolling direction. They are more than
20 pm long and their width is comprised between 6 and 12 pm. The space between the former pearlite
bands reaches 15 pm in average, consistently with the distribution of Mn microsegregated bands. The
austenite grains at the grain boundaries do not seem to grow significantly in this temperature range
but are still aligned in the rolling as they have nucleated on deformed grains. The combination of
elongated austenite grains inherited from pearlite islands and isolated grains aligned at ferrite grain
boundary conducts to the formation of the so-called “banded” microstructure at 770°C. At 760°C; the
austenite phase fraction is about 23%y.1 and the recrystallization of the ferritic matrix is not over.

e 800°C (800H30): The austenite volume fraction is now 40%..1. Former pearlite bands are about 13 pm
large, revealing that austenite coming from the dissolution of pearlite continues to grow into the
surrounding matrix. The nucleation and growth of austenite also continue at ferrite grain boundaries,
so that continuous films of austenite grains aligned in the cold-rolling direction are produced
reinforcing the banded topology. Between 720°C and 800°C, rare intragranular austenite particles
remain very small and represent a negligible part of the global austenite transformed. The
recrystallization process has significantly proceeded and large recrystallized ferrite grains can be
observed (black arrows, cf. Figure 2.20(m)) between austenite grain bands. It must be noted that the
process is however not finished at 800°C.

(a):800°C —:60s

" (c) 800°C - 600s

Figure 2.21: SEM micrographs of the samples heated at 30°C.s'1 at 800°C, hold during (a)-(b) 60s (ISO60H30) and (d)-
(d) 600s (ISO600H30) and quenched. For each sample, two micrographs are presented corresponding to two different
magnifications, at the segregated structure scale and at a single pearlite island scale.
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e 800°C - 60s (ISO60H30): The transformation proceeds mainly by the growth of austenite grains which
in turn consume ferrite grains. The recrystallization is now finished and only the larger recrystallized
ferrite grains remain with a typical size of 10 pm. At 800°C, the austenite phase fraction approaches
60%yo1. The volume fraction is so high that the banded topology is disappearing to the profit of a
homogenous distribution.

e 800°C - 600s (ISO600H30): At the end of the isothermal holding, the transformed fraction reaches a
value of 70%yo. The mean ferrite grain size is about 7um. The microstructure looks homogeneous
except the presence of aligned and elongated ferrite grains (probably in poor Mn segregated bands)
which are the sole traces of the banded structure (highlighted by the white ellipses).

2.2.5.d Phase transformation Kinetics

In this section, austenite transformation kinetic was determined thanks to two conventional
techniques: a point counting method applied to SEM micrographs and the double-tangent method applied
to dilatometer measurements. The latter experiments have been obtained during our in situ experiments
on the synchrotron beamline. The method is described in chapter 1 (cf. Fig 1.11 and 1.12) and has been
calibrated knowing the fraction of austenite measured by HEXRD at the end of the treatment (after 600s at
800°C for both heating rates). The phase fractions determined as a function of temperature during the
heating stages are reported in Figure 2.22.

When comparing the phase fractions measured with the same technique, the evolutions of the
phase fractions are very similar between both heating schedules. However, a significant gap exists
between both techniques within the 710-780°C temperature range (about 10% difference). At the end of
the heating step, the estimates show on the contrary a relatively good agreement.

These differences are not necessarily surprising as dilatometry signals raises different issues:

e Dilatometry is known to be insensitive to very low transformed fractions. It is the reason why we can
observe first austenite grains on SEM micrographs without any deviation on the dilatometer signal.

e The heating system of the dilatometer used for the experiments is based on induction and is thus
sensitive to the magnetic state of the material. This is the reason why we observe artefacts on the
dilatometer signal when reaching the Curie point of the steel (745°C).

e The determination of the austenite phase fraction would have required taking into account cementite
(pearlite islands and isolated carbides) to calculate the initial slope in the low temperature range.

e Contrary to SEM observations and HEXRD measurements (cf. Chapter 5) which are conducted just
below the thermocouples driving the heating devices, dilatometer signal accounts for possibly large
temperature heterogeneities over the whole sample.

The values produced by image analysis in the heating stage (on SEM micrographs) are in excellent
agreement with the reference values determined by HEXRD. Nevertheless, the values given during the
holding sequence at 800°C are lower than the value given HEXRD probably (57% for ISO600H3 and 70%
for ISO600H30 samples compared to about 80% determined by HEXRD for both heating rates). This
underestimate can have two reasons:

e DINO etchant is sensitive to carbon content of phases. As a consequence, when the transformed

volume is high, the carbon content in austenite is low which can lead to difficulty in distinguishing
martensite and ferrite after etching. This etching bias can be observed for instance in Figure 2.19 (d).
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e Ferrite transformation during quenching: It is also not completely excluded that a certain fraction of
ferrite can appear during quenching, especially when the carbon content in austenite is also low.

This is the reason why these measurements were considered with care and assumed that the new in situ
HEXRD method was the most reliable means to measure the transformation kinetics.
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Figure 2.22: Austenite phase fraction as function of the temperature measured using SEM micrographs and
dilatometry for slow (blue) and fast (black) annealing schedules.

Regardless of the quantification method, both heating rates produce comparable austenite phase
fractions as function of temperature. At end of the heating stage, the microstructure is half austenitic
whatever the heating rate. The fact that the phase fractions remain similar as function of the temperature
while the fast heating rate is ten times higher than the slow one shows that the transformation kinetic is
much more fast during fast heating.

2.3 Summary and discussion

An extensive SEM observation campaign was carried out to follow the evolution of the reverse
austenite transformation during slow and fast heating up to 800°C. Our investigations were performed
from 700 to 800°C with a 10°C temperature step. In addition, the microstructure evolution was also
studied during the subsequent holdings for 600s.

2.3.1 Summary

As widely shown in the literature, our microstructure observations conclude that slow heating
conditions produces necklace microstructure in the studied steel while fast heating results in a banded
microstructure. The differences between the observed microstructures nevertheless vanished when the
transformation rate is high (after long holdings at high temperature). The first differences in
microstructure evolution appear in fact before the austenitization starts.

e Slow heating leads to a fully recrystallized ferrite matrix. The grain boundaries are impeded by the
largest carbides which are the carbon source for future austenite nucleation. Isolated carbides have
enough time to coarsen and achieve a mean radius greater than 100 nm. They are systematically found
on the equiaxed ferrite grain boundaries. At the same time, decomposition / re-precipitation of
cementite introduced small carbides within the ferrite grains (R < 15 nm). The cementite particle
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density is almost doubled relative to the CR state and the particles are homogeneously spread in the
microstructure.

e Rapid heating does not let time for recrystallization to occur. The ferrite matrix is made of sub-grains
(diameter 0.5 um). The density of carbides is very close to that measured on the CR sample. Clusters of
cementite particles in matrix did not coarsen and remain aligned along the former grain boundaries
oriented parallel to the rolling direction. The number of intra-granular particles is negligible.

Our observation of austenite microstructure sustains in fact the approach suggested by Li et al,
our studied cases corresponding respectively to the slow and medium heating rates of their models (full
recrystallization before austenite transformation and concomitant mechanisms) as shown in Figure 2.6.
The sole difference is that we observe that austenite nucleates first on ferrite boundaries and not in
pearlite. Our study also does not clearly highlight a difference in nucleation flux between both scenarios.

In the studied case of slow heating, austenite nucleation starts first on isolated carbides at ferrite
boundaries (mainly triple-points in our case). The enhanced solute diffusion through the grain boundaries
promotes the continuous layer of austenite grains which progressively impinge, producing an austenite
network covering the ferrite grain boundaries in the matrix between two pearlite bands. Transformation
of pearlite islands occurs rapidly. Elongated pearlite islands parallel to the cold-rolling direction are
transformed into large austenite grains. When the pearlite dissolution is complete, carbon -rich austenite
continues to grow in the surrounding matrix. The necklace configuration is thus explained by austenite
nucleation on isolated carbides. These carbides have thus a key role in the morphogenesis of
ferrite/austenite microstructures.

Fast heating hinders ferrite recrystallization as well as coarsening of the isolated precipitates
before austenitization. The ferrite grains are highly elongated according to the cold-rolling direction and
fragmented into sub-grains. Clusters of aligned carbides, inherited from the CR microstructure are found
along these grain boundaries. Thus, the particle alignments are in most of the cases parallel to the
deformed structure. When the transformation temperature is achieved, the inter-granular carbides
dissolve, giving place to austenite nuclei which prevent any movement of ferrite interfaces (ferrite
recrystallization). Therefore, to recrystallize between two aligned clusters of nuclei, the ferrite sub-grains
have no other alternative than merge according to the cold-rolling direction. It is confirmed by the large
elongated ferrite areas seen on Figure 2.17. As in the case of slow heating, elongated pearlite islands
transform into austenite grains (cf. Fig. 2.14). The newly formed austenite grains expand in the
surrounding matrix; up to achieve austenite band 14 pum broad. Those dimensions correspond to the Mn-
rich segregated bands illustrated in Figure 2.11 [CHB’14].

2.3.2 Discussion

2.3.2.a Isolated carbides at ferrite boundaries

Our observations have confirmed the key role played by isolated carbides. Like different authors from the
literature, our observations seem to confirm that they are nucleation sites for austenite and at least close
carbon sources for austenite nuclei on ferrite grain boundaries. For both studied heating rates, austenite
transformation starts on ferrite grain boundaries (either recrystallized or still deformed) at close
temperature (710°C and 720°C for slow and fast annealing schedules respectively). One can stress out that
this result is in contradiction with many studies from the literature that report that nucleation starts at
pearlite island boundaries, while ferrite grain boundaries would be less efficient nucleation sites [AZI'11,
SAV’'07].
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For both heating rates, the austenite grains inherited from these isolated carbides seem to grow rapidly
once formed up to about 750°C. Above this temperature, their growth rate appears to be limited.

2.3.2.b Intragranular carbides

The intra-granular carbides seem not to be favorable austenite nucleation sites. Rare
intergranular austenite grains can be observed at the very beginning of transformation but they do grow
and dissolve at higher temperature. This is presumably due to the lower diffusion coefficient of carbon in
bulk compared to diffusion along grain boundaries. The higher diffusion coefficient on grain boundaries
also explains the film morphology of certain austenite grains observed at low heating rates.

2.3.2.c  Pearlite islands

Interestingly, the temperatures for pearlite start / complete dissolution are identical, regardless
the heating rates. The dissolution is triggered near 730°C and achieved close to 750°C. This observation is
well captured by the model developed in chapter 5 and is explained by the narrow distribution of
cementite in pearlite islands which permits fast local transformation kinetics at island scale. As will be
reminded in Chapter 5, austenite nucleation at pearlite island boundaries is frequently reported to occur
with fast saturation of the nucleation sites (see e.g. [OFF'02]).

In contrast, the subsequent growth of the former pearlite bands (being now austenite) shows a
difference in terms of kinetics. The growth appears to proceed faster during the fast heating when
comparing with the slow one. At 760, 770 and 800°C (0s) the former pearlite bands are 3, 5 and 10um
thick during slow heating and respectively 10, 12 and 14 pm thick after fast heating. In fact, the pearlite
bands progressively adopt the width of the Mn-rich bands. This difference in growth kinetics has been
explained by our model in chapter 5.

2.3.2.d Global Transformation Kinetics

A first look was given to transformation kinetics with the help of dilatometry and SEM
micrographs. It appears that they are similar whatever the heating rate in the heating stage. This
observation is consistent with the effect of heating rates reported by Li et al [LI'13] (a similar
temperature of 20°C is reported for slow and medium heating rates) or Huang et al. [HUA’04] for instance.

As the kinetic are similar whereas the high heating rate is ten times higher than the slow one, it
suggests that the transformation kinetic is much faster when the heating rates are high. Our HEXRD in situ
will reveal that will be also the case during the holding stage. The final transformed fractions after 600s
will however be similar (typically 80 %).

2.3.2.e  Topology after holdings

Our observations reveal in fact that the necklace and banded microstructures can be observed
only if the transformation rate is limited in the studied steels (below 50%). After a 600 s holding at 800°C,
the microstructures look similar whatever the heating rate. The sole difference is maybe the presence of
few alignments of elongated ferrite grains for the high heating rate.
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2.4 Conclusion

In this chapter, the evolution of the microstructure of the studied steel was characterized by
means of electronic microscopy from as hot-rolled state to the end of the intercritical soaking in
conventional annealing lines.

The hot-rolled material presents large equiaxed ferrite grains and pearlite islands. The volume
fraction of pearlite is lower than expected by thermodynamic calculations (16% instead of 25%). A
significant part of the carbon is trapped between pro-eutectoid ferrite grains in the forms of isolated
intergranular carbides (films or particles). Cold-Rolling leads to a severe deformation of both pearlite
islands and ferrite grains and conduct to a new distribution of cementite in the ferrite matrix
(fragmentation and shuffling). The number of isolated cementite precipitates inside the matrix increase
significantly as a consequence. These particles are found to be aligned on the deformed ferrite grain
boundaries parallel to the cold-rolling direction.

The heating rate affects the dynamic balance between concomitant metallurgical mechanisms
occurring during annealing, as cementite ripening and recrystallization, which in turn plays a key role on
the spatial distribution of austenite. Our observations have confirmed essentially the scenario proposed
by Li et al. to explain the morphogenesis of austenite microstructure during intercritical annealing. We
have also shown that the different topologies produced during heating can vanish when the
transformation fractions are high.

When the deformed ferrite/pearlite microstructure is heated at slow rate (3°C.s'1), the
recrystallization precedes phase transformation. Austenite nucleation starts on intergranular carbides
found on the recrystallized matrix. The further growth of these austenite grains enhanced by boundary
diffusion produces continuous layers which form the necklace microstructure. Transformation of pearlite
islands starts at slightly higher temperature and produces elongated austenitic structure which cannot be
neglected.

When the deformed ferrite/pearlite microstructure is heated at fast rate (30°C.s'1), the
recrystallization starts concomitantly to the phase transformation. As at low rate, austenite nucleation
starts on intergranular carbides. The sole difference is that these carbides are aligned and found on the
deformed grains. The further growth of these grains produces aligned austenite structure. This process is
reinforced by the transformation of pearlite islands which produced elongated austenitic structure. Both
mechanisms thus contribute to the formation of the banded structure.

In this study, we have highlighted the particular role of intergranular carbides on the final
topology and transformation kinetics. This is the reason why we have proposed in chapter 5 a modeling
strategy distinguishing the behavior of pearlitic islands and these carbides. The mechanisms behind the
formation of these carbides are still a debating question and represent an important outlook of this thesis.
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Chapter 3

Evolution of cementite composition along
the processing of cold-rolled and annealed
Dual-Phase steels

As shown in previous Chapter 2, carbide microstructure evolves significantly. This ripening
process is accompanied by a composition evolution. Understanding and modeling this evolution is one of
the keys to understand carbide dissolution processes and henceforth the austenitization kinetics. As
discussed in introduction, high cementite Mn composition may for instance considerably delay this last
phase transformation.

The first part of the chapter will be dedicated to the experimental characterization of the chemical
composition of carbides during DP steel manufacturing prior to austenization, i.e. from hot-rolled state to
continuous annealing. Specimens were produced to replicate the material state at three key stages of the
manufacturing route and investigated by Transmission Electron Microscopy (TEM) as described in
Chapter 1. The initial composition of cementite directly after pearlite transformation was first examined
to serve as reference. A second specimen, taken from the cold-rolled state (as-received material) permits
to quantify the Mn diffusion during the slow cooling from coiling stage to room temperature. The third
studied state corresponds to an annealing sequence interrupted before austenitization starts. Different
samples have been produced as function of the heating rate (samples already studied in Chapter 2). This
experimental study reveals that carbides are already enriched homogeneously in manganese just after
pearlite transformation and that diffusion profiles appear in carbides during coiling. During further
annealing, these composition profiles are maintained at high heating rate and suppressed at low heating
rate as the kinetics conditions are so that the thermodynamic equilibrium is almost reached.

In the last part of this chapter, thermodynamical analyses and DICTRA simulations will be
employed to interpret the measured composition evolutions with an emphasis on Mn. A thermodynamic
analysis based on Hutchinson et al. [HUT’'04] will be used and improved to predict successfully the
cementite composition when the pearlite transformation occurs. DICTRA simulations will serve to
calculate the evolution of composition profiles during both coiling and annealing. In the course of this
study, it has been necessary to reassess the Mn diffusion coefficient of the MOBFE2 database based on
experimental results.

Finally, a simplified calculation module, working by Finite Difference resolution, will be built on
the basis DICTRA simulations in order to reproduce the experimental results and provide an operational
predictive tool in view of industrial implementation (product line management).
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3.1 Experiments: TEM observations and compositions measurements

3.1.1 Sampling plan

The production of thin sheets of DP steels requires complex thermomechanical schedule as the

one represented in Figure 3.1. Along this treatment, the carbide microstructure (lamellar pearlite and

isolated

carbides) forms below Ar; after hot-rolling and then undergo a ripening process during coiling

and further annealing. In this section, the carbide microstructures and their compositions will be studied

by the mean of TEM coupled with an EDXS as explained in Chapter 1 at different critical stages of this
schedule. These particular steps are indicated in Figure 1 by blue squares.

The sample designation is the same as the one used in Chapter2. FP stands for the material state

just after ferrite-pearlite transformation at 570°C, HR designates the ferrite-pearlite microstructure at end
of the coiling step, CR after cold-rolling, while 700H3/700H30 correspond to slow and fast heated
specimens to 700°C at 3 and 30°C.s’}, respectively and quenched.
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Figure 3.1: Scheme of the DP steel manufacturing route, from the slab re-heating to the end of the intercritical
annealing. The blue squares indicate the microstructure states investigated in this chapter.

3.1.2 TEM observations conditions

TEM samples corresponding to the studied states have been prepared according to the process
described in Chapter 1. It has been decided to observe carbide microstructures in the ferritic matrix to be
able to measure composition gradients outside precipitates, to observe their neighborhood and to detect
their possible localization in a Mn segregated band. The technique of extractive replicas has not been used
accordingly.

This choice however could lead to biases. In fact, to perform reliable EDXS measurements, the
height of studied cementite lamella or particle must exceed the thickness of thin foil. The latter was
verified by Electron Energy Loss Spectroscopy (EELS). The measurements were carried out on the areas
bordering the central hole of the thin foils to minimize the matrix thickness. In this manner, electronic
beam surely goes through cementite only. If not, the measurement can be affected by the presence of
ferrite above or below the cementite particle and thus lead to underestimated manganese enrichment in
cementite. Moreover, it is not possible to guaranty that the interfaces of cementite lamellae are always
strictly parallel to the incident beam. Measurements close to the interfaces must thus be considered with
care as the slightly tilted lamella can also hide the presence of ferrite under the beam. This is the reason
why on the composition profiles presented below we will systematically highlight the measurement
points that can be affected by such tilting issue.

For each studied state, about 5 particles have been studied in detail (composition profiles). These
particles were located in pearlite islands (not isolated at a ferrite grain boundary) to obtain a possible
correlation with our thermodynamic prediction (cf. section 2 of this chapter). However, it is not possible
to tell with certainty that they are located in a microsegregated band. The studied pearlite colonies were
selected close to the hole of the thin foils, in order to minimize the dilution effect. The three results shown
in this chapter correspond to representative cases for each step.

To verify the statistical validity of our approach, we have conducted in parallel systematic EDX
punctual measurements on a large number of particles. These results are not shown here as they are more
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difficult to interpret. In these additional observations, cementite particles are often embedded in the
matrix, which biases the measured Mn u-fraction by a dilution effect.

3.1.3 Carbide composition after pearlite transformation (HR sample)

To investigate this particular state, a sample was specially prepared to reproduce as faithfully as
possible the conditions under which pearlite is formed. Samples cut down from the industrial products
were re-austenitized at 900°C for 30 min to ensure complete cementite dissolution. The specimen was
then rapidly cooled (30°C.s'1) to 570°C and maintained 30 min before helium quench. Figure 3.2 is a TEM
Bright Field (BF) micrograph representative of the pearlite transformation at about 570°C during the hot-
rolling process. Similarly to the SEM micrographs presented in the previous Chapter (HR state), it consists
mainly of lamellar pearlite colonies (cementite appears in dark contrast) surrounded by large pro-
eutectoid ferrite grains (bright contrast). Isolated cementite particles are also present on the latter ferrite
grain boundaries (black arrows).

Figure 3.2: BF TEM micrograph of a lamellar pearlite island formed at 570°C. The latter is surrounded by large pro-
eutectoid ferrite grains. Intergranular carbides are found along the grain boundaries (indicated by the arrows).

Figure 3.3(a) shows an example of composition measurement inside a cementite lamella. The
etching depth difference between the lamella and its matrix is about 25 nm, according to the EELS signal.
Investigated lamella appears in dark contrast and the surrounding ferrite in bright. An EDXS profile was
obtained thanks to 10 aligned punctual measurements (10 nm step size) and is represented in Figure
3.3(b).

Mn U-fraction [%]
Cr and Si U-fractions [%]

0
( b) Length [nm]

Figure 3.3: (aj TEM BF micrograph of cementite lamella (dark contrast) emerging from the thin foil and its
surrounding matrix (bright contrast) in the FP sample. The aligned blue points correspond to the positions of EDXS
measurements to establish a composition profile across the carbide and its surrounding matrix.
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The composition profile within the cementite lamella is flat and reveals a significant enrichment
up to Umwn = 7 %. The Mn composition in the matrix is uniform and similar to the nominal one (Uma = 1.94
%) meaning that the observed pearlite aggregate is not located inside a Mn microsegregated region. The
Cr concentration in the matrix is close to the nominal one, while an enrichment up to U¢ = 1.5 % is
observed inside the lamella. On the contrary to Mn and Cr, Si shows a constant profile through the matrix
and the lamella, which corresponds to the nominal composition (Usi = 0.41 %).

Our systematic investigations on other adequate configurations confirm systematically Mn
enrichment in cementite between 6 and 8%. This result confirms that pearlitic transformation at 570°C in
studied steels occurs with a partition of Mn and Cr, in accordance with the works of Al-Salman et al
[SAL’79], Chance and Ridley [CHA’81] or Hutchinson [HUT’04].

3.1.4 Asreceived state (CR sample)

As for FP sample, different cementite particles have been studied by TEM with the experimental
limitations discussed previously. Figure 3.4 shows for instance a fragment of cementite lamella with a
suitable thickness (20 nm thicker than the foil). Therefore, the carbide (clear contrast) arises surely from
the matrix. The concentration measurements measured along the blue line are reported in Figure 3.4(b)

Mn concentration in ferrite in the studied field is about Umn = 4%. This value is significantly higher
than the nominal one, meaning that this cementite particle is located in a Mn microsegregated band. In
cementite, a U-shape concentration profile of Mn is observed, bringing to light a significant Mn
concentration gradient at interface, extended over about 15 nm. This profile reaches a maximum Mn
concentration in cementite near Uun = 10% at interface cementite / ferrite, while a slight depletion is
visible in surrounding matrix (only on the right side). A minimum value of Uu, = 6% is observed in the
middle of the U-shape profile. Cr concentration in cementite is also not uniform and shows an average
value of 0.5%, which is two times higher than the nominal composition. Si seems to be rejected from
cementite into the surrounding ferrite (two times higher than the nominal value) as expected from the
observations of many authors [OWE’54, MIY’07, JAN’09].
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Figure 3.4: (a) TEM BF micrograph of cementite lamella (object with the brightest contrast) emerging from the thin
foil and its surrounding matrix in CR sample. The aligned blue points (step size = 5 nm) correspond to the positions of
EDXS measurements to establish a composition profile across the carbide and its surrounding matrix. (b) Mn (black),
Cr (red) and Si (blue) u-fraction profiles. The areas bounded by the dashed lines indicate spots where the TEM beam
could cross simultaneously ferrite and cementite at interface due to a possible tilting issue.
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Figure 3.5(a) shows a cementite lamella undergoing a ripening process as its extremity is
rounded. This bulging process, as described by Tian and Kraft [TIA’87], is made possible by the coiling
operation after hot rolling which corresponds in fact to a long cooling stage after the pearlitic
transformation. As for the previous studied cases, the compositions measured along the line in former
Figure are reported in Figure 3.5(b) with a step size of 17 nm.
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Figure 3.5: (a) TEM BF micrograph of second cementite lamella (dark contrast) emerging from the thin foil and its
surrounding matrix (bright contrast) in the CR sample. The aligned blue points (step size = 17 nm) correspond to the
positions of EDXS measurements to establish a composition profile across the carbide and its surrounding matrix. (b)
Mn (black), Cr (red) and Si (blue) u-fraction profiles. The dashed line indicates the position of the sub-grain separating
the straight and the bulged part of the particle. The areas bounded by the dot-dashed lines indicate spots where the
TEM beam could cross simultaneously ferrite and cementite at interface due to a possible tilting issue.

The composition profiles also reveal U-shape concentration profiles of Mn and Cr in the straight
part of the particle, with a Mn concentration at interface similar to the previous case (cf. Fig. 3.4), close to
10%, but with slightly more extended gradients (about 2 step sizes). At the deepest point of the U-shape
profile, the u-fraction of Mn is about 7%, as in the preceding case. The u-fraction of Cr is about 1% at the
ferrite / cementite interface and about 0.4% approximatively at the center of the lamella. Si is rejected
into the ferritic matrix. In the rounded bulb, a significant enrichment in Mn and Cr is also measured. Mn
and Cr concentrations reach 11 and 1.3% at the interface. Therefore, partitioning of substitutional
elements is even higher in carbide undergoing a ripening process.

When studying other precipitates, we measured concentrations between 6 and 12%. We thus
confirmed that Mn and Cr concentrations in cementite continue to increase during coiling, i.e. after
pearlite transformation, but at temperature lower than 550°C. Nevertheless, their repartitions are not
uniform. U-shape composition profiles are observed, whose gradients are extended over few tens of nm.
At the interface, the u-fractions of Mn are close to 12%, whereas in the middle of particles, local
compositions remain similar to those observed in the FP sample. During this long cooling stage (20°C.h-1),
cementite lamellae undergo also a ripening process (fragmentation and bulging) but this process is
limited as pearlitic structures are still mainly lamellar, as shown in Figure 3.5(a) and in Figure 2.11(a).
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3.1.5 Heating to 700°C

3.1.5.a Slow heating (700H3 sample)

Subsequent observations have been made on the 700H3 sample, heated slowly (3°C.s'1) to 700°C
after hot-rolling and cold-rolling. Figure 3.6 shows a TEM BF micrograph of the microstructure at low
magnification. Numerous carbides (dark contrast) can be observed, which are mostly embedded in the
ferritic matrix. Compared to Figure 3.2, the morphology of the precipitates has evolved significantly.
Cementite lamellae are fragmented and remnants are round-shaped. This observation is consistent with
those reported at SEM scale (cf. Fig. 2.13). For more details, please refer to [ALL’15].

To obtain a statistical overview of composition distribution inside spheroidized carbides and
matrix, punctual measurements have been performed. Red and blue crosses represent EDXS spots for
cementite carbides (isolated and lamellae) and ferrite respectively. Mn measurements are reported in
Figure 3.6(b)
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Figure 3.6: (a) TEM BF micrograph of the of the ferrite / pearlite microstructure after heating to 700°C. Carbides
appear in dark contrast. (b) Mn (red) measurements corresponding to the spot in (a).

Mn concentrations in ferritic matrix are close to the nominal one, indicating that observed zone is
outside a microsegregated band of Mn. However, cementite carbides show a strong enrichment in Mn
around 8%, particularly for lamellae outside the matrix (corresponding to spot index 1, 2, 3 and 5). An
important scattering of measured values for cementite carbides is noticeable. It can be explained by the
fact that cementite carbides are embedded in ferritic matrix, such that EDXS measurements are lowered
randomly by dilution effect.

To obtain exploitable and more detailed results, a cementite lamella has been carefully selected,
as the one corresponding to spot index 2 in Figure 3.6(a). It is suspended into vacuum by one extremity,
hindering dilution effects. Figure 3.7 shows an enlargement of Figure 3.6(a) to observe this particular
cementite lamella. Figure 3.7(b) shows the composition measured along the line in Figure 3.7(a) (step size
about 5 nm).
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Figure 3.7: (a) TEM BF micrograph of cementite lamella (dark contrast) suspended into vacuum by one extremity
emerging in sample 3. The aligned blue points (step size = 5 nm) correspond to the positions of EDXS measurements
to establish a composition profile across the carbide and its surrounding matrix. (b) Corresponding Mn (black), Cr
(red) and Si (blue) u-fraction profiles.
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After heating to 700°C at 3°C.s'1 (700H3 sample), Mn and Cr show an important partition up to
respectively 11 and 1.8% inside cementite. The obtained profiles are homogenous and flat, indicating that
a particular composition has been achieved, likely consistent according to thermodynamical conditions
within this temperature range. The compositions remain unchanged in the matrix.

3.1.5.b  Fast heating (700H30 sample)

About 15 cementite particles were investigated for this condition. Figure 3.8(a) shows one of the
best studied configurations. A long lamella (1.2 pm and 30 nm thick) is localized at the vicinity of the hole
and exceeds the foil thickness by 15 nm (EELS measurement). The lamella edges are not straight in
comparison with the previous samples and reveal successive spheroidized portions. Fragmentation
process has presumably started but remains unachieved due to the fast heating.

Figure 3.8(b) shows the solute profiles across the lamella (20 spots) and in the surrounding
matrix. The Mn profile (black curve) is flat and remains close to Uwn=7%. There is no sharp composition
gap between cementite and ferrite at the interfaces, but it may arise from the position of the EDXS spots,
not sufficiently close to the a/0 interface to reflect possible higher interfacial concentrations. The left side
matrix shows high concentration (more than 4%) instead of the expected depletion. On the right side, the
Mn composition decreases before reaching a value equivalent to the nominal one (Umn=1.94%). At both
sides, the rounded edges seem to contain less Mn (ca. Uumn=5%) than in the bulk lamella. This is possibly
due to tilting issues (the lamella may be inclined). Cr is also found in higher concentration within
cementite but remains lower than 0.9%. In the matrix, its concentration is close to the nominal one
(Uer=0.2%). Dealing with Si, the profile is homogeneous in ferrite and cementite and remains comparable
to the nominal concentration (Usi=0.41%).

78



Mn U-fraction [%]
Cr and Si U-fractions [%]

0
(b) 0 10 20 30 40 50 60 70 80
Length [nm]

Figure 3.8: (a) TEM BF micrograph of cementite lamella (dark contrast) localized in the vicinity of the thin foil hole in
sample 700H30. The aligned blue points (step size = 4 nm) correspond to the positions of EDXS measurements to
establish a composition profile across the carbide and its surrounding matrix. (b) Corresponding Mn (black), Cr (red)
and Si (blue) u-fraction profiles.

A second example supports the aforementioned measurements. Figure 3.9(a) shows another
lamella very close to the hole and surrounded by a thin layer of ferrite. The Mn profile shows a slight U-
shape profile inside the lamella, where the composition is close to Uun=7% in the middle and reaches 9%
near the interfaces. Again, the positions of the measuring spots possibly not permit to reflect the possible
higher concentrations at the a/0 interfaces. Cr has a linear profile where the mean value is U¢=1.3%. Si is
also homogeneous and remains equal to the nominal composition, i.e. Usi=0.41%
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Figure 3.9: (a) TEM BF micrograph of cementite lamella (dark contrast) localized in the vicinity of the thin foil hole in
sample 700H30. The aligned blue points (step size = 8.5 nm) correspond to the positions of EDXS measurements to
establish a composition profile across the carbide and its surrounding matrix. (b) Corresponding Mn (black), Cr (red)
and Si (blue) u-fraction profiles.

3.1.6 Intermediate conclusion

The experiments reveal that pearlite transformation at 570°C in the studied steel (FP sample)
occurred with a noticeable partition of Mn between ferrite and cementite. The homogenous concentration
in Mn is about 7% in cementite. In contrast, Si concentration remains uniform through cementite and
matrix and corresponds to the nominal value. During coiling, i.e. the slow cooling down to room
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temperature (20°C.h'1, CR sample), the Mn bulk composition of cementite does not evolve, but strong
gradients, about 10-30 nm wide are found at interfaces with interfacial concentration at about 11%. The
initial partition due to the transformation condition is thus reinforced during coiling by diffusion.
However, the observed composition gradients are the proof that cementite is far from being at equilibrium
in the CR state. This enrichment prior annealing is often neglected in most of the studies dedicated to the
annealing of ferrite-cementite microstructures. After slow heating at 700°C (sample 700H3), Mn seems
more homogenously distributed in cementite with an average composition of about 10%. In contrast, fast
heating (700H30 sample) reduces the time which enables diffusion of the substitutional solutes, whose
composition profiles remain similar to that measured on the CR sample.

In the following part, thermo-chemical and diffusion analysis will be thus performed to interpret
the above EDXS measurements.

3.2 Discussion and modeling

This discussion will be divided into two parts. In the first part, the combined findings of Hillert
and Pandit et al. [HIL’82, PAN’11] are rationalized in order to predict thermodynamically the composition
of the pearlite’s constituents and thus explain the measured compositions inside cementite in the as-
transformed state (FP sample). To our knowledge, we are the first to bring experimental evidence of the
validity of such a thermodynamical prediction for hypoeutectoid steels in anisothermal condition. In the
second part, the composition evolution in cementite during coiling and annealing will be modeled with
DICTRA software, in order to explain composition gradients in the CR sample and in annealed samples
(700H3 and 700H30, respectively). This work has required reassessing the standard Mn diffusion
coefficient of the commercial MOBFE2 database. Coupling the model for phase transformation and
diffusion calculations thus permits to predict the local Mn composition field in cementite particles all
along steel manufacturing.

3.2.1 Manganese partition during pearlite transformation

3.2.1.a Pro-eutectoid transformation prior formation of pearlite

The ferrite-pearlite microstructure obtained after hot-rolling is the product of a two-step
decomposition of austenite. The pro-eutectoid ferrite transformation occurs first in recrystallized
austenite. The pro-eutectoid transformation temperature in the studied steel has been measured using a
dilatometer around 685°C for the studied cooling condition (20°C.s'!) (neglecting possible interactions
with austenite deformation). This temperature is far below the NPLE (negligible partitioning local
equilibrium)/PE (Para Equilibrium) transition temperature determined by Zurob around 825°C [ZUR’08].
Ferrite transformation in the studied steel occurs thus under para-equilibrium conditions, in accordance
also with the work of Chen et al. [CHN’16]. It thus means that the substitutional solute composition of
untransformed austenite remains constant during ferritic pro-eutectoid transformation. Only its carbon
concentration increases progressively. It is generally admitted that the pearlitic transformation then
occurs when the carbon concentration is high enough, i.e. when the local composition in untransformed
austenite reaches the extrapolated Acm boundary below the eutectoid point. This criterion, named
Hultgren criterion, permits to determine the pearlite transformation start temperature and is detailed in
the following.
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3.2.1.b  Pearlitic transformation temperature

In a first approach, the “TACSI” software, developed by ArcelorMittal [ITUG'03, PER’05] was
employed to calculate this transformation condition in industrial conditions.

TACSI is an in-house software developed by ArcelorMittal for intelligent manufacturing, able to
simulate the phase transformations occurring during hot-rolling of conventional high strength steels,
considering complex thermomechanical schedules. The predicted microstructures (phases, size,
precipitation state ...) then serve to predict the mechanical properties of the steels using micromechanical
approaches. When linked to sensors on industrial plants, TACSI is used to drive the industrial production
and is able to predict the local mechanical properties on coils. The model is thus calibrated on large
industrial and laboratory databases.

The theoretical background of TACSI is briefly detailed here. In the phase transformation model,
the ferrite and pearlite transformations occur in two successive steps. First, the ferrite transformation is
calculated thanks to a physically based nucleation and growth approach. The Classical Nucleation Theory
[ENO’86a, ENO’86b, ENO’86¢] is used to compute nucleation flux considering nuclei with pillbox shapes.
The model is essentially based on the original work of Tanaka et al. [TAN’95]. Ferrite growth is governed
by a mixed-mode model (cf. Chapter 5). The progress of the ferrite transformation permits to calculate
mean carbon enrichment in remaining austenite. The assumption is thus made that the pearlite
transformation is triggered when the carbon concentration of remaining austenite exceeds a modified
Hultgren criterion calibrated on a large database. When this criterion is reached, ferrite transformation is
inhibited. For studied steels and cooling conditions, it has been established that pearlite transformation
starts at 570°C.

This value has been confirmed by analyzing the interlamellar spacing in the as-received state
using the procedure detailed in Chapter 2 (cf. section 2.1.1.c). The mean interlamellar spacing measured
by the planar intercept method is 48 nm. After stereological correction and accounting for the cold-rolling
ratio, the true interlamellar spacing is about 82 nm after transformation. The upper Ae; temperature of
the studied steel is 682°C according THERMOCALC (TCFE9 database). Inverting Marder’s relationship
[MAR’75] gives then a transformation temperature of 585°C, very close to the predicted one.

3.2.1.c  Hultgren criterion and austenite carbon composition

Knowing the pearlite transformation temperature, the carbon composition of austenite is deduced
using the Hultgren extrapolation of the Acm line to avoid the use of TACSI, alternative solutions exists as
the empirical equation giving the Acm temperature as function of the composition proposed by Lee et al.
[LEE’14]:

A (°C) = 297.5 + 655C (1 — 0.205C)
+13.3Mn — 13.3Ni (1 — 0.06Ni) 3.1)
+6.5Mo — 16.6Cu + 79.8Cr (1 + 0.055CT) '
—C (4.7Mn — 25.65i — 9.6Ni + 36.7Cr — 8.7 Cu)

where the compositions are given in %weight.

The carbon composition of the austenite which is transformed into pearlite is predictable from
the new calculated Acm phase boundary at 570°C, as illustrated in Figure 3.10. A carbon composition of
1.78%a: is found (= 0.39 %uwt). The application of the lever rule yields a theoretical pearlite fraction of
25%y01, which is consistent with our experimental observations (16% considering only well delimited
pearlite islands), bearing in mind that isolated carbides present in the microstructure are not taken into
account and represent a large fraction of cementite.
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Figure 3.10: Isopleth diagram of DP600 alloy, for the full nominal composition (TCFE9 Database). The red continuous
line is the Acm phase boundary calculated from the relation established by [LEE’14]. The green dots indicate the
temperature of interests relative to the alloy nominal composition (Xc=0.46%at).

3.2.1.d Interface conditions for pearlite transformation

The pearlite transformation in austenite at the A point involves two phases growing in a
cooperative manner and sharing a common front with the remaining austenite. Since the substitutional
species diffuse far slower than carbon, the growth mode of pearlite could induce or not a partition of
alloying elements between ferrite and cementite.

Early studies of Razik et al. on Fe-C-Mn and Fe-C-Cr [RAZ’74, RAZ’'76] steels claim that below
about 650°C, no partition is observed. However, the comparisons of experimental growth kinetics with
those calculated from the former assumption are in complete disagreement. Al-Salman et al. [SAL'79]
observed manganese partitioning in Fe-C-Mn-Cr steel at temperatures down to 600°C, but were unable to
identify a threshold temperature between growth modes with or without partition. Chance and Ridley
[CHA’81] extended this finding by observing partition for temperatures as low as 550°C. The fact that
partition was detected at such low temperatures despite of the weak diffusivity of substitutional elements
suggested for the first time that diffusion occurred not only by bulk diffusion. An interfacial diffusion must
in fact be considered to maintain a local equilibrium at the interface. More recently, Hutchinson [HUT'04]
reported again a manganese partitioning in strongly alloyed steels (up to Umn = 6.8% at 625°C). The
experimental results to date from the literature lead to conclude that substitutional elements do partition
at any temperature where pearlite is known to grow [PAN’'11]. Hillert [HIL’82] developed an interesting
framework to estimate the composition of growing cementite and ferrite in ternary alloys, successfully
applied by Hutchinson et al. [HUT’04]. The approach is based on two important assumptions:

(1) Local Equilibrium (LE) conditions prevail at the two y / a and y / 0 interfaces

(2) Carbon diffuses much faster than Mn. Therefore, the carbon activity is assumed uniform in the
vicinity of the growing fronts as well as in the bulk austenite.
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Consistently, it involves that a single carbon iso-activity line passes through the bulk composition
and intercepts both y / a+y and y+6 / 6 phase boundaries. Figure 3.11 shows the carbon iso-activity line of
the austenite bulk composition in an isotherm section of Fe-C-Mn ternary diagram at 570°C calculated
with Thermocalc. This black dotted-dashed line passes through the blue dot representing the initial bulk

composition. The red and black continuous lines represent respectively the a+y / y and y / y+6
boundaries.

Ternary Fe-C-Mn isothermal diagram( 570°C)

y/y+6

vy+0/8

Mn u-fraction [%]

o 2 4 6 8 10 12 14 16 18 20 22 24 26
Xc [%at]

Figure 3.11: Isothermal section of the Fe-C-Mn diagram at 570°C. The dotted-dashed line represents the carbon iso-
activity determined from the austenite bulk composition. The two domains delimited by the red and black boundaries
represent respectively the a + y and 0 + y two-phase fields.

The interception of the carbon iso-activity line with the phase boundaries indicates the
compositions prevailing at the y side at the y / a and the y / 6 interfaces respectively. The corresponding
LE tie-lines can then be calculated to deduce the compositions of the growing ferrite and cementite.

For the current study, Thermocalc calculations give in austenite Uw, = 13.3 % at the a / y interface
and Umn, = 1.6 % at the 0 / y interface. The two corresponding configurations are represented separately in
Figures 3.12(a) and b (for a and 6, respectively). In both cases, the dotted-dashed line still represents the
carbon iso-activity line and the dashed lines represent operating tie-lines at 8 / y and o / y interface

respectively. For the studied configuration, the Mn composition predicted in cementite and ferrite are Umn
= 6.05 and 2.33 %, respectively.
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Figure 3.12: Isothermal section of equilibrium Fe-C-Mn diagram for (a) 6 / y and (b) a / y metastable equilibrium. The
dotted dashed line is the carbon iso-activity line that is used to find the composition of austenite, cementite and ferrite
atthe 6 / y and a / y interfaces. It enables the calculation of the effective tie-lines relative to each equilibrium and thus
to deduce the Mn compositions of the growing phases.

The predicted Mn compositions of cementite and ferrite (respectively Uwn = 6.05 and 2.33%) are
in excellent agreement with TEM measurements of FP sample (Uun= 6.6 and 1.90 %), supporting the
assumption of a partitioned growth of pearlite with local specific equilibria at y/a and y/6 interfaces. One
emphasizes that the composition in cementite would be significantly different if an equilibrium « / 6 had
been considered at 570°C (Umn = 19 %).

However, the previous thermodynamic prediction does not satisfy a priori the Mn solute molar
balance, such that:

£t Xian+ it Xiin=Xbhn (32)

where XJy, is the nominal atomic Mn composition of y. Xiy, and Xg, are the atomic Mn compositions of
cementite and ferrite respectively, determinated with the latter approach. iy, f§ are the molar fractions of
cementite and ferrite respectively. At 570°C, assuming a nominal atomic carbon composition X. = 1.78 %
(0.39%w+) in austenite at the beginning of the transformation and a negligible content in ferrite, the lever
rule imposes a molar fraction of cementite of 7.10 % in pearlite. Therefore, assuming that the Mn
compositions inside cementite and ferrite are those determined by the thermodynamic approach, the
overall manganese atomic composition (2.46 %) should have been higher than the nominal atomic
composition (1.94 %). This purely thermodynamic approach thus does not permit to verify a correct
molar balance in the studied case.

This unsatisfactory situation has been avoided by Pandit and Bhadeshia [PAN’11] who in fact
recommend first to calculate the y / 0 tie-line from the uniform carbon activity assumption. Once the Mn
composition inside cementite is determined, they establish a new tie-line starting from this composition
and passing through the bulk composition (It is not an equilibrium tie-line). The corresponding Mn
composition inside the growing ferrite is then deduced by extending this tie-line to the a / a + y phase
boundary. Figure 3.13 shows the approximation of Pandit and Bhadeshia [PAN’11] for the current steel.
Mn composition in ferrite determined under this approximation is Umn = 1.80 % which is even closer to
our TEM measurement in ferrite. In that case, the solute molar balance is verified.
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Figure 3.13: Isothermal section of the Fe-C-Mn ternary diagram at 570°C. The a+y and o+6 two-phase domains are
delimited by the red and black continuous lines respectively. The remaining austenite initial composition is
represented by the blue dot. The black dotted represents the approximation of Pandit and Bhadeshia [PAN’11].

The proposed thermodynamic approach using the carbon iso-activity is thus a convenient tool for
the prediction of the solute composition within pearlite constituents (ferrite and cementite). However,
this kind of approach is rarely used, even in the most recent investigations on pearlite. To our knowledge,
only Pandit and Bhadeshia [PAN’11] have attempted to apply this reasoning to explain successfully the
experimental results of Razik and Ridley. These investigations have been carried out on eutectoid steels in
frame of isothermal treatments only. The present work seems to be the first to date to investigate with
this model the pearlite transformation conditions after a pro-eutectoid transformation and thus at very
low temperature.

As discussed in Chapter 2, the formation of the isolated cementite particles is suspected to occur
between 710 and 760°C (cf. Chapter 2, section 2.1.1b). The carbon concentration of austenite varies
between 3.9 and 4.1 %a within this temperature range, according thermodynamic calculations.
Reproducing the previous approach predicts a narrow Mn concentration interval in cementite being Uwmn®
=5.10 - 5.5%, i.e. slightly lower than that predicted for the lamellar perlite transformed at 570°C.

3.2.2 Ripening process of cementite during coiling and annealing

3.2.2.a Basic thermodynamic and diffusion analysis

We have seen in the previous sections that the phase compositions inherited from the
transformation conditions are far from the local equilibrium conditions (considering the local carbon
composition in pearlite Xc = 1.78 %.¢). The differences are even higher at room temperature (even if the
thermodynamic databases at such low temperatures should be considered carefully). The equilibrium
composition in Mn and Cr at room temperature in cementite are Uun = 36% and Uc = 4%. The
measurements of the CR sample are far lower revealing that the diffusivities of substitutional solutes are
too low below coiling temperature range to obtain a uniform equilibrium composition profile through
cementite. As central composition of cementite has not evolved, it means that substitutional solutes had
even not the time to diffuse from the interfaces to the middle of cementite particles. Composition
gradients from interfaces are thus observed over a limited distance (about 15-30 nm).
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Mn composition profile measured in cementite after slow heating up to 700°C (700H3) are almost
flat and the constant value (about Uwn = 10.0% in the CR sample) is approaching the equilibrium
composition (Uwn = 13.36%). It leads to the conclusion that, during heating, above a certain temperature,
the Mn diffusivity is sufficient to permit the homogenization of Mn close to the equilibrium composition
within a short period of time. Cr equilibrium composition (Uc: = 2.7%) is nevertheless not reached, as
1.7% is measured in the cementite in the 700H3 sample owing to a lower diffusivity. Similar observations
were reported by Baltazar et al. [BAL'11] or by Phillipot et al. [PHI'15] who studied the Mn enrichment in
cementite after heating up to 700°C at 1°C.s'! of a 0.37C-2.53Mn steel (%weight). They measured Mn
concentration in cementite by atom probe tomography close to 11 %w: (Uvn = 12%) in good agreement
with our own observations. As in the studied case, Cr does not reach equilibrium after heating. On the
contrary, the solute profiles measured after fast heating remain analogous to that measured on the CR
sample. It evidences that rapid heating does not permit the solute to diffuse out and modify the cementite
composition.

Mn diffusion lengths in cementite for both cooling from 570°C down to room temperature at
20°C.h'1 and heating up to 700°C at 3°C.s'! were estimated using the sole diffusion coefficient of Mn in
cementite found in literature. DY, has been extracted from the MOBFE2 and TCFE9 databases of DICTRA
and Thermocalc. For the sake of simplicity, isothermal holdings at 570°C and 700°C, duringt=24hand t =
200 s were considered to estimate a first order upper value of VDt. In both cases, diffusion lengths did not
exceed 2 nm. This is far lower than our observations (about 15-30 nm in the first case and larger than
cementite half width in the second case).

Since DY, provided by DICTRA software is obviously too weak, it must be reassessed, as did e.g.
Song [SON’14]. This author proposes to multiply DY, by 5 in order to better calibrate its own experiments.
Luo et al. also [LUO’16] needed to multiply it by 72 to make its DICTRA simulations consistent with their
own experimental data. More recently, a deeper investigation was performed by Wu et al. [WU’18] on
cementite coarsening in a wide range of Fe-C-Mn alloys, whose one is equivalent to the current studied
steel. Numerous Mn composition profiles were measured by TEM inside cementite for temperatures
ranged between 400 and 600°C. They established a new diffusion coefficient of Mn within cementite,
being roughly equivalent to 7500 times the standard coefficient of DICTRA. In the present study, we also
need to reassess DY, on the basis of our own experimental results. These diffusion coefficients are
compared and discussed in Appendix. As done by Luo, simulations of Mn diffusion in pearlite will be
conducted using the DICTRA software.

3.2.2.b DICTRA Simulations

A model ternary Fe-C-Mn system is considered for the phase transformation calculations with
DICTRA software (2017a version, TCFE9 and MOBFE2 databases). Our equilibrium calculations have
shown that other alloying elements (Si and Cr) do not affect significantly the chemical compositions of the
phases and transformation temperatures. For this reason, the following DICTRA simulations do not deal
with the latter species.

A planar configuration representing a lamellar pearlite structure (half ferrite lamella in contact
with a half cementite lamella) has been considered for the sake of simplicity, even if our observations are
not all obtained in such simple geometrical configurations. Half-lamellar spacing and lamella thickness
have been set respectively to 340 and 20 nm in accordance with our observations. The considered
volumes are consistent with equilibrium calculations at 570°C (94.2 and 5.8 %y of ferrite and cementite
respectively).
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Three successive thermal treatments have been simulated. The first one corresponds to the
cooling treatment (composition evolution from FP to CR sample). Initial Mn concentrations profiles in
cementite and ferrite for coiling simulation have been considered uniform and set to Uwn = 6.25% in
cementite and Umy = 1.70% in ferrite, as observed experimentally in the FP sample (cf. Fig. 3.3(b)). The
second and third one corresponds to the slow (3°C.s') and the fast (30°C.s1) heating to 700°C
(corresponding 700H3 or 700H30 samples). Phase and composition fields resulting from the first
simulated treatment are used as initial conditions for these latter heating simulations by a field transfer in
DICTRA.

Modeling space is discretized using unidimensional grids. 50 grid nodes have been distributed in
both ferrite and cementite following a geometrical progression in both phases with ratio 0.98 and 1.02
respectively, in order to get a finer mesh near a/6 interface. Both time and spatial discretization have to
be optimized in order to reduce computation time without losing accuracy. Inappropriate simulation
parameters could induce a significant decrease of the overall Mn concentration in the system. One points
out that of curvature effects (Gibbs Thompson), morphological evolutions or interaction between particles
(coarsening) were disregarded in our simulations. These contributions could be nonetheless taken into
account to explain the significantly higher compositions measured inside the spheroidized extremity of
the lamella shown in Figure 3.5. However, such a deeper investigation lies beyond the scope of this PhD.

The activation energies and the pre-exponential factors calculated with DICTRA for ferrite and
cementite are summarized in Table 3.A. To obtain these values, the composition of the austenite at 570°C
have been considered (Xc = 1.78%at, Uun = 1.94%). In the case of ferrite, both parameters vary significantly
with the temperature. An Arrhenius plot was drawn from data tabulated from Thermocalc to deduce the
values shown in Table 3.A.

Pre-exponential factor Q (k].mol1)
Cementite 0 1.05x 105 286.0
Ferrite a 0.127 272.2

Table 3.A: pre-exponential factor and activation energies of the Mn diffusion coefficient in cementite and ferrite,
respectively.

Mn diffusion coefficient in cementite has been adjusted to best reproduce our experimental
observations. In this procedure, only pre-exponential term has been modified so far (not the activation
energy) and multiplied by 2000. This value is consistent with Luo and Wu [LUO’16, WU’18]. Mn diffusion
coefficient in ferrite has been taken from the database and has not been modified, since it is considered
well validated.

3.2.2.c Simulation results

Figure 3.14 shows the composition profiles simulated in pearlite during coiling (a) and annealing
at low (b) and high rates (c) respectively. The simulated profiles are systematically compared to the
corresponding experimental measurements. For simulated annealing, the expected equilibrium Mn
composition at 700°C (considering Fe-C-Mn alloy) is represented by a dotted line. It corresponds to the
partition expected in the sole pearlite sub-system.
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Figure 3.14: Comparison between the DICTRA simulations of the various thermal cycles with the compositions
measured by TEM. Simulated profiles are reported by the blue lines. The continuous red line indicates the initial
composition profile at the onset of the simulations. The dots reflect the experimental measurements. (a) Cooling from
570°C down to room temperature at 20°C.h-1. The experimental measurements are those reported in Fig. 3.4(b). (b)
Slow heating (3°C.s1) to 700°C. The measurements correspond to that Fig. 3.7(b). (c) Fast heating (30°C.s1) to 700°C,
compared with the profile shown in Fig.3.9(b).

It should first be emphasized that in all cases, interface remains fixed during the inter-diffusion
process as carbon solubility in ferrite and in pearlite does not vary much with temperature. In Figure
3.14(a), the composition profile shows a steep gradient in cementite at the interface (extended over about
15 nm) whereas the middle of the cementite particle is not enriched (still at 6.25%). Mn interfacial
composition predicted by DICTRA is Umn = 12.7 %, that is far lower than that equilibrium composition
expected at room temperature (Umn & 36%) consistently with the low Mn diffusivity in this temperature
range (T < 570°C). The Mn composition profile inside ferrite shows a depletion over 40 nm from the
interface, similarly to the TEM measurements, except that particle studied in the CR sample is located in a
Mn microsegregated band (cf. Fig. 3.4 and 3.5), involving a Mn concentration twice higher (Uma = 4%). It is
the reason why the experimental Mn profile is higher than the simulated one in the ferrite matrix. Hence,
calibrating Mn diffusion coefficient in cementite has permitted to reproduce consistently our experimental
observations.
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The reliability of our reassessment was confirmed by simulating the composition evolution in
cementite during reheating to 700°C. Figure 3.14(b) shows that the calculated profile after slow heating is
far flatter than after coiling. Low calculated composition gradients are in excellent agreement with our
experimental observations. Only interface compositions are slightly lower than observed experimental
values. The Mn profile is not affected after fast heating, as shown in Figure 3.14(c). The Mn composition
profile obtained after fast heating is very similar to that found in the simulated coiling. The U-shape profile
is preserved; the concentration in the middle of the lamella is barely changed while the interfacial
composition is slightly decreased. The agreement with experiment is however less good than in the case of
the slow heating rate.

Our DICTRA simulations show that it is possible to explain and predict experimental Mn
concentration profiles inside cementite during coiling and heating by simple diffusion calculations with
local equilibrium at ferrite/cementite interface. When using MOBFE2 and TCFE9 databases, Mn diffusion
coefficient in cementite (pre-exponential factor) has to be multiplied by a factor 2000 to obtain consistent
composition profiles and gradients. Nevertheless, this rough reassessment considering the sole pre-
exponential factor is surely not sufficient for accurate prediction.

3.3 Finite Difference (FD) model

According to industrial practices, a typical annealing schedule takes about 15 minutes. The DICTRA
simulations require about 20 min to converge for a complete annealing simulation. The in-line use of
DICTRA for phase prediction is thus ludicrous. This is the reason why a Finite Difference model for Mn
diffusion in pearlite has been developed and calibrated to predict the observed enrichments. This
simplified model aims at reproducing DICTRA results with drastically reduced calculation costs.

3.3.1 FD Model’s description

A classical finite difference model for Mn diffusion in lamellar pearlite has thus been developed. The
basis has been inspired by the work of Santofimia et al. [SAN’08] who investigated the carbon diffusion
during partitioning of Q&P steels. Originally, the model accounts for a mobile interface. In present case,
the application of the model is easier since the «/0 interface is considered as immobile.

The model is based on four main assumptions:

o Diffusion calculations are restricted to Mn (no interdiffusion, considering an apparent
diffusion coefficient) by a simple Fick’s law (based on atomic concentrations),

e Mass balances are used to calculate evolution of Mn concentration in cells,

e Local equilibrium is assumed at ferrite/cementite interfaces but operative tie-lines are to be
determined by the model,

o Interface mobility is neglected as molar volumes of both phases are hardly affected by their
Mn compositions.

The modeling space is divided into cells with a 1D planar configuration similar to the DICTRA
simulations. The diffusion is solved by finite difference procedure, as illustrated in Figure 3.15. Each cell i
contains a control point at position z; at which the mean concentration in Mn of the cell x*(z;,t) is
evaluated at a given instant t. The Mn evolution in each single phase is calculated by a simple mass
balance. The accumulation (resp. depletion) of Mn depends on the flux of Mn coming (resp. escaping) from
the neighboring cells that is estimated a simple Fick law (flux). Mn concentration in cell i in phase k at
t + dt is modeled by Equation (3.3):
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x*(zi, t +dt) = x¥(z;,t) + 75(x* (221, ) — 2x%(z;, £) + x* (241, ) (3.3)

where x* is the atomic fraction of the control point of the cell located at position z;, belonging to the phase
k.

A schematic representation of the solving strategy is given in Figure 3.15 with three cells
called x4, x5, x5 . It explains how the Mn flux between cells (x;, x;) and (x,, x3) and the mass balance in cell
x, are calculated. For the sake of simplicity, it is assumed that at considered instant ¢, x;((zq,t) >

X2,6(Z2,t) > x3(23, 1).
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Figure 3.15: Explicit resolution scheme for the diffusion process in the Finite Difference model. Concentration
gradients present at instant ¢ produce solute fluxes. In a given cell, the evolution of the mass is related to the
difference between incoming/outcoming fluxes.

The solving scheme is thus purely explicit. The parameter r*, given by Equation (3.4) according to
Fick’s second law, is set to 0.5. This permits to select spatial and time steps which ensure the stability of
the numerical calculation [CRA’75] by limiting the error accumulated after successive iterations.

DKAt

e = W (34)

Azk is the constant spatial step size in the phase k (ferrite or cementite). Dk is the Mn diffusion coefficient
of the considered phase. Time is also discretized with a constant time increment At.
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3.3.2 Interface modeling

In Finite Difference models, an interface must be located at control point, separating the
considered cell in two domains, as schematized in Figure 3.16. In the present case, the interface is
immobile and lies in a fixed cell which binds ferrite and cementite phases. On both sides of the interface,
one domain behaves as ferrite and the other as cementite with thus two different rk values. The respective

manganese compositions in ferrite or cementite domains are called x." and xﬁ,’,’lp .

Local Equilibrium (LE) is assumed at the interface. Thus, at any instant, xj and x,@’,’f correspond
to a given equilibrium tie-line. The tie-lines were tabulated from Thermocalc at different temperatures.
For each temperature, an empirical law was calibrated to relate the compositions given by the extremities
of the tie-lines. As a first guess, a 5t degree polynomial function was adjusted to reproduce Thermocalc
data and giving xﬁ;ﬁp =f (xle,‘,’f ). Empirical laws were calculated for temperatures ranging from 20 to
700°C, with a temperature step of 20°C. A matrix temperature / polynomial coefficients was built with
MATLAB to produce an expression which includes the temperature, such that xg.." = f(x,@'ff, 7).

The LE condition is used to calculate the composition of Mn in ferrite half-cell and a simple mass
balance, according the expression (3.5). Thus, a natural gradient is set at the interface, imposing equal

fluxes in both phases, as illustrated in Figure 3.16.

a X% (F y * x% gy 0
Induced Mn gradient by LE condition at IF
XOUE O |- mmmmmmmm e
Incoming flux from a phase enrichment flux toward 8 phase
5
=
Xini
XO(IF Q) f oo

Figure 3.16: Calculation strategy for interface cells. The LE condition is used to calculate the composition of Mn in
ferrite half-cell (blue) and a simple mass balance is used to calculate the composition in cementite half-cell (red).

The particular mass balance equation for cementite half-cell is given by Equation (3.5):

X0 (t +dt) = x0(E) +1(x (20, ) — % () + 7 (x° (2, 1) — x97F (1) ) (3.5)

At the first time increment, the composition in ferrite will be imposed by the LE considering
nominal Mn values without any gradient in cementite. During the next increments, the flux calculations
will naturally lead to Mn enrichment in cementite.

It should be mentioned that this explicit resolution scheme can induce a direct loss of Mn in the
calculations during the first time increment. The cause is illustrated in Figure 3.17. In fact, when applying
the LE in ferrite and maintaining a constant Mn profile in cementite at very beginning of the calculations,
the ferrite half-cell are depleted in Mn without any mass transfer in cementite (case 1) due to the explicit
solving scheme. To neutralize this artifact, the amount of Mn lost in ferrite is transferred into cementite at
the interface (case 2). This “artificial” transfer is applied only during the first time step dt. It may be
applied optionally as the Mn lost during this operation is however limited.
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Figure 3.17: Illustration of the Mn loss mechanism for the first time increment. After initialization (no-partition for the
reference state), when applying the LE in ferrite and maintaining a constant Mn profile in cementite at very beginning
of the calculations, the ferrite half-cells are depleted in Mn without any mass transfer in cementite (case 1). To
neutralize this effect, the amount of Mn lost in ferrite is transferred into cementite at the interface (case 2).

This approach permits locally to ensure consistence with local equilibrium conditions and mass
balances at the same time (absolute loss of 0.13%, higher than with DICTRA calculations but considered as
negligible). The sizes of the cells and calculation conditions have thus been adjusted to obtain the lowest
Mn mass loss.

3.3.3 Calibration of the model and initialization of the calculation

The model has been assessed and calibrated taking into account the chemical initial condition
considered for DICTRA calculations; flat Mn profile within ferrite and cementite at 1.7 and 4.75 %ac
consistently with the U-fractions given in Figure 3.3(b)

For the calibration, i.e. the determination of reliable spatial and time steps, simple isothermal
calculations were carried out (isothermal treatments during 200s at 700°C). Same geometrical
configurations have been considered. Namely the considered interlamellar spacing and lamella half-
thickness were set to 340 and 20nm, respectively. The Mn diffusion coefficient in ferrite and cementite are
those calculated by DICTRA, presented in Table 3.A after optimization for current alloy composition
(considering a simplified Fick’s law).

Many conditions have been tested until equilibrium is completed at the end of the isothermal
treatment at 700°C. After investigations, a spatial step of 1 nm and a time step of 5.10-3 s have been set in
order to obtain the lowest mass loss of Mn. Smaller time step leads to higher time consuming calculations,
whereas higher spatial step increases the mass loss of Mn.
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3.3.4 Results

Figure 3.18 represents the Mn concentration profile obtained using the FD model after
reproducing the annealing simulations. The diffusion coefficient has been multiplied by 2000, consistently
with the calibration carried out during the DICTRA analyses. The FD model reveals to be in excellent
agreement with both DICTRA simulations, since obtained profiles are very similar. The mass loss detected
is inferior to 0.13 % relative to the nominal composition, which is less than expected.
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Figure 3.18: Comparison of the Mn concentration profiles calculated with the FD model with the previous DICTRA
simulations (see Fig 3.14.b and c) for a heating from room temperature to 700°C. The black profile shows the initial
concentration profile introduced in the VF model. Blue lines and orange dots represent the DICTRA simulations and
the results of the FD model, respectively: (a) after slow (3°C.s'1) and (b) fast heating (30°C.s-1).

3.3.5 Discussions

The FD model reproduces faithfully the DICTRA simulations in term of kinetics and final states for
after slow and fast heating treatments to 700°C, even though the initial gradients obtained after slow
cooling were not introduced. To achieve the reproduction of the profiles acquired with DICTRA, the same
multiplying factor was employed (2000).

In conclusion, the FD model offers a good alternative relative to DICTRA simulations. It enables quick
calculations (~ 2 s with an excel macro) and is easier to configure. The implementation in a suitable
language for intensive calculations (FORTRAN) should permit to obtain very short CPU times.

Indeed, using DICTRA, a lot of settings must be investigated (accuracy of calculation’s algorithms,
number of grid points, etc.) before to obtain reliable simulations. In current state, only equilibrium tie-
lines obtained using Thermocalc and diffusion’s coefficient of Mn in ferrite and cementite from MOBFE2
database were needed to run the FD model. Of course, it remains valid as long as the modeled system has a
simple geometry with immobile interfaces and that only one alloy component is investigated.
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3.4 Conclusion

The Mn enrichment of cementite throughout the manufacturing route was surveyed by TEM from
the pearlite transformation at 570°C occurring just before coiling process from the heating to 700°C, just
below the Ac; temperature:

e During pearlite transformation at 570°C, the cementite is found to have an initial homogeneous
composition Uwn=6.5%. A thermodynamic analysis assuming LE compositions at the 6/y interface
during the growth agrees very satisfyingly with the latter measurements.

e Along the slow air cooling which follows to room temperature, Mn has sufficient time to partition
further inside cementite. The TEM investigations explicitly highlighted the diffusion of Mn from
ferrite to cementite. Depletions over 40 nm were observed in ferrite in contact with the cementite
lamellae. High concentrations (around Uwn,=12%) are generated at the /0 interfaces, consistently
with the LE compositions excepted within this low temperature range. However, the sluggish Mn
diffusivity does not permit to establish a homogeneous flat profile. Sharp gradients were found over
15 nm, from the interface to the middle of the lamella, where the Mn composition remained
comparable to that measured after pearlite formation.

o  Slow heating (3°C.s'!) from room temperature to 700°C permitted to achieve a flat Mn profile inside
cementite, being remarkably consistent with the ortho-equilibrium composition at 700°C, calculated
for the full alloy chemistry.

e Fast heating, on the contrary, does not let time to Mn for further partition. The measured profiles do
not show any evolution relative to that measured after pearlite formation at room temperature
(cooling succeeding the coiling process). The Mn profiles examined by TEM remains relatively flat
around Umn=7% while the interfacial concentration is slightly higher, around Umn=9%.

DICTRA simulations were carried out to correlate the evolution of the Mn profiles to the
thermodynamic and diffusive conditions which prevailed during the various heat treatments. First, the
formation of the U-shape gradient produced during slow air cooling is faithfully replicated. However, the
standard Mn diffusion coefficient of Mn inside cementite contained in the MOBFE2 database required a
consequent increase. To this end, the coefficient was multiplied by 2000.

The validity of the re-assessment was confirmed with the simulations dealing with the slow and
fast heating to 700°C. In former case, the Mn enrichment up to values close to the equilibrium was well
captured. In the latter one, the Mn profile remained very similar to that measured at room temperature
after cold-rolling.

A simplified 1-D Finite Difference module was developed in order to reproduce the results
obtained from DICTRA with a smaller calculation time. The subjacent objective is to build an efficient tool,
tractable in industrial context. The module provided reliable results, in remarkable agreement with the
DICTRA simulations with negligible mass losses.
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Chapter 4

Recovery and Recrystallization

Recovery and recrystallization are two important microstructural evolutions occurring in the
deformed ferritic matrix of cold-rolled ferrite pearlite steels when annealing. The phenomena are
governed by the same driving force, i.e. the decrease in the elastic and surface energy due to defects in the
deformed microstructure. They hence enter in competition during the annealing process and both can
strongly affect the morphogenesis of the ferrite/austenite microstructure, as shown in chapter 2.

This chapter is dedicated to experimental characterization, modeling and coupling of recovery
and recrystallization phenomena. The first part of this chapter is dedicated to a bibliographic study about
the investigation methods and the modeling approaches of both metallurgical mechanisms. In the present
study, in situ characterizations were mainly conducted by HEXRD. The experimental results, presented in
the second part, were obtained during an experimental campaign at the DESY synchrotron. Recovery was
tracked using a conventional Williamson-Hall approach while the recrystallization kinetics was
determined by mean of an original method developed in the frame of this study. This new method was
validated by direct SEM-EBSD observations on the studied steel and modeling results from the literature.
The last section of this chapter is dedicated to the modeling of both phenomena using a physically based
mean-field approach inspired by literature models. The model was calibrated on available experimental
results (kinetics and size measurements) and permits to simulate the recovery/recrystallization kinetics
of the studied steel during the continuous annealing at slow and fast heating rates (as in chapter 2). Once
adjusted and coupled with a micromechanical model for cold-rolling, it was employed to predict
accurately the effect of cold-rolling ratio on the recrystallization kinetics.
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4.1 Bibliographic study
4.1.1 Recovery

4.1.1.a Definition

Recovery is a metallurgical process by which a deformed crystalline structure reduces its elastic
stored energy, either by rearranging or by annihilating lattice defects. These defects are often statistical
stored dislocations (perfect or partial) inherited from the deformation process. Their rearrangement leads
to the formation of low-angle low energy sub-boundaries (subgrain) which evolves as function of time,
temperature and initial deformation state [NES’95]. Contrary to recrystallization, recovery occurs without
the migration of a high angle grain boundary [DOH’97]. Figure 4.1 shows for instance the schematic
evolution of the deformation substructure of a polycrystalline metal as a function of annealing conditions
and initial deformation states.
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Figure 4.1: Schematic evolution of the deformation substructure of a polycrystalline metal as a function of annealing
conditions and initial deformation states [NES'95].

During recovery, the decrease in dislocations densities combined with the increase in the mean
subgrain size leads to a decrease in both strength and hardness of the studied material. Recovery
generally occurs during a thermal treatment at temperature that permits the thermally activated gliding
(dynamical recovery) or climb of dislocations under residual stresses (static recovery). This process is
thus highly sensitive to the temperature and to the density of defects.

4.1.1.b Investigation methods

Different experimental methods enable to investigate recovery kinetics. In most studies, only the
decrease in dislocations density is described, whereas the evolution of sub-grains microstructures can
have a sense as they both can interfere with a further possible recrystallization process [REH’13, DOH’97].
In the SIBM theory [BAI'62, FAI'79], subgrains serve for instance as nucleation site for recrystallization
[REH’13]. Moreover, according to Nes et al. [NES’95], this sub-grain growth in steels during recovery is
partially responsible from the decrease in hardness.

The most used characterizing method to assess the density of defects in a polycrystalline and
deformed sample consists in studying the shape, the width, the tails and the asymmetry of its X-Ray
diffraction peaks [WIH’53, PES’03, RIB’04, RIB’10, KHR'11, UNG’14, SAL’14]. The evolution of dislocation
densities can be followed in real time if the experiments are conducted in situ (for instance on synchrotron
beamlines) or ex situ after various heat treatments. The results of these methods depend strongly on how
the physical models correlate the presence of defects to the diffracted beam. Since the pioneer work of
Williamson and Hall [WIH’53], many approaches were proposed. They rely either on the Full Half Width
Maximum (FHWM) of the diffractions peaks or their breadth (Williamson and Hall method) or Fourier’s
coefficients of the profiles (Warren-Averbach method) [SAL’14]. Ungar’s group [UNG’14, RIB'11] provided
the most advanced works in this field, in which the whole diffraction patterns are deconvoluted by
Convolutional Multiple Whole Profile fitting (CMWP).

Another option is to measure the decrease in the macroscopic mechanical properties caused by
the recovery process and to relate it to the decrease in dislocation density. The latter is estimated via a
micromechanical model. Verdier et al. [VER’98] for instance carried out tensile tests at room temperature
after annealing treatments on Al-Mg alloys and have studied the evolution of their yield strengths as a
function of the severity of the thermal treatments. The model proposed by these authors links
interestingly the thermal activated relaxation of the internal stresses to the density of dislocations. The
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use of hardness measurements (which requires smaller samples) remains hence the preferred
experimental method [PER’10]. These mechanical tests must however be considered with care when
recrystallization occurs, as recovery and recrystallization may concomitantly contribute to the decrease in
hardness.

Alternatively, recovery kinetics can be studied indirectly by following other physical properties
also affected by the defect density (as magnetism or electric conductivity). For instance, Gurruchaga
[GUR’10] identified recovery and recrystallization temperature ranges using the Barkhausen’s noise while
Khodabakhshi et al. [KHO’11] used the electric resistivity to determine the dislocation density and the
grain size of their steels.

The very last option to study recovery is to observe and characterize directly the dislocation
microstructures by microscopy. Accounting for the high density of dislocation in cold-rolled ferrite-
pearlite steels, TEM is seldom used and allow studying only dislocation organization (sub-grains and cells)
[VER'98]. SEM-EBSD mapping are often preferred even though it does not permit an absolute
measurements of dislocation densities [CHB’14]. Radwanski [RAD’15] recommended the use of the
Quality Index mapping to reveal various levels of recovery between different grains. This technic does not
permit on the contrary to compare different states. The evolution of sub-grains can be revealed by
studying the disorientations of sub-boundaries (below 1.5°) but it requires EBSD setup with an improved
angular resolution [SLA’18]. Finally, it should be emphasized that some authors used the density of
subgrains revealed by ESBD to track the elastic stored energy [LIU’16] and thus to estimate the driving
force for recrystallization.

In this PhD study, the Williamson-Hall methodology was utilized on in situ experiments conducted on
synchrotron beamlines. The principle of this method is detailed in the next section.

4.1.1.c  Williamson-Hall Theory

As strains and defects distort atomic lattices of crystalline structures of the microstructure, they
affect in turn the diffraction patterns. The diffraction conditions for an infinite perfect crystal given by the
Bragg’s law are no more perfectly fulfilled. It explains why diffraction peaks are enlarged compared to the
perfect case. This enlargement depends on the mean size of the perfect crystallites able to diffract and on
the mean deformation of the structure. In the Williamson-Hall method, this enlargement is measured on
the Full Width Half Maximum (FWHM) of diffraction peaks.

For a given Bragg’s diffraction angle 6, Equation (4.1) permits to correlate the FWHM of
diffraction peaks to parameters € and D, being the mean deformation of the material the crystallite size,
respectively [WH’53, ZAK’10, KOH'11, SAL’'14]:

FWHM(0).cos0= %M-.sin@.s (4.1)
K is a constant, set to 0.9 and A is the wavelength of incident monochromatic beam. The first term
depending on the crystallite size is known as the Scherrer’s term while the second refers to the pioneer
work of Stokes and Wilson. The reader is referred to [WH’53] for more details.
Once strain parameter € and crystallite size D are known for a given diffraction pattern, the
dislocation density p (m2) can be estimated thanks to the Smallman’s formula (4.2) [SMA’57]:

_3 2me

= (4.2)

p
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where b is the Burger vector of perfect dislocations in ferrite (b = 2.5x10-1° m in our case, neglecting the
effect of the temperature).

4.1.2 Recovery modelling

In the literature, two types of model can be found, either purely phenomenological (mathematical
functions adjusted on experimental data) or physically based mean field models trying to describe the
mechanisms at dislocations scale (climb, network annihilation, subgrain growth).

4.1.2.a Phenomenological approaches

Yunning Wang proposed a recovery model in frame of martensite tempering [WAN’06]. The
density of dislocations was supposed to evolve as a function of temperature and time according to the
following empirical equation (4.3) inspired from JMAK formalism:

p=p,exp (-CleXp <- RET) t+Cz> (4.3)

with Q an apparent activation energy of the process and R the perfect gas constant. po, Ci, C; are
parameters that must be calibrated on experimental results. Senuma et al. [SEN’08] proposed also very
similar empirical equation for austenite recovery at high temperature:

8000y .
p=poesp (-90exp (=) 7) (41

In both cases, such purely mathematical approaches show good performances once adjusted.
Nevertheless, they lack of generality and do not provide reliable predictions outside their calibration
domains.

4.1.2.b  Physically based mean field approaches

The field of recovery modeling was reviewed in 1995 by Nes [NES’95]. The original goal pursued
by the author was in fact to establish the relative contributions of dislocation and subgrain substructures
in the decrease in the mechanical properties of metals during annealing. For the case of high purity steel,
he succeeds to demonstrate that the mechanical recovery is due in fact to both annihilation of dislocations
and subgrain growth.

Most of models for dislocation annihilation are inspired from the seminal work of Friedel

[FRI'64]. He proposed to describe the logarithmic relaxation of internal stress o; during annealing in alloys
at a given temperature T according the relation (4.5):
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being K a parameter, U the apparent activation energy of the process and k the Boltzmann constant. The
internal stress oj can be related to the density of dislocations such that:

Gi=aMub\/B (4.6)

and the apparent activation energy can be related to the internal stress as follows:

U(Gi)=U0'VGi (47)

with o a term related to the dislocation forest strengthening, M a Taylor factor and V the apparent
activation volume of individual recovery processes. This set of equations describes well dislocation
annihilation by climb, in particular in fcc alloys.

This model was further improved by Verdier et al. [VER’98] for instance by introducing a mobility
equation for dislocation and by detailing K parameter thanks to Orowan relationship. This latter
development was extensively employed by Zurob et al. in their works for austenitic steels [ZUR’02,
REH’13]. In our work, accounting for the incertitude on our experimental measurements, we decided to
use the original Friedel’s model [FRI'64].

Many models also exist for the evolution of the low-angle boundaries substructure [LI'62, NES'95,

FUR’95]. Furu et al. [FUR’95] proposed for instance to write the increase in subgrain radius r as:

dr ] C,

< = Cisinh (r—) (4.8)
where C1 and C2 are two parameters. This formalism can provide an adequate description of subgrain
growth once adjusted. However, it hides the fact that subgrain growth also depends on the surrounding
dislocation structure. This is a reason why we preferred in our development to consider the work of
Rehman et al. [REH’13] who describe the growth of sub-grains in the frame of a SIBM growth. This model
will be detailed in the modeling section of this chapter.

In conclusion, it appears that recovery was extensively studied since the 50’s, but remains an active
research field. It comprises in fact many physical mechanisms which are highly coupled (annihilation of
dislocations by climb and subgrain-growth). Most of studies focus often uniquely on the evolution of the
dislocation density. However, this literature review outlines the interest of describing also the
substructure evolution for modeling recrystallization.

4.1.3 Recrystallization

4.1.3.a Introduction

The recrystallization is defined as follows in the reference review of this field [DOH'97]: “The
authors have agreed that recrystallization is the formation of a new grain structure in a deformed material
by the formation and migration of high angle grain boundaries driven by the stored energy of
deformation. High angle grain boundaries are those with greater than a 10-15° misorientation. Grain
coarsening can, in turn, be defined as processes involving the migration of grain boundaries when the
driving force for migration is solely the reduction of the grain boundary area itself.”
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This definition excluded thus recovery processes which only describe the rearrangement of low
angle boundaries, even though their driving forces are the same and also grain coarsening whose driving
forces are of different nature (decrease in grain boundary energy).

The recrystallization process occurs by nucleation and growth. Since the pioneer work of Cahn
[CAH’50], it is well established that the nuclei are in fact not exactly new grains constructed atom by atom.
On the contrary, they are in fact small sub-grains or dislocation cells, already present in the recovered
structure. This selective process, far from randomization, explains why recrystallized crystallographic
textures strongly depend on the original texture and the anisotropy of the deformation process.

This recrystallization process as recovery will strongly depends on the temperature since nucleation
and growth are both thermally activated mechanisms and on the initial deformation state (texture, density
of defects and grain substructure). Figure 4.2(a) shows for instance EBSD maps of a cold-rolled ferrite-
pearlite steel, annealed at different temperatures. The progression of recrystallization is revealed by a
suitable kernel post-treatment (new recrystallized grain in red). The most convenient way to characterize
the extent of recrystallization in alloys consists in measuring the volume (surface) fraction of
recrystallized grains in the microstructure. Figure 4.2(b) shows the corresponding as a function of the
annealing temperature.
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Figure 4.2: (a) EBSD maps of s cold-rolled ferrite-pearlite steel annealed at different temperatures, by Radwanski
[RAD’15]. Recrystallized grains appear in red. (b) Associated recrystallization kinetics.

4.1.3.b Investigation methods

As for recovery, studying the extent of recrystallization requires often tedious post mortem (ex
situ) experiments on samples after interrupted thermal treatments. In the literature, the methods
employed are either based on the mechanical behavior (hardness measurements) [HUA’04, LI'13, CHB’14]
and/or on microscopic observations (optical, Scanning Electron Microscopy - SEM, Electron Back-
Scattered Diffraction - EBSD, more rarely, and Transmission Electron Microscopy - TEM) [HUA’04, YE'02,
PER’'10, LU’11, CHB’14, ZHA’14b, LIU’16]. These techniques are time consuming and lack of accuracy to
determine the recrystallization start temperature (detection of very first recrystallization processes, cf.
Fig. 4.2(b)). The measurement based on hardness evolutions are also often biased, as the reported
decrease in hardness can also be partially due to a concomitant recovery process.

Radwanski [RAD’15] showed that the combination of EBSD technics as Grain Orientation Spread
representation (GOS), Kernal Average Misorientation (KAM) or Grain Average Misorientation (GAM)
permits an accurate characterization of the recrystallized state of steels (cf. Fig. 4.2(a)) [AYA'11, ZHA’14b].
These technics require to detect first the boundaries of deformed and recrystallized grains and to
calculate a scalar value representative of the local misorientation angle with respect to a mean value
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inside each studied grain. GOS is for instance the standard deviation of crystallographic misorientation
inside the studied grain knowing its mean orientation. Thus, the higher the GOS value, the more the grain
is deformed. Radwarniski consider that a grain is non-recrystallized if its GOS value is higher than 1.5°. This
threshold value was also considered to estimate the mean unrecrystallized volume fraction in this work.
The threshold value of the pixel-to-pixel misorientation to define a grain boundary was set to 5°.

Recently, Juul Jensen'’s group [LAU’03, LAU’06, POU’11] showed that recrystallization kinetics of
individual grains in deformed aluminum or copper can be followed in real-time using 3D-XRD
tomography. In the proposed experiments, each individual diffraction spot emerging from Debye-Scherrer
(DS) rings is followed assuming that it corresponds to a newly recrystallized grain. As the intensities of the
spots are supposed to be proportional to the volumes of the studied new grains, growth kinetics of
individual grains as well as precise nucleation conditions can be determined from few in situ experiments.
At the same time, the position and local crystallographic orientations of new grains can be tracked in bulk.
A mean recrystallization kinetics can be deduced, but without guaranty of its statistical representativeness
on larger volumes (low number of considered grains). Moreover, as 3D-XRD cannot be applied reasonably
to grains smaller than 5 pm, the case of industrial steels discussed above cannot be dealt.

Inspired by these prior 3D-XRD investigations, the present work proposes a new in situ method
based on HEXRD experiments to determine mean recrystallization kinetics in bulk, considering a large
number of grains. It will be illustrated with a study on ferrite-pearlite steels but remains general and
applicable to other metals. In the studied case, it will be shown that in situ HEXRD permits in fact to study
simultaneously recovery, recrystallization and phase transformation.

4.1.4 Recrystallization modeling

4.1.4.a Global approaches

Recrystallization is characterized by 3 stages (nucleation/growth/abnormal growth), similarly to
solid-state phase transformations. Thus, many authors applied the JMAK formalism to model the
recrystallized volume fraction (often designated by X) [LIU’16]:

X=1-—exp (—boexp (— %) t“) (4.9)
being by a pre-exponential factor, Q an apparent activation energy and n a parameter which depends on
the nucleation processes. In principle, previous equation (4.9) is dedicated to follow transformations in
isothermal conditions and must be calibrated in the same manner. It should not be used to follow
recrystallization during continuous annealing. Li et al. [LI'13] thus proposed an integrated version,
assuming the validity of JMAK equations during infinitesimal small isothermal steps along a continuous
annealing at constant heating rate:

n ! Q *\n—1
X=1-—exp _§ N byexp (_ﬁ) (T—T")"1dT (4.10)
with T* the temperature start of recrystallization process and 8 the constant heating rate.

In literature, the values reported to describe recrystallization in cold-rolled steels are generally
small (lower than 3), indicating that the nucleation is inhomogeneous (n = 1.7 after 50% cold-rolling for
Zhu et al. [ZHU’12], n = 1 for Huang et al. [HUA’04], n=1.7 for Kulakov [KUL’'13]). The activation energies
are generally higher than the one for alpha iron bulk diffusion as the mobility of the interfaces can be
controlled by substitutional elements. Huang et al. [HUA’04] for instance took Q = 350 k].mol-1. This value
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is similar to the one used by Zhu et al. [ZHU’12] to model the interface mobility in the phase field approach
(360 k].mol'1), but far lower than the one proposed by Kulakov (581 k].mol1). We will evidence in the
following that such models can show good predicting performances but are never predictive as they do
not describe well incubation and nucleation processes (prediction of T* for instance).

4.1.4b Physically based mean-field approaches

Contrary to global JMAK approaches, more sophisticated physically based mean-field models aim
at describing the sequential nucleation, growth and grain coarsening processes of recrystallization with
coupled equations. However, few frameworks are available for steels in the literature and most of them
are derived from the work of Zurob et al. [ZUR’02, ZUR'06, REH’13].

Latter authors developed for years a complete framework for austenite recrystallization. It takes
into account the nucleation sites at localized on the former austenite grain boundaries (SIBM theory) as
well as the mobility of the new grain boundaries. Their models permit to better understand the solute-
drag effect of Niobium delaying the recrystallization (dynamical and static) of austenite at high
temperature during hot rolling. However, it cannot be applied to our case. Firstly, the grain nucleation in
bcc iron is not limited by the same interactions. Secondly, the interface mobility is not limited by the
substitutional alloy components. Sinclair et al. [SIN'07] also developed a model in which the grain growth
is controlled by a mobility parameter. The main drawback of the approach is that it does not propose any
nucleation model (instantaneous nucleation site saturation) and it considers a constant driving force for
the normal/abnormal grain growth. The common thread between these models is to represent the growth
process with mobility equations of isolated new grains and capture the whole kinetics with the extended
volume theory. In this work, we will propose an original model to describe recrystallization process in our
deformed ferrite-pearlite steels which combines the nucleation theory from Zurob et al. [REH’13, ZUR'06]
and the simplified growth model from Sinclair et al. [SIN’07]). The equations chosen to build the model are
presented in section 3.

4.1.4.c Fullfield approaches

Miodownik [MI0’02] has reviewed the full field numerical approaches permitting to simulate at
REV scale the topology and network connectivity of evolving grain and subgrain structures during
recrystallization, grain normal and abnormal growth. Advantages and drawbacks of numerous types of
model are discussed: Vertex, Monte Carlo Potts, Phase-Field [ZHU’12, ZHU’15b] and Cellular Automata
[MAD’13, HAL'14, ZHG’13]. The metallurgical ingredients of such models are essentially the same than the
mean field approaches; except that they reproduce more conveniently the impingement mechanisms
(precipitates and second phases) and local relations (texture prediction for instance). Thus, it requires the
setting of local rules which depends on numerous physical variables as: driving forces, interface energies,
mobility equations, etc. In term of Kinetic prediction, their performances are rather similar to that of the
mean field approaches. Figure 4.3 gives different examples of full-field models applied to ferrite/pearlite
steels taken from in literature.
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Figure 4.3: Recrystallization processes modeled in a cold-rolled ferrite-pearlite steels (a,b) by cellular automata after
[MAD’13, ZHG’'13] and (c,d) by phase field after [ZHU’12]. (a,b,c) corresponds to the full field calculations at the REV
scale in 2D or 3D. (b,d) corresponds to the predicted global kinetics during continuous annealing schedules.

As recovery, recrystallization of steels is the topic of many applied and fundamental researches
due to its high technological importance. In fact, the prediction of grain sizes is one of the pillars of
microstructure design.

4.2 Experimental Results

4.2.1 Introduction

Series of in situ investigations on synchrotron beamline were conducted at DESY facilities. These
in situ experiments permitted to follow recovery and phase transformation upon annealing a deformed
ferrite/pearlite microstructure. These experiments are in fact complementary to the ex situ
characterizations presented in Chapter 2.

This chapter is restricted to the characterization of recovery and recrystallization. Phase
transformation will be considered in next Chapter 5. The FWHM, relevant for the current investigation of
recovery were obtained during the post-treatment procedure by Rietveld refinement, as detailed in
chapter 1 (cf. section 1.6.2). In parallel to this conventional treatment, we developed an original method
inspired from the Jensen et al’s works to follow recrystallization kinetics. This new method is based on
the systematic detection of the appearing diffraction spots directly on the Debye-Scherrer rings, assuming
they are related to newly recrystallized grains.
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Two types of annealing schedules have been conducted on cold-rolled samples (CR state - 61%
cold-rolling); ideal annealing schedules consisting in isothermal steps at different temperatures (at 450°C,
550°C, 650°C, respectively during 10 min after a fast heating at 100°C.s'1) and annealing schedules at
800°C during 10 min after heating at constant rates (3° and 30°C.s1, respectively). The ideal schedules aim
mainly at studying recovery within the 450 - 650°C temperature range and recrystallization (near 650°C)
processes in isothermal conditions.

As the procedure developed to follow recrystallization is original, our HEXRD results were
compared to conventional SEM-EBSD investigations. GOS mapping was carried out to measure
recrystallized fraction on samples after interrupted schedules (for instance 700H3 and 710H3 samples
already characterized by conventional SEM in Chapter 2).

4.2.2 Recovery

As explained in Chapter 1, all 2D diffraction patterns acquired during in situ experiments have
been integrated circularly to obtain 1D pattern on which a Rietveld analysis has been conducted by
Fullprof software. The Full Widths at Half Maximum (FWHM) of each 1D integrated diffraction peak of
ferrite of each diffraction pattern have been determined using Caglioti’s coefficients (U, V, W) determined
in the refinement procedure. The FWHM obtained from the 1D-20 profiles then serve to make a
Williamson-Hall plot (FWHM,,;;(6).cos(6) as a function of sin(8)), from which the mean deformation ¢
and the crystallite size D are calculated by linear regression. Thus, the application of equation (4.2) for
each diffraction pattern enables the time-resolved quantification of the dislocation density all along
studied thermal schedule and the characterization of recovery as a function of time and temperature.

For the annealing schedule at constant heating rates, the procedure was applied to all recorded
patterns up to Aci, when the austenite transformation starts. In this manner, the overlap of the diffraction
peaks of ferrite and austenite which occurs above this temperature is avoided. This overlapping would
lead to a decrease in the confidence index of the refinement procedure. The Ac; temperatures were set to
710°C and 730°C for the slow and fast heating rates, respectively, in accordance to the metallographic
observations of Chapter 2.

4.2.2.a Isothermal condition: results and interpretation

Figure 4.4 represents the evolution of the strain parameter € and crystallites size D as a function
of time along the ideal annealing schedules. It appears that in all studied conditions, only the strain
parameter € decreases while the evolutions of crystallites size D are similar, whatever the tested
temperatures. Both evolutions are consistent with a recovery process.
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Figure 4.4: Evolution of (a) strain parameter € and (b) crystallites size D as a function of time along the isothermal
holdings at 450°C (black curves), 550°C (blue curves) and 650°C (red curves) respectively.

The evolution of estimated dislocation densities along the ideal annealing schedules are
represented in Figure 4.5. Even though the accuracy and the validity of the equation (4.2) can be
discussed, it sheds in light the major evolutions in the studied material. As expected for a recovery
process, for all studied conditions, the density of dislocations decreases first rapidly and then seems to
reach a stagnant regime. The fast regime spans over about 200s, whatever the temperature. The absolute
decrease is on the contrary highly sensitive to the isothermal holding temperature. The higher the
temperature, the higher the drop is, as expected for a thermally activated process. At 450°C, the relative
decrease is 15% after 600s whereas it reaches 92% at 650°C. We will see in the following section after
analyzing recrystallization process (formation of new defect grains) that the sharp decrease in dislocation
density at 650°C can be also attributed to recrystallization, which is not the case at 550°C and at 450°C a
fortiori. At this point, the recrystallization process cannot be identified when investigating solely these
dislocation densities or the crystallite sizes.
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Figure 4.5: Evolution of dislocation densities deduced from equation (4.2) as a function of time along the isothermal
holdings at 450°C (black curve), 550°C (blue curve) and 650°C (red curve), respectively.
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It is worth noting that, whatever the trial, the procedure permitted to determine the same initial
dislocation density of 1.4x1015 m2. This value is close to that determined by the micromechanical model of
Bouaziz et al. [BOU’02], used in Chapter 3 to calculate the strain partitioning between pearlite and ferrite
in the studied steel (2.2x1015> m-2 in ferrite, see also the modeling section of this chapter for more details).

4.2.2.b Continuous heating: results and interpretation

The evolution of strain parameter ¢, crystallite size D and dislocation densities p during slow and
fast continuous heating is reported in Figure 4.6.
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Figure 4.6: Evolution of (a) strain parameter ¢, crystallites size D and (b) dislocation density p as a function of
temperature during continuous heating at slow (continuous line) and fast rate (dashed line), respectively.

As during isothermal holdings, the measured crystallite sizes do not evolve much during
annealing, whatever the heating rate, even though recrystallization appears to be finished at 700°C at low
heating rate. On the contrary, the strain parameter € and the deduced dislocation densities decrease
obviously during the annealing. The decrease starts in both cases around 350°C. For high heating rate, the
relative decrease in dislocation density is about 30%, whereas it attains 70% with the low heating rate. At
low heating rate, the reduction occurs in two successive stages. Between 350°C and 650°C, the slope is
weak and rather similar to that observed for the high heating rate. This stage is likely due to conventional
recovery. Above 650°C, the slope increases suddenly. As we will show later, this sudden decrease can be
associated to the recrystallization process, which ends up at 700°C. As recrystallization starts
concomitantly to austenite formation at high heating rate, no sudden drop in dislocation density is
observed for this heating condition. In addition, Figure 4.6(b) clearly highlights that at high heating rate,
recovery is delayed, but the difference for a given temperature in the absence of recrystallization remains
limited (about 0.2x1015 m2).

The Williamson-Hall method thus enables the start/end temperature detection for recovery of the
ferrite matrix with a good precision and provides a reasonable estimate of the decrease in dislocation
density. It seems also possible from this analysis to infer a possible start temperature for recrystallization
if it occurs below Aci.
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4.2.3 Recrystallization

As discussed in introduction, measuring recrystallization using ex situ experiments (interrupted
thermal schedule) is a tedious process. We thus proposed a new methodology based on the in situ HEXRD
experiments exploitation.

4.2.3.a Methodology for in situ characterization of recrystallization

The detailed observations of DS rings during continuous annealing experiments reveal the
appearance of individual diffraction spots all along the rings. Figures 4.7(a), (b) and (c) show for instance
the 2D diffraction pattern images captured at 25 and 700°C (full scale and magnified views). During the
slow heating experiment (3°C.s'1), the image contrast is improved to distinguish the individual spots
despite the high intensity of the DS rings. These spots are presumably related to the new recrystallized
grains and consistently, their kinetics of apparition should be related to the recrystallization kinetics.
Jensen et al. [LAU’03, LAU’06, POU’11] showed that it is possible to compare the recrystallization
processes upon following these individual diffraction spots for different initial grain orientations. Savran
et al. [SAV’'10] proposed an experiment based on a similar idea to measure the nucleation rate of austenite
in low carbon steel. Nevertheless, from our best knowledge, these individual spots have never been
exploited to quantify bulk recrystallization kinetics, whereas the density of spots is presumably correlated
to the density of new recrystallized grains.
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Figure 4.7: (a) and (b) full diffraction patterns obtained at 25 and 700°C, respectively, during the heating sequence
(the intensities are given in arbitrary unit). The clear shadow in the center corresponds to the beam stop. Black
rectangles correspond to the fields of the magnified views in Figure (c). (c) Magnifications of the (200)« DS ring of
ferrite at 25°C and 700°C, respectively during the heating sequence. The recrystallization peaks correspond to the
individual dark spots seen at 700°C on DS rings. (d) Intensities of the (200)* Debye-Scherrer rings as function of the
azimuthal angle at 25°C (black curve) and 700°C (red curve).
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It however supposes that the gradient of misorientations inside the new recrystallized grains is
weak to observe concentrated spots and to be able to deconvolute these spots from the continuous
diffraction rings of the studied phase. So, following the inspiring works of Jensen et al., we developed an
original method to estimate bulk recrystallization kinetics, depicted in the following section.

4.2.3.b  Post-treatment procedure with Fit2D software

In practice, our method, illustrated in Figure 4.8, first consists in integrating radially the DS rings
at each azimuthal position as it is more convenient without dedicated software to work in 1D than trying
to detect individual spots in 2D images, close to intense DS rings. In the studied case, the (200)* rings have
been investigated in detail as it permits to avoid possible overlap with austenite above Ac; (for continuous
annealing experiments). The integration has been made using Fit2D software in between an inner and an
outer circular bound to produce a closed area embedding the whole studied DS rings. The width between
inner and circular bounds corresponds to about 4 times the FWHM of the considered ring. The latter area
is then divided into angular sectors. The number of sectors actually determines the angular resolution of
the azimuthal integration. The binning rate has been set to 2575 bins in Fit2D software for the treatment
of (200)« ring. This value has been chosen according to the resolution of the detector (2048x2048 pixels)
to a have coincidence between 1 bin and 1 pixel along the studied ring, i.e. guarantying the highest
possible resolution.
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Figure 4.8: (a) 2D pattern recorded at room temperature. The boundaries enclosing the (200)* ring are schematized
by the black dashed lines. The curved arrow indicates the integration direction. (b) Schematic representation of the
azimuthal integration method. Ri and Ro stand for the inner and outer radius, respectively, which delimit the area in
which the ring intensity is integrated, respectively. Numbers 1 to 4 indicate local high intensities caused by the texture
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effect induced during cold-rolling. (c) High magnification of the 2D pattern, focused on the (200)* ring, with a
modified color shade to highlight the intensity value difference among the pixels which constitute one ring. (d) Plot of
the ring intensity as function of the azimuthal angle. The four numbered peaks are caused by the texture induced by
the cold-rolling.

The ring is integrated in the angular range 0-360°, 0° corresponding to the horizontal axis of 2D
diffractograms. Figure 4.8(d) represents the integrated intensity of the (200)« DS at room temperature
(black) and at 700°C (red), respectively during continuous annealing experiment (3°C.s'1). The profile at
room temperature shows four periodic main peaks due to the cold-rolling texture. In the following, these
main variations of intensity with azimuthal angle will be called “texture peaks”. Apart from texture peaks,
the profile is relatively smooth with limited statistical fluctuations. On the contrary, the profile at 700°C
still shows the four texture peaks but also numerous small fluctuations. The highest fluctuations are found
in the vicinity of the 90° and 270° positions. These fluctuations are due to the individual diffraction spots
observed in DS rings. In the following, those individual intensity fluctuations will be designated as
“recrystallization peaks”.

After azimuthal integration, the number of recrystallization peaks on the considered ring is
counted on each 1D diffractogram similar to Figure 4.7(d). To this end, a specific algorithm was developed
to identify each recrystallization peak from mean textured diffraction signal. The procedure is based on
local rules without interpolation functions permitting to detect possible recrystallization peaks
independently from texture peaks. The algorithm first detects all fluctuations on 1D azimuthal intensity
profiles by searching points having lower intensity values on its left and right sides (finally an upward
segment followed by a downward segment along the profile) and measure the total height of the detected
fluctuation (difference between the maximum intensity value and the lowest value detected on its sides).
Fluctuations are then numbered and the statistical distribution of their heights is calculated. A threshold
value has also been considered in the algorithm to avoid counting statistical fluctuations of the signal
(background noise). This value was calibrated in order to avoid 90% of statistical fluctuations recorded at
room temperature, i.e. in the absence of recrystallization peaks. In such a manner, the purely statistical
fluctuations are excluded from recrystallization peaks counting. As a consequence, the method is sensitive
to the angular resolution chosen for azimuthal integration. It is thus impossible to interpret the absolute
number of detected peak because one recrystallization peak does not necessarily correspond to one new
single grain. However, the relative evolution of recrystallization peak number is believed to be
representative of the bulk recrystallization kinetics.

As the sample was not rotated during the experiment, it is impossible to get diffraction signals
from all newly recrystallized grains. As a consequence, new grains from certain texture fibers will never
be in diffraction conditions. To reduce the associated bias, we have conducted our analysis systematically
on different rings below Aci. In the studied steels, it happens that the evolutions of recrystallization peak
densities deduced from these rings remain similar. DP steels are in fact known to show very limited
recrystallization textures contrary to fully ferritic steels or aluminum alloys [PER’10, RAY’85, KAN'11]. As
a consequence, this source of uncertainty is neglected in the present work, but this question is certainly
worth to be investigated and this bias to be quantified in the future using more complex diffraction set-
ups.

4.2.3.c  Isothermal condition: results and interpretation
The recrystallization peak counting method detailed above was utilized to estimate

recrystallization kinetics during isothermal holdings and during continuous annealing at constant heating
rate, as detailed in introduction. Only the isothermal treatment at 650°C will be considered in the
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following, since no evolution was detected at 450°C and 550°C (suggesting the absence of recrystallization
at such low temperatures).

Figure 4.9(a) displays the evolution of the counted recrystallization peaks as function of the time
(black dots) on recorded (200)« DS rings during the isothermal treatment at 650°C. With the procedure
described above, the number of detected peaks remains close to zero up to 30s and increases rapidly to a
maximum value of approximatively 130 peaks after 150s. The evolution shows a sigmoidal shape with a
saturation plateau after 150s. The weak scattering of the experimental values around the mean evolution
clearly sustains our approach. The same work was conducted on other rings with similar conclusions
(same relative trends but not same absolute numbers of peaks).
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Figure 4.9: (a) Counted recrystallization peaks as function of the time (black dots) on recorded (200)« DS rings during
the isothermal treatment at 650°C (b) Deduced recrystallization kinetics assuming that full recrystallization is
achieved when saturation value is reached in Fig. 4.9(a). The JMAK equation from Huang et al. [HUA’04] is plotted for
the sake of comparison (black curve).

The evolution of the absolute number of new individual spots on diffraction rings can only be
stricto sensu related to the nucleation process of new recrystallized grains, as shown by Savran et al.
[SAV’10] when studying the early stages of ferrite to austenite transformation. This is also implicitly the
hypothesis made by Jensen et al. [LAU’03, LAU’06, POU’11]. However, if one considers as a first estimate
that the growth of new recrystallized grains is limited and hence, that the recrystallization kinetic is
dominated by nucleation, then the relative evolution of new recrystallization peaks is directly correlated
to the recrystallized fraction of the studied phase. The assumption that the growth of recrystallized grains
is limited in the studied case is confirmed by our SEM observations presented in chapter 2, as well by the
fact that the shapes of the individual spots do not evolve on successive 2D diffraction patterns during
heating revealing the absence of lattice curvatures in new grains. However, we will discuss this
assumption at the light of our modeling’s results. As a recrystallization peak cannot be attributed to a
single grain with certainty because of our counting procedure, it is not possible to keep track of the
intensity of a single grain.

The number of counted peaks has thus been divided by the value found on the plateau after 150s
(supposed fully recrystallized ferrite state) to provide a normalized density representative of the bulk
recrystallization progress. The evolution deduced from HEXRD measurements is represented in Figure
4.9(b). The deduced function shows a sigmoidal shape as expected from recrystallization kinetics.

This recrystallization kinetics is in agreement with the calibrated JMAK equation proposed by
Huang et al. [HUA’04] for Mo-free Fe-C-Mn-Si alloys (n = 1, Q = 350k].mol-1, by = 1.6x1018 s-1), reported in

113



Figure 4.9(b) for the sake of comparison. Except that the model does not predict any incubation time, the
slopes of sigmoidal shape kinetics are essentially the same. Applying the same empirical model at 550°C
leads to final recrystallized fraction of less than 5% after 600s, which is also consistent with our
experiments (no spots detected at 550°C on the DS rings and thus almost no recrystallization).

4.2.3.d Continuous heating: results and interpretation

Figure 4.10(a) shows the evolution of the counted recrystallization peaks as function of the
temperature on recorded (200)« DS rings for slow (blue dots) and fast heating (black dots) experiments.
For the low heating rate, the number of detected peaks remains close to zero up to 670°C and suddenly
increases to a maximum value of approximatively 225 peaks at 720°C. The increase shows a sigmoidal
shape with a saturation plateau after 720°C. Above 740°C, the number of detected peaks decreases again.
The first significant recrystallization peak appears at 670°C, when the dislocation density drops rapidly
(cf. Fig. 4.6(b)). The concomitance between both events is noteworthy and thus provides a convincing and
precise measure of the recrystallization start temperature for the studied steel relative to the studied
heating conditions (670°C at 3°C.s1). Above 740°C, Figure 4.10(a) shows that the number of
recrystallization peaks on DS rings decreases. For the high heating rate, a similar evolution is observed,
except that the first peaks are detected around 740°C and the plateau is reached at 780°C.
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Figure 4.10: (a) Evolution of the number of recrystallization peaks as a function of temperature on recorded (200)« DS
rings during low (blue) and fast heating (black), respectively (b) Deduced recrystallization kinetics for both cases.

Considering the reasoning conducted in the previous section, recrystallization kinetics have been
determined from these measurements, assuming that fully recrystallization is achieved when the plateau
value is reached (at 730°C at 3°C.s! and at 780°C at 30°C.s'1). The curves are presented in Figure 4.10(b)
for both continuous annealing schedules. At low heating rate, the austenite transformation starts nearly
10°C before the full completion of recrystallization, meaning that the interaction between recrystallization
and phase transformation is negligible. On the contrary, at high heating rate, they are concomitant,
confirming our SEM experiments presented in chapter 2. This result is also in good agreement with
numerous previous reports on similar steels under similar heating conditions [HUA’04, KUL'13, FON’15,
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ALL’15, ZHG'13]. The same work was conducted on other rings with similar conclusions (same relative
trends but not same absolute numbers of peaks), as shown in Figure 4.11.
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Figure 4.11: Recrystallization kinetics determined applying the spot counting method on (200) and (211)* DS rings,
colored in orange and grey, respectively.

The observed decrease in the number of peaks after saturation is probably due to the austenite
transformation onset that broadens the individual diffraction spots, making them less as detectable as the
recrystallization peaks. Consequently, the number of diffraction peaks must be considered with caution
above Aci (risk of underestimation).

Nonetheless, to assess the validity of our determination method, we have compared our
experimental kinetics to the prediction of the calibrated JMAK law from Huang et al. [HUA’04] for Mo-free
Fe-C-Mn-Si alloys considering the integration scheme of Li et al. [LI'13]. Figures 4.12(a) and (b) shows the
performances of the model when considering the experimentally measured recrystallization start
temperatures (670°C and 730°C for the low and high heating rates) or adjusted recrystallization start
temperatures to get the best fit (680°C and 740°C for the low and high heating rates). The correlation
between the empirical model and the experimental results is noteworthy confirming here the global
validity of our experimental development. The extent of the temperature ranges for both heating
conditions (about 50°C) is in particular well reproduced. The calibrated JMAK framework of Huang et al. is
thus an interesting solution to model recrystallization kinetics of the studied steels in isothermal and
continuous annealing conditions. This is the modeling strategy for instance followed by Ollat [OLL’17b], Li
[LI'13]. However, as it does not describe the nucleation process properly, it remains not predictive and
must be calibrated for each studied steels, particularly if specific alloy components delaying
recrystallization are present (Mo for instance). For this reason, we have preferred instead to develop our
own physically based model, inspired from Zurob et al. [ZUR’06].
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Figure 4.12: Comparison between the experimental recrystallization kinetics and the calibrated JMAK law from Huang
et al. [HUA’04] for Mo-free Fe-C-Mn-Si alloys when: (a) imposing the measured start temperatures (670°C and 730°C
for the low and high heating rates) or (b) adjusting recrystallization start temperatures T* to get the best adjustment
(680°C and 740°C for the low and high heating rates respectively).

4.2.4 Discussions

In this section, our HEXRD measurements are confronted to direct SEM observations of partially
recrystallized microstructures. Figures 4.13 (a)-(b) show the EBSD maps obtained on 700H3 and 710H3
samples, respectively. ESBD map have been post-treated to highlight the Grain Orientation Spread (GOS).
As noticed by Radwanski [RAD’15], non-recrystallized domains (in green and in red, GOS value higher
than 1.5°) present a higher spread than recrystallized grains (in blue, GOS value lower than 1.5°). At
700°C, the microstructure is still obviously non-fully recrystallized. The recrystallized volume fraction is
about 73%. At 710°C, the same method illustrated in Figure 4.13(b) gives a recrystallized fraction of 87%.
These values given by EBSD appear to be in a good agreement with those determined by HEXRD. The
careful investigations of a supposed fully recrystallized state at 720°C by SEM (cf. Fig. 2.8(c-d)) of the
previous chapter, 720H3 sample) show also large non recrystallized domains.
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Figure 4.13: EBSD maps of the Grain Orientation Spread (GOS) of samples (a) 700H3 and (b) 700H30 respectively. The
estimated volume fractions of recrystallized ferrite are 73 and 87%.
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A detailed observation of microstructures reveals that the non-recrystallized domains in fact
correspond systematically to the former lamellar pearlite islands. It is likely due to the presence of
fragmented carbides which delay the recrystallization of ferrite in these islands. When observing the
microstructures even above Acy, it appears that the former pearlite islands are never recrystallized prior
to austenite transformation. As a consequence, it may be expected that the Kinetics deduced from our
HEXRD experiments corresponds solely to the recrystallization state of the ferritic matrix. The
recrystallized fraction provided by our EBSD measurements must in fact be corrected with respect to the
fraction of ferrite (84% before austenite transformation). As a consequence, the relative recrystallized
fractions are thus 87% at 700°C and 100% at 710°C, respectively.

This conclusion is reinforced when studying the microstructures of the steels heated at 30°C.s1.
Even if no EBSD observations were conducted on samples heated at 30°C.s1, the recrystallized fractions
were roughly estimated by point counting on the SEM micrographs presented in chapter 2 (on a single low
magnification micrograph). The measurements are reported in Table 4.A. As austenite transformation is
concomitant to recrystallization, the total fraction of remaining ferrite (total ReX fraction) was also
estimated as well as the relative recrystallized fraction (relative ReX fraction). In this particular case, the
relative recrystallized fractions (recrystallization state in the ferritic matrix only) measured by SEM are
close to the values determined by HEXRD.

Sample T°C Total ReX fraction | Fraction of Ferrite | Relative ReX fraction
700H3 700 0.73(GOS) 0.84 0.87
710H3 710 0.87(GOS) 0.84 1.00
740H30 740 0.17(SEM) 0.84 0.20
750H30 750 0.26(SEM) 0.84 0.31
760H30 760 0.32(SEM) 0.82 0.39
770H30 770 0.41(SEM) 0.76 0.54

Table 4.A: Total and relative recrystallized volume fraction. This latter correspond in fact to the recrystallized fraction
in the sole ferrite matrix taking into accounting pearlite islands and/or austenite. The experimental method used to
determine the total fraction is indicated into brackets.

For both heating rates, these relative recrystallized fractions were compared to the fractions
determined with our new procedure in Figure 4.14. It appears that the agreement is rather satisfying,
justifying that the measurement provided by our new method is representative of the recrystallization
state of the sole ferritic matrix. In fact, the same discussion probably holds for recovery processes which
occur both in ferritic matrix and in pearlitic islands. Recovery process is likely slower in pearlitic islands
than in the ferritic matrix, meaning that measured recovery is essentially due to that occurring in ferrite.

These conclusions have two important consequences: first, the data provided by HEXRD can be
directly reproduced by a model for fully ferritic steels (neglecting in fact the presence of pearlite). Second;
the method can be applied regardless the initial faction of pearlite (recovery and recrystallization).
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Figure 4.14: Comparison between the recrystallization kinetics deduced from our HEXRD measurements and relative
recrystallized fractions (recrystallization state of the sole ferritic matrix) measured by SEM-EBSD (data from Table

4.A) (black circles)

4.3 Modeling

In this third section of chapter, we will present a new modeling approach developed in the frame of
the PhD to predict coupled recovery and recrystallization processes in the studied steels.
All the physical models for recrystallization estimate the driving force G for the growth of new
grains thanks to the stored energy in the deformed structure [HUM’04]. This stored energy is directly
proportional to the density of dislocations p:

1
G= Ep_bzp (4.11)

with p the shear modulus and b the Burgers vectors. The estimation of the dislocation density during
annealing, hence the recovery, is thus a prerequisite to model recrystallization.

4.3.1 Recovery

As shown in the literature review, different equations are proposed in literature to model the
evolution of the dislocation density p as a function of time t and temperature T. The empirical equations of
Senuma et al. [SEN’08] do not permit to reproduce the experimental trends observed in our work and in
particular the rapid initial stage in isothermal conditions during the first 200s at 450°C and 550°C even
after calibration (cf. Fig. 4.15). The model developed by Verdier et al. [VER'98] was able to reproduce
some trends but not enough to get a perfect agreement despite its complexity. This is the reason why we
have preferred to use the original relaxation model of Friedel et al. [FRI'64], even though the final

agreement is not perfect:

dp <—U0 + VaMubﬁ) 2,/p (412)

L ¢
at exp KT aMpb

Uo, V and K have been considered as calibration parameters and adjusted to best reproduce not only the
recovery process under isothermal conditions (450 and 550°C, mainly) but also during continuous
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annealing. a was set to 0.15, M to 3, b to 2.5 1010 m. The model of Ghosh and Olson [GSH'02] was
employed to model the evolution of the elastic constants as a function of the temperature:

2

T T 3
_3. _o. _ — ) | x 10t 2 4.13
u(T) 8407(1 048797(1043> +012651(1043)> 101 N/m (4.13)

The results of the model with Uy=180 kJ.mol%, V = 30 b3 and K = 1013 Pa are compared to the
previous experimental results in Figure 4.15. The model does not achieve a perfect agreement with the
experimental data, except in the case where both activation energy and volume are considered
temperature-dependent. The introduction of such dependence as suggested by Verdier et al. [VER'98]
requires additional parameters which do not improve significantly the performance of the associated
recrystallization model. However, it reproduces well the observed experimental trends, namely the rapid
recovery which occurs during the first 200s and the sensitivity to both temperature and heating rate.
Thus, the model is considered as satisfying, even though the recovery at 650°C is underestimated. This
difference likely arises from the recrystallization process which took place during the first 150s. Because
Friedel’s model [FRI'64] only considers that relaxation is due to the dislocation density diminution, the
dilution effect to new defect-free grains induced by recrystallization is not modeled. This difference is also
observed during continuous annealing at low heating rate (cf. Fig. 4.16(a)) when recrystallization occurs
at 650°C.

The values of physical parameters retained for the simulations are consistent with those found in
literature. The activation energy (180 k].mol-1) is a fraction of the one for bulk iron diffusion (2/3). It could
be consistent with a pipe diffusion process (150 k].mol! or 174 k]J.mol! for dislocation core diffusion
according Stechneur and Nes, respectively [NES'95, STE’14]). The activation volumes are also similar to
the ones proposed by Verdier et al. (about 40 b3 in Al at 120°C) [VER’98] and by Zurob et al. (35 b3 in
austenite at high temperature) [ZUR'06].
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Figure 4.15: Comparison between experimental data of Fig. 4.6 and Friedel’s recovery model (dashed lines) for the
isothermal treatments. Black, blue and red curves correspond to holdings at 450, 550 and 650°C, respectively.
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continuous heatings: (a)-(b) slow heating treatment (3°C.s'1) and fast heating experiments (30°C.s-1), respectively.

4.3.2 Recrystallization

4.3.2.a Constituting equations

The proposed modeling is largely adapted from Zurob et al. [ZUR'06, REH’13]. It first describes
nucleation flux considering that only the largest sub-grains can evolve into a new recrystallized grain
(according to the SIBM theory). The probability of this nucleation event depends on a critical radius r,
calculated according the Classical Nucleation Theory. Contrary to the scheme of Zurob et al, our
nucleation sites are well isolated (cf. SEM observations made in chapter 2). Our nuclei do not enter in
competition contrary to austenite recrystallization. Hence, all the active nuclei grow independently (no
site saturation around a former deformed grain). This simplification permits to apply the extended
volume framework proposed by Sinclair et al. [SIN'07]. For more details about the origin of these
equations, please refer to the original work of Zurob and Sinclair.

The first step of the model consists in calculating the subgrain size in non-recrystallized ferrite.
These subgrain structures are also revealed by chemical etching, as seen in Figure 2.19(a-b) for fast
heating experiments (cf. chapter 2). Their typical radius is of the order of the micrometer. It is in fact
difficult to provide more precise measures due to their anisotropy, the possible 3D shapes and because
they are not systematically revealed by chemical etching. The boundaries of such cells are characterized
by low angle misorientation. Zurob et al. [ZUR’06] assumed that their mean radius was governed by both
the mobility of their interface and by the density of defects as follows:

t

(r(t)) = ry + f %DFe(T) sinh <K ob L) dt (4.14)

ad kT

with ro the initial size of sub-grain structure inherited from cold-rolling process. Kaq is a calibration
parameter (value in the order of the unity). L is the net spacing of dislocation pinning centers [REH'13],
calculated using relation (4.15):

L= N (4.15)
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where K; is a parameter close to unity. o is a function accounting for a forest-type dislocation storage
[SAA’60], such that:

o = aMpb,/p (4.16)

with M is the Taylor factor equal to 3.1 for fcc and bcc phases [ZUR'06], b the burger’s vector and a a
constant equal to 0.15.

Dre is the bulk self-diffusion of ferromagnetic bcc iron. In this work we used the value proposed by
Stechneur et al. (in m?%.s1) [STE'14]:

285000)

Dge(T) = 6 X 10~ %*exp (— RT

(4.17)
The same activation energy was employed by Nes [NES'95] (280 kJ.mol') and suggested for

ferromagnetic ferrite by Kucera [KUC'82] (292 k].mol1). These values are also similar to those reviewed

by Zhang in 2014 [ZHA’14a]. The whole model is extremely sensitive to the choice of this diffusion

coefficient which in fact controls nucleation process.

The critical radius for nucleation r. is given by:

2y
re=1—_ 418
% Apub? (4.18)

with y the interfacial energy of high angle boundary (surface energy of the new recrystallized grains) and
Ap the difference in dislocation density and the recovered grain. This is the size that a sub-grain must
reach to possibly become a new grain. If we assume that new grains are defect-free, it comes: Ap=p. This
dislocation density is given by the recovery model detailed above. As the density of dislocations decreases
along the thermal treatment, the driving forces for recrystallization decreases while the critical radius
increases in turn.

The main innovation brought by Zurob et al. [ZUR’06] model is to introduce the distribution

subgrain size knowing its mean value <r>. Such a distribution follows a Rayleigh law. Hence the fraction of
subgrain having a size greater than the critical radius r. is given by:

Tee (i) )4 @) (419

This integral can be calculated analytically, yielding to:

+oo

fo-= |,
(r)

f(®) = exp (— g (:TC)) ) (4.20)

This equation tells for instance that if the critical radius is twice higher than the mean subgrain
size, then the probability to find a cell larger than this critical value is less than 5%. In contrast, if the mean
subgrain size is equal to the critical size, the probability increases up to 46%. Figure 4.17 shows for
instance the evolution of calculated r. and <r> during a continuous annealing after calibration of the
model. The orders of magnitude are consistent with the SEM observations of previous chapter 2. Above
650°C, as <r> increases faster than r. with the temperature, the number of subgrains with a size above r
will statistically increase and thus the number of available nuclei will increase in turn. This increase will
therefore occur as soon as the derivative of function fbecomes positive (start of recrystallization process).
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Figure 4.17: Evolution of rc and <r> during the continuous annealing after calibration of the model (3°C.s-1).

Zurob et al. [ZUR’06] established that the increase in the number of the active nucleus N is directly
proportional to the increase in f. It describes in facts the competition between the decrease of the
recrystallization driving force due to recovery and the thermally activated motion of low angle
boundaries. Since nucleation event takes place at former grain sizes (under the assumption of SIBM), the
nucleation flux will also depend on the available sites on deformed ferritic grain. Nevertheless, as new
grains do not seem to enter in competition, we did not introduce the function F, proposed by Zurob to
describe the saturation of available nucleation sites. This simplification leads to:

dN _df s,

T XA (4.21)

with S, the surface of deformed ferritic grain per volume unit and A, the actual surface of critical nuclei. S,
is given by an empirical equation as a function of the applied strain € and initial ferritic grain size D:

24
S, = (n—D) (0.491€® + 0.155e7¢ + 0.143e73¢) (4.22)

and A is given by (4.23):
A. = m(r.)? (4.23)

Once the nucleation flux is known, the extended recrystallized volume Xx: corresponds to number
of active nuclei multiplied by the mean volume of recrystallized grains R (4.24):
4 _
Xext =N §RR3 (4.24)

The evolution of the radius R of a given grain is governed by a mobility equation (4.25):

dR

i MyagG (4.25)

with Musp the mobility of high angle boundary and G the driving force of recrystallization, i.e. the energy
stored in dislocation structures, given by (4.26):

1
G= EpbzAp (4.26)
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As the new recrystallized grains are formed progressively as function of time, it produces a size
distribution f. To avoid the tedious calculation of the evolution of the distribution function, only the mean
radius R of the size distribution f was tracked. At a given time step, it must account concomitantly for the
increase of the radius of ever nucleated grains and also that of the newly nucleated ones during the
previous time step. These new grains will of course contribute to slow down the evolution of the mean
radius R. It thus comes:

dR dN -
— = MusrG+—(r.—R 4.27
T naplb + Ndt (re —R) (4-27)
This equation, used by [LAN’12] to deal with precipitation, permits to avoid the manipulation of
explicit size distribution functions. The increase in mean radius R can be then integrated step by step,
assuming that the initial grain size of the first nucleated grains is r..

The key of such model is the calibration of the equation describing the interface mobility Mugs.
Figure 4.18 illustrates a comparison between the thermally activated models with interface mobilities
found in literature. For pure iron, the calibrated reference equation (4.28) was proposed by Hillert in
1975 [HIL’75]:

177000)

MHillert = 0.035 exp (— RT

(4.28)

The equation proposed by Zheng [ZHG'13] or that from Turnbull [SIN’07, ZUR’06] for pure iron
lead to similar order of magnitude:

0.429 120000

MZheng = Texp <_ RT ) (429)
2.04 148000

MTurnbull = Texp <_ RT ) (430)

The parameters in the Turnbull function were calculated using the activation energy for iron self-
diffusion at grain boundaries given by Sinclair et al. [SIN'07]. However, the latter mobility values are
probably relevant for pure iron but are too high relative to our studied driving forces and temperatures. In
fact, if we consider a driving force of about 1 MPa (corresponding to a density of dislocations p = 1.4x1015
m-2), Turnbull model gives for instance a total displacement of the boundary of 66 mm at 650°C during
150s, which seems unrealistic for the studied alloys. This discrepancy is probably explained by the
presence in the studied steel of substitutional alloying elements but also numerous carbides in the ferritic
matrix that will slow down the interface movement by pinning effect. This is probably the reason why Zhu
et al. [ZHU’15b] proposed mobility values far lower (4.31) to deal with ferrite-pearlite steels:

325000)

Mzp, = 1.2 X 10%exp (— RT

(4.31)

This equation presents however a too high temperature sensitivity (too high activation energy)
even though it conducts to realistic interface motion in the studied conditions (64 um at 650°C during
150s). This is the reason why we finally decided to adopt a modified Turnbull expression (4.32), as Zurob
and Sinclair. The Turnbull mobility is in fact an upper bound and can be parametrized using a calibration
factor B (typically higher than 0.1 for austenite):

2.04 ( 14-8000)

MHAB = BTeXp RT (432)

To obtain reasonable values for our interfaces we applied this expression with a low beta value (8
= 0.05). Our final mobility equation shows thus the same activation energy than the one retained for pure
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iron but with a lower pre-exponential factor to account for alloying elements and possible pinning effect
by the carbides which slow down the interface movements.
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Figure 4.18: Interface mobility proposed by different authors for high angle boundary in ferrite.

Finally, the recrystallized fraction X is given according the extended volume theory (4.33) [SIN'07]:

X=1—exp(—Xpxt) (4.33)

4.3.2.b Calibration of the model and discussion

The parameters of the model were calibrated on the experiments presented above (isothermal
holding at 650°C and continuous heating at 3 and 30°C.s'!). The free parameters are the initial size of
dislocation cells ro, the surface energy of high angle boundaries y as well as the K; and K.q parameters
controlling the low angle boundaries mobility.

The initial size of subgrain was set to ro = 0.3 pm, in accordance with our SEM observations. The
surface energy y was set to 400 mJ.m-2, close to the value proposed by Sinclair et al. [SIN’07] for ferritic
steels (600 mJ.m2) or by Zhu et al. [ZHU’12] (800 m].m2) . For the calculations in this section, we used the
initial density of dislocations calculated with the micromechanical model of strain partition (p = 2.2x1015
m2 instead of 1.4x1015 m2, as experimentally measured) to be able in the future to couple both models
seamlessly. Accounting for the volume driving force available in the studied steel, it leads to a critical
radius for nucleus of about 0.8 um, which seems consistent with our experimental observations. K; and
Kaa were set to 12.0 and 2.0, respectively, to obtain a reasonable agreement with the experimental data.
These values are close to the one used by Rehman [REH’13]. The results of the model are compared with
the recrystallization kinetics determined via our new method (diffraction spots) during the continuous
heating experiments (cf. Fig.14(a)) and isothermal holding at 650°C (cf. Fig.14(b)). The previous equations
were solved explicitly and sequentially (integration step time = 0.15s) with Excel. For the three studied
cases, the agreement is noteworthy, in particular the description of the incubation period (T* in fact), well
captured by the model. The simulation of the isothermal holding at 550°C (not represented here) shows
the absence of recrystallization, as observed experimentally. It sustains our choice for the activation
energy in the equation (4.17). The slopes of the kinetic curves as well as the extent of the temperature
ranges in which recrystallization occurs are also rather well captured.
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Figure 4.19: Experimental (HEXRD and SEM) and simulated recrystallized fraction for the studied annealing
schedules. (a) As a function of temperatures during continuous annealing at slow and fast heating rates and (b) as
function of time during an isothermal holding at 650°C.

Figures 4.20 represent the evolutions of the mean recrystallized grain size and the density of
nuclei N as a function of the temperature for the continuous annealing schedules (slow and fast heating
rates are represented in blue and black, respectively). The numbers of nuclei during the active stages of
recrystallization , i.e. between 650°C and 710°C for the low heating rate and between 730°C and 780°C)
are about 0.5x1016 and 3x10%6 nuclei per m3, respectively. These values correspond to mean distances
separating the nuclei, being 5.8 and 4.6 pum, respectively. It is consistent with our experimental
observations (cf. Chapter 2) and also with the values found in literature. Zhu et al. [ZHU’15b] calculated
400 nuclei per 40 pm3, (0.6x10¢ nuclei per m3), hence a distance of 7.6 um for similar steels. In contrast,
Sinclair et al. used a significantly lower value (0.05x10%6 nuclei.m3), but for a steel having far larger initial
grain size [SIN’07]). The predicted mean radii of recrystallized grains are about 7 and 4 um, respectively,
at the end of the active recrystallization stage within an assumed unlimited volume. These values are
consistent with the observed microstructures in 710H3 and 800H30 samples, but are overestimated by
construction (extended volume theory). These grain sizes are much larger than the critical radius for
nucleation, indicating that the growth process is not necessarily as negligible as supposed in previous
section. The volume of the sole nuclei represents in fact a transformed fraction of about 5%. Nevertheless,
it appears that the nucleation flux alone is almost sufficient to reproduce the observed global kinetics.
Figure 4.21 shows for instance the predicted kinetics considering constant recrystallized grain sizes
during continuous heating. Their values were set to 5 and 3 um for slow and fast heating rates,
respectively, to obtain a good agreement. It reinforces the fact that the recrystallization kinetics is
essentially governed by the nucleation process, supporting here our assumption to treat our HEXRD
experiments. However, this question remains to be discussed more in details and further explored.
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Figure 4.21: Comparison between the prediction of the model considering increasing mean radii (continuous lines)
and constant mean radii (dashed lines). The mean grain sizes were set to 5 pm and 3 pm for slow and fast heating
rates, respectively to obtain a good agreement.

4.3.2.c  Effect of the cold-rolling ratio

Recrystallization kinetics is strongly sensitive to the deformation state [DOH’97]. In most cases,
the higher the deformation, the higher the driving force is for the transformation [ZHA’14b, LIU’16]. In this
thesis (cf. Chapter 2 for instance), we mainly focused our interest on a heavily deformed ferrite/pearlite
structure (61% cold-rolling ratio). Nevertheless, we also performed several in situ experiments on a less
deformed material (33% reduction, 3°C.s-! heating rate). The micromechanical model of Bouaziz et al.
[BOU’02] was again employed to calculate the strain partition between ferrite and pearlite for less severe
conditions as well as the expected dislocation densities in ferrite prior annealing. Figure 4.22(a) shows the
calculated behavior of phases during the cold-rolling operation while Figure 4.22(b) displays the
dislocation density as function of the cold-rolling ratio. When stopping the rolling after only 33%
reduction, the dislocation density in ferrite is significantly lower than after 61% (namely 0.70x1015 m-
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instead of 2.40x1015 m-2), in accordance with the local deformation in ferrite which is lower (0.47 instead
of 1.17). These values were introduced in our recrystallization model to simulate the effects of the cold-
rolling ratios.
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Figure 4.22: (a) Mechanical behaviors of constituting ferrite and pearlite phases during cold-rolling of the studied
steel, calculated by the model of Bouaziz et al. [BOU’02]. The two highlighted particular states correspond to the 33%
and 61% cold-rolling ratios. (b) Calculated dislocations densities in the ferritic phase of the studied steel as a
function of the cold-rolling reduction. (c)

Figure 4.23 shows a comparison between experimental and simulated recrystallization kinetics,
for 33 and 61% cold-rolled steels (green and blue curves, respectively). From the simulations, the kinetic
delay induced by the CR difference (assuming a dislocation density of 0.70x1015 m2) is too important
compared to that observed experimentally (+50°C instead of +30°C). Bearing in mind that the model is
extremely sensitive the initial dislocation density, a much satisfying agreement was obtained using a
dislocation density of 0.80x10%> m2 According to the micromechanical model, this value is achievable in
ferrite for a minimum CR ratio equal to 35%, that remains a value extremely close to that applied
experimentally (probably in the range of uncertainty).
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Figure 4.23: Comparison between experimental and simulated recrystallization kinetics of the ferritic matrix for two
cold-rolling ratios (33 and 61%, respectively represented in green and blue).
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The model finally permits to identify also the critical strain to enable recrystallization during
studied annealing schedule. For instance, to be fully recrystallized after 600s at 800°C, the ferrite requires
an initial density of dislocation of 8.00x10!3 m-2 and thus a minimum cold-rolling ratio of 5%.

4.4 Summary and conclusions

HEXRD experiments were conducted to characterize in situ the recovery and recrystallization in the
studied steels along anisothermal (heating at constant heating rate) and isothermal annealing sequences.
The Williamson-Hall method coupled with Smallman’s equation has been used to determine the evolution
of the dislocation densities all along the studied thermal treatments. We have in parallel set up and
developed an innovative approach based on isolated diffraction spots appearing on the Debye-Scherrer
rings when recrystallization occurs to quantify also in real time the fraction of recrystallized ferrite. The
apparition rate of these diffraction spots on the DS ring is assumed to be proportional to the
recrystallization extent in bulk. Hence, the material is considered entirely recrystallized once the number
of individual spots reaches a plateau. The values provided by our new method have been validated by
SEM/EBSD observations and empirical modeling calibrated with more conventional methods.

The limits and the resolution of this new method still needs to be studied but it offers a fantastic
opportunity to study in real-time coupled phenomena in steel and other alloys. We have in particular
discussed the influence of the texture, the presence of non-recrystallized pearlite or the correlation
between the nucleation and growth mechanisms and observed spots.

During isothermal treatments on the studied steel, only recovery process is active at 450°C and 500°C
while recrystallization takes also place at 650°C. The analysis of the continuous annealing at fast heating
rate reveals that only recovery takes place in the 380-730°C temperature range while recrystallization
and reverse austenite transformation started concomitantly, once Ac; was exceeded. At low heating rate,
recovery starts also at 380°C but recrystallization occurs between 650 and 710°C, i.e. just before the phase
transformation. These findings corroborate our SEM observations in chapter 2 as well as the findings of
Kulakov and Ollat [KUL’13, OLL’17b] on similar steels.

A physically based model describing both recovery and recrystallization and their couplings have
been developed and adapted to the case of cold-rolled ferrite-pearlite steels. This development has been
made keeping in mind the constraint of calculation time for product line management. This is a reason
why mean-field approach has been preferred to a local field framework. The decrease in dislocation
density has been modeled thanks to the Friedel’s seminal work. The predicted evolutions do not perfectly
reproduce the experimental measurements, but the trends are however well captured.

A new model was built to predict recrystallization Kkinetics, inspired by the nucleation model
developed by Zurob et al. [ZUR'02, ZUR'06] and the growth model by Sinclair et al. [SIN'07]. The
nucleation flux is calculated considering that a subgrain becomes a new recrystallized grain if it size
reaches a critical value. The growth of new grains is governed by a mobility equation. Only the mean
radius of recrystallized grain is calculated by considering the competition between nucleation and growth
processes. Finally, the recrystallized fraction is calculated using the extended volume theory. The
parameters and mobility functions were calibrated to best reproduce observed experimental trends.

The experimental kinetics determined during continuous heatings and isothermal holding at 650°C
were very well replicated as well as the grain sizes measured on the SEM micrographs. The prediction of
the model once adjusted has been challenged to assess the effect of the cold-rolling ratio on
recrystallization kinetics with a very reasonable agreement.
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Chapter 5

Austenite transformation kinetics:
In situ characterization and physical based
modeling

This chapter deals with the austenite transformation kinetics during annealing of the CR DP
microstructure. The literature review shows that the austenite transformation kinetics strongly depends
on the heating rate. Faster heating leads to faster kinetics during subsequent isothermal hold and higher
final amounts of austenite. Interactions with ferrite recrystallization process are invoked to explain this
trend, as well as considerations on the nucleation-growth rate of austenite: the austenite transformation
kinetics is strongly influenced by the chemical composition of the phases, especially the Mn concentration
in the cementite particles. It is also linked with the morphogenesis of the austenite microstructure. Two
main nucleation sites are identified for the austenite: fragmented/spheroidized pearlite island boundaries
and isolated carbides located at ferrite grain boundaries.

We present here first an experimental study of the austenite transformation kinetics, which was
measured in situ via HEXRD experiments for slow and fast heating rates up to 800°C (3 and 30°C.s1)
followed by isothermal treatment at 800°C for 600s. The results are interpreted in the light of
experimental data and analyses presented in previous chapters, regarding the microstructure evolutions
(especially austenite nucleation sites), the evolutions of cementite compositions in Mn and the
recrystallization kinetics. Conclusions regarding the phenomena influencing significantly the austenite
transformation kinetics are presented.

On this experimental basis, a physically based smodel of phase transformations is introduced. It is
based on DICTRA simulations; literature survey highlights that such simulations provide an intermediate
modeling approach between phenomenological JMAK rules and full-field simulations such as phase field
or cellular automata. Latter approaches do not currently consider the cementite phase in the
microstructure or the diffusion of Mn at long distances. Compared to previous DICTRA simulations in the
literature, anisothermal treatments are considered here. Moreover, emphasis is put at understanding
independently the austenite transformation process respectively from pearlite islands and isolated
carbides; the latter are generally neglected. Thanks to a geometrical representation of the overall CR DP
steel initial microstructure, the overall austenitization Kkinetics is derived and compared to the
experiments.

Finally, on this basis, simple modelling approaches are introduced for the purpose of computer-
efficient simulations of the austenitization process.
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5.1 Literature review

This literature review is focused on the kinetics aspects of the austenitization process in CR DP

steels, while Chapter 2 concentrated more on the microstructural aspects and the morphogenesis of the

austenite microstructure. This section starts from experimental characterizations of kinetics, before
showing the existing thermokinetic analyses. Finally, the existing kinetic simulation approaches are
presented.
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5.1.1 Austenite transformation global kinetics

The heating rate strongly influences the austenite transformation kinetics during the annealing of
CR DP steels [HUA’04, AZI'11, CHB’14, KUL’13, LI'13, BAR'15, TOM’18]. For example, Huang et al. [HUA’04]
established by dilatometry the austenite transformation kinetics during isothermal hold preceded by
heating at two different rates, 1°C.s'* or 100°C.s (cf. Fig. 5.1). They compared two initial states, hot-rolled
(HR) and cold-rolled (CR) for the same Fe-0.06C-1.9Mn (%w:) steel. Higher heating rate involves faster
austenite transformation kinetics and higher final amount of austenite than the slower heating. The final
amount of austenite transformed may even exceed that expected from the thermodynamic equilibrium
value in some cases. [KUL’13, LI'13, CHB’14, BAR’15, TOM’18]. These effects are more pronounced for the
CR than for the HR state. Similar trends were established later on in the references cited above, and
interpreted with microstructural observations. As for the kinetics during the heating stage itself, no clear
influence of heating rate was established. Several origins of the faster austenite transformation associated
with fast heating have been proposed.

First possible origin of the faster transformation kinetics after faster heating in CR steels is the
interaction with the recrystallization. At fast heating (ca. 100°C.s''), recrystallization and phase
transformation are concomitant (strong interaction [KUL'13]), whereas the interaction is weak at slow
heating (ca. 1°C.s1): recrystallization is completed before the start of the transformation (cf. Chapter 2). In
presence of non-recrystallized ferrite grains, nucleation and growth of austenite is accelerated. The
defected ferrite provides a high density of nucleation sites and fast diffusion paths for substitutional and
interstitial elements (e.g. [KUL'13]). Stored energy would also increase the transformation driving force.
As for the recrystallization kinetics itself, it has been reported to be slowed down in the presence of the
first grains of austenite [KUL'13, CHB’14, BAR'15].

Processing maps [KUL’13, OLL’17] show the range of annealing treatment parameters for which
strong interactions will occur. For instance, the processing map of [KUL'13] (Figure 5.2) was established
by using a recrystallization kinetics model. It shows the temperature of start and finish of recrystallization
as a function of the heating rate. Calculated critical heating rates were in good agreement with industrial
experiences. This study also highlighted the influence of the initial microstructure.

0.5 -

0.4 -
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Hot-rolled 100 °C/s

0.3 -

Cold-rolled 1 °C/s
Hot-rolled 1 °C/s

0.2

0.1

Austenite Volume Fraction

0 250 500 750

Isothermal Holding Time, s

Figure 5.1: Effect of the heating rate (1 and 100°C.s'1) on transformed austenite volume fraction during isothermal
holding at 750°C for a hot-rolled and cold-rolled Fe-0.06C-1.85Mn-0.11Mo (%wt) steel; OE austenite fraction is 26%
[HUA’04].
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Figure 5.2: Processing map showing the interaction recrystallization / austenite transformation depending on the
heating rate [KUL'13].

The austenite transformation kinetics is not only influenced by the interaction with the
recrystallization. The nucleation-growth kinetics of the austenite has in itself a significant influence.
According to [AZI'11], faster heating shifts the austenite transformation to higher temperature, resulting
in faster kinetics, due to larger driving force and diffusivities. There would be more austenite growth
fronts in the microstructure because of the higher number density of austenite grains. Such interpretation
would explain for example the faster kinetics after faster heating in [HUA’04] in HR microstructure
(Figure 5.1), hence without recrystallization. The interpretations given in [HUA'04] also take into
consideration the consequences of the morphogenesis on the austenitization kinetics.

Hence, the factors controlling the rate for nucleation and growth of austenite are essential, as was
elaborated in literature review of Chapter 2 on microstructural observations. The phase’s compositions
have also a significant influence on kinetics, as will be seen in next Section on thermokinetic analyses.

5.1.2 Thermo-Kkinetic analyses

Purpose of thermokinetic analyses is to predict kinetics stages in the austenite transformation
and to predict at which temperature these processes will occur. We summarize here the conclusions
reached on two model initial microstructures: ferrite-pearlite or spheroidized cementite (i.e. isolated
carbides in ferritic matrix). This will serve to interpret the austenitization process in DP steels, whose
main austenite nucleation sites are the pearlite colonies and isolated carbides, as seen in Chapter 2.

5.1.2.a Identification of kinetic stages

In the case of a ferrite-pearlite microstructure, the seminal study of Speich et al. [SPE’81] on Fe-C-
Mn dual-phase steels established experimentally and by the simulation that the austenite transformation
follows successive kinetic stages illustrated in Figure 5.3.

Stage 1: Pearlite dissolution: austenite nucleates on pearlite island boundaries and dissolves
quickly the pearlite. After complete dissolution, the former pearlite island is replaced by a rich-carbon
austenite grain whose carbon content is far higher than at equilibrium.
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Stage 2: Austenite growth into ferrite controlled by C diffusion through austenite (2a) and then by
Mn diffusion through ferrite (2b). Stage (2a) involves no Mn redistribution; in stage (2b), Mn starts to
diffuse in turn from ferrite to austenite. Since Mn diffusion is slower than that of carbon, this transition
marks a pronounced kinetic slowdown.

Stage 3: Slow Mn activity equilibration by Mn diffusion through austenite. Due to the sluggish
diffusion of Mn in austenite (two orders of magnitude slower than in ferrite), this last stage requires

longer time.

The same stages for the austenitization process were established in [KAM’15, LAI'16, OLL’17], still
considering an initial ferrite-pearlite microstructure.

Io-—d/Z_.1 " —.1( l—

I

:

=

n

Stage 1 Stage 2a Stage 2b Stage 3

Figure 5.3: Kinetic stages involved during austenite transformation from a ferrite-pearlite initial microstructure up to
the completion of ortho-equilibrium [SPE’'81].

In the case of an initial microstructure composed of isolated carbides in a ferrite matrix (e.g.
spheroidized cementite), no such clear succession of kinetic stages could be established experimentally.
However, this was achieved by the simulation. For instance, in [LAI'16], DICTRA software was utilized
with the geometrical representation in Figure 5.4(a): the cementite carbide is placed at the center of a
spherical simulation cell and initially surrounded by the ferrite matrix. The austenite then forms a shell
around the carbide. Three kinetic stages were predicted (cf. Fig 4.5(b)): (i) fast cementite dissolution and
austenite growth into ferrite driven by C diffusion in austenite; (ii) Mn partitioning from ferrite; (iii) Mn
diffusion in austenite.

These stages could not be identified experimentally for several reasons. First, in most investigated
DP steels, the main sources of carbon are the pearlite colonies, whereas the isolated carbides are either
absent or even disregarded when they exist [KUL'13, BAR'15]. Even in [LAI'16], where a more “model”
initial microstructure composed of spheroidized cementite was considered, the kinetic stages were not
clearly observable experimentally. This may be ascribed to the specific kinetics associated with each
individual cementite precipitate, which depends on the specific carbide size and composition. As a result,
the overall macroscopic kinetics would be overlapped.
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Figure 5.4: DICTRA simulation of austenite transformation starting from a cementite particle initially isolated in a
ferrite matrix (Fe-0.3-3.5Mn steel). (a) Geometrical representation. (b) Evolution of the austenite volume fraction
[LAT'16].

Hence, for both model microstructures ferrite-pearlite or isolated carbides, two successive steps
are the dissolution of cementite, (during which all of the three phases ferrite austenite and cementite are
present), followed by a ferrite/austenite transformation. Let us mention that in high-carbon steels
(typically hyper-eutectoid, see e.g. [ENO’18]) the last stage is replaced by cementite/austenite
transformation.

5.1.2.b Transition from slow to fast kinetic regimes - influence of cementite composition

As seen in previous Section, austenite can grow either with redistribution of substitutional
elements between the phases (slow regime) or with the sole diffusion of carbon, while the alloy elements
composition remains unchanged (fast regime). Slow and fast regimes occur respectively at low and high
temperature ranges (both above Aei). There is a critical temperature which separates both temperatures
ranges; it will be termed here as partition no partition transition temperature (PNTT) [ENO’18]. The PNTT
is calculated from thermodynamic analyses.

Emphasis is put here on cementite dissolution, which received much attention in the context of
dual phase steels annealing. In a seminal study, Hillert et al. [HIL’71] highlighted the strong influence of
the cementite concentration in substitutional elements on its dissolution kinetics: the higher the
concentration, the slower the kinetics. Their thermodynamic analyses were applied successfully later in
several studies [ LIU'91, MIY’10, GOU’12, XIA’13, ENO’18]. Two of these analyses are introduced here.

One assumes that the austenite forms a shell around the cementite and then grows
simultaneously into the cementite and the ferrite (geometry A in Figure 5.5(a) [MIY’'10]). If the austenite
growth is controlled by carbon diffusion, the carbon concentration profile schematized in Figure 5.5(b)
should be established. But for this to happen, the carbon activity in austenite has to be higher at the y/0
interface than at the y/a interface.
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Figure 5.5: Schematic illustrations of austenite growth and dissolution of cementite accompanied by carbon diffusion;
(b) carbon diffusion in austenite (geometry A) and (c) carbon diffusion in ferrite (geometry B) [MIY’10].

Such situation is represented in the Figure 5.6(a) [WEI'13]. The schematic Fe-C-Mn diagram
represents the metastable y/a and y/0 equilibria. Co is the M concentration in cementite, while Fy stands
for that of ferrite. One assumes that the austenite inherits these concentrations by growing into the ferrite
and the cementite. Hence, 11 and I; dots represent the interfacial compositions of the austenite in contact
with cementite and ferrite, respectively. The dotted lines represent the corresponding carbon iso-
activities (ac1 and ac2). For a high temperature (Figure 5.6(a)), the carbon activity ac; is above acz, which
induces a chemical driving force for carbon diffusion. Austenite growth without partition is possible.
When the temperature is decreased, the a+y/y and y/y+0 phase field boundaries come closer. At the PNTT,
the iso-activity lines coincide (Figure 5.6(b)). Below the PNTT, austenite growth requires the bulk
diffusion of the substitutional elements (Figure 5.6(c)); carbon activity is homogeneous in austenite.

Geometry B (cf. Fig 5.5(a)) was also considered in [MIY'10]. It assumes that the cementite

dissolves inside the ferrite, while the diffusing species diffuse out the cementite to the growing austenite
through the ferrite. Details of the corresponding PNTT temperature calculations are in [MIY’10].
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Figure 5.6: Schematic isothermal sections of the Fe-C-M system illustrating austenite growth under (a) NPLE
conditions or (b) PLE conditions. (c) [llustration of the PNTT determination using the carbon activity balance.

Hence, it is possible to calculate the PNTT temperature if thermodynamic data are available. For
instance, in [GOU’12], the PNTT was calculated as a function of the Mn concentration in cementite in a Fe-
C-Mn steel, assuming geometry A (Figure 5.7(a)). The PNTT increases with increasing Mn concentration as
expected. These calculations are in accordance with isothermal austenite transformation kinetics
determined at 750°C (Figure 5.7(b)). Kinetics is fast or slow when the Mn concentration in cementite is
respectively low or high (6.7 and 15.5 %ut, respectively).
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Figure 5.7: (a) PNTT vs. Mn concentration in cementite in some Fe-C-Mn steel. (b) Experimental austenite
transformation kinetics at 750°C for two Mn concentrations in cementite [GOU’12].

In [MIY’'10], the respective effect of substitutional elements Mn, Cr and Si on spheroidized
cementite dissolution kinetics was compared at single temperature 1073K. Cr element has a strong
slowing-down effect compared to Mn and Si (for the considered concentrations in cementite) according to
the experiments. For Cr element, the calculated PNTT is higher than 1073K, confirming that the
dissolution of Cr-enriched cementite occurs in slow partition mode, involving diffusion of Cr. In [LI'11],
the same analysis as in [MIY’'10] was carried out, but to interpret the dissolution of pearlite. Although
geometries A and B concern individual carbides, the analysis was adapted to pearlite as detailed in [LI'11].
Conclusions similar to [MIY’10] were drawn regarding the respective effect of Mn, Cr and Si elements.
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It is stressed that local equilibrium (LE) is assumed in previous analyses, which is the most
frequent assumption. However, few studies also considered paraequilibrium (PE) [MIY’10, SPE’81], or
even growth in mixed-mode (cf. Section 5.1.4). In [MIY’10], the LE assumption was in better agreement
with the experiments than the PE assumption.

5.1.3 Kinetics simulations

One step further in the understanding of the austenitization process is to predict its kinetics. This
section summarizes the existing simulation studies and modelling approaches.

The Johnson-Mehl-Avrami-Kolmogorov (JMAK) law [AVR’39] describes global phase
transformation kinetics during isothermal treatments. It has been established for nucleation-growth
processes (phase transformations, recrystallization), and it is generally used as a phenomenological
relationship:

Y =1 — exp(—bt") (5.1)

Y is the volume fraction of austenite, b and n the JMAK Kkinetics parameters.

To consider anisothermal conditions, one assumes an additivity hypothesis (e.g. [DEN’92]). In
[KUL’13, OLL’17], annealing of CR DP steels was simulated by using JMAK rule to predict both austenite
transformation and recrystallization kinetics. [OLL’17] established strategies to handle the interactions
between austenite transformation and recrystallization. Drawbacks of JMAK global models are the
empirical data established on specific steel composition and initial microstructure; the microstructure
description is limited to the volume fraction of austenite and recrystallized fraction.

Physically based models predict the nucleation and growth rate of the austenite. Contrary to
previous empirical approach, the parameters consist of thermodynamic, mobility data and
microstructural features such as grain sizes. This makes these models more adaptable to various steel
compositions or initial microstructures. Few models of austenite transformation in literature consider the
nucleation stage. This comes probably from the lack of experimental data regarding the nucleation of
austenite. In [RO0’83], the nucleation rate of austenite in an eutectoid steel was assumed to follow an
Arrhenius relationship. Microstructural parameters such as the pearlite interlamellar spacing were
accounted for. This approach was later utilized in [CAB’01]. In [ZHU’15], site saturation was assumed for
nucleation at pearlite boundaries, while classical theory of heterogeneous nucleation [LAN’88] was used
to calculate the nucleation rate of austenite at ferrite grain boundaries. Let us mention that in the case of
the austenite to ferrite transformation, the nucleation stage was examined in more detail: see for instance
[LAN’88].

Most simulations concern the austenite growth stage. Different modelling approaches were
undertaken from analytical models to full-field simulations. Except in [MEC’15, OLL’18], common
assumptions are the local equilibrium (LE) between adjacent phases and the limitation of the growth rate
by the bulk diffusion of the species.

Analytical models are based on a mathematical solution of the diffusion equation [AAR’75] with
accounting of the mass balance at the interface. Some function is established to give the interface position
and velocity as a function of time. The calculations are very fast, but the drawback is in the strict limit
conditions, which imposes oversimplified geometrical representation of the microstructure. Temperature
has also to be constant so that the compositions at the interface, which are determined by the LE, stay
constant. In [AKB’94, ATK’95] the austenite transformation kinetics from ferrite/cementite mixture was
modeled assuming planar geometry. Semi-infinite phases cementite and ferrite were assumed, which
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makes impossible to consider the full dissolution of cementite and the soft-impingement of the diffusion
fields in the ferrite. Kinetics transitions as that presented in Section 5.1.3.b thus cannot be predicted.
Nevertheless, outcomes of these studies are the good estimates of the interface velocity at the beginning of
the austenite transformation. Inverse TTT transformation diagrams were established on this basis and the
influence of steel composition was also examined.

Semi-analytical models assume simplified composition profiles in the phases. The mathematical
treatment is less rigorous, but this allows representing more realistically the geometry of the
microstructure. In [WYC’81] austenite transformation from cementite and ferrite mixture was modeled
assuming either planar of spherical geometry. For the planar geometry, carbon-controlled parabolic
austenite growth is described with Zener’s approximation [ZEN’49]. Once carbon activity is equilibrated,
Mn-diffusion control takes over; linear Mn composition profiles are assumed in the ferrite. Interface
position and interfacial compositions (operative tie-line) have to be computed at each time step, but the
computations remain extremely fast. The model of [WYC’81] allows to predict the transition from C-
diffusion control to Mn control and the soft impingement of the Mn concentration profiles in ferrite. It also
predicts the shape of the Mn concentration profiles that will subsist in the austenite because of the
sluggish diffusion of Mn in this phase. Such semi-empirical approach has been followed more recently in
[MEC’15] (see below) and in [ENO’18] to predict the kinetics of austenite formation during continuous
heating of low-carbon martensite.

DICTRA commercial software allows full numerical treatment of the diffusion equation in one
dimension (1D), assuming planar, cylindrical or spherical symmetry. Main assumptions and numerical
features were presented in Chapter 1. DICTRA is coupled to Thermocalc in order to compute the chemical
potential of the species. Apart from providing “ready-for-use” simulation tool, DICTRA software allows to
treat multi-component diffusion with accounting of cross-term diffusion coefficients and the dependence
of the mobilities on the local composition. Nevertheless, most DICTRA simulations in literature concern
ternary systems (in [WEI'13], quaternary system was considered). Most frequently, LE is assumed
between adjacent phases, but it is also possible to assume PE, or to impose a finite mobility.

In [LIU’91], cementite dissolution was simulated at 910°C in an Fe-C-Cr steel. Transition from fast
C-control to slow Cr control (with Cr diffusion in cementite) was calculated, confirming the sequence
predicted in [HIL'71]. Satisfactory agreement with the experiments was obtained. More recently, the
austenite transformation starting from a ferrite/cementite mixture was considered [GOU’12, XIA'13,
LAI'16, OLL’17]. In [WEI'13], ferrite austenite transformation starting from as-quenched martensite with
some residual austenite was considered in a high-Si steel. In all these studies, the DICTRA simulations
confirmed the characteristics of the austenite transformation which were established experimentally or
predicted theoretically. First, the occurrence of successive kinetics stages; an example [LAI'16] was
presented in Section 5.1.3.a. Second, the existence of transition temperatures between fast and slow
regimes of cementite dissolution (cf. Section 5.1.3.b). Simulations in isothermal condition below or above
the PNTT confirmed that the austenite transformation occurs respectively with or without partition of the
alloying elements.

Other interesting outcome of the DICTRA simulations is the possibility to predict “overshoots” of
austenite fraction (e.g. [HUA’04]): for certain annealing conditions, the austenite fraction can go above the
orthoequilibrium (OE) value. For example, this is the case in the simulation shown in Figure 5.4 [LAI'16]
on Fe-C-Mn system, in which the maximum fraction of austenite goes higher than the OE value. The last
kinetics stage (starting at ca. 10 s) corresponds to a decrease of the austenite fraction down to the
equilibrium value. According to [LAI'16] and similar studies [WEI'13, KAM’15, OLL’17], the austenite is
formed under out of equilibrium conditions during previous fast kinetics stage. The reason is that
heterogeneous Mn composition profiles persist in the austenite due to the sluggish diffusion in this phase.
As aresult, the ferrite ends up out of equilibrium with too high amount of Mn. On last stage, ferrite amount
increases, making decrease its Mn concentration towards the equilibrium value.
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Full-numerical treatment of the diffusion equation in 1D was also done in [MEC’15] and [OLL’18].
The numerical method was based on the Murray-Landis finite difference approach [MUR’59]. Main
purpose was actually to consider deviations from local equilibrium at the interface. Austenite growth was
assumed to grow under mixed-mode control, which means that the interface has a finite mobility. As
introduced by Christian [CHR’81], the interface velocity reads:

v =MAG (5.2)

where M is the interface mobility and AG the driving force exerted on the interface.

In most simulations, M is assumed infinite: AG is equal to zero, i.e. LE holds at the interface (PE
assumption is also possible [MEC’15]). Conversely, when the diffusion is much faster than the interface
motion, the velocity is controlled by the mobility. The finite mobility is due to the transfer of the atoms
from the ferrite or the cementite to reconstruct the new austenite lattice. This process is thermally
activated (M follows an Arrhenius law).

Models of [MEC’'15, OLL’18] are adapted from mixed-mode models initially introduced for the
reverse austenite to ferrite transformation [BOS’07, BOS'09]. Deviations to local equilibrium for this
transformation have been investigated for many years (see e.g. [PUR'11, GOU’15]).

In [MEC’15], paraequilibrium is assumed, meaning that only carbon diffusion is considered.
Mixed-mode assumption predicts slower kinetics than full diffusion or full interface control (it is not
intermediate). The simulations are not compared to experiments. Ollat et al. [OLL'18] simulated
continuous heating followed by isothermal annealing. Full interface control is predicted below 800°C and
mixed-mode above. Mobility is claimed as an efficient way (provided it is adjusted for the considered
steel) to describe complex phenomena such as multicomponent solute drag or kinetics transitions from
carbon toward Mn controlled transformation.

Full-field two-dimensional (2D) simulations (cellular automata, phase field) were already
introduced in Chapter 2, showing the possibilities of these techniques for predicting the austenite
morphogenesis and the interaction between austenite transformation and ferrite recrystallization. Other
advantage as pointed out in [JAC'99] is the possibility to set as initial state a microstructure taken from
experimental micrographs, with potentially complex morphologies. These new approaches have
nevertheless some limitations currently. There is no treatment of carbide dissolution: pearlite is treated as
one single “phase”, and isolated carbides have not been considered so far. This may be due to the different
scale between carbide size and austenite grain size. Moreover, the chemical composition of the cementite
is not accounted for. Other limitation is that only the carbon diffusion has been considered so far. The
volume finite simulations of [JAC'99] are carried out on a binary Fe-C steel. In Fe-C-Mn steel, [RUD'11]
assumed NPLE or PE growth. Similarly, in [ZHU’15], only carbon diffusion was considered, but solute drag
was introduced in this phase field model, to take account of the effects of the alloying elements at the
diffuse interface.
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5.2 Austenite transformation Kinetics: in situ HEXRD characterization

Present section focuses on the austenite formation kinetics, whereas Chapter 2 presented in detail
the microstructure evolution in terms of the localization of the nucleation sites, the morphogenesis of the
austenite microstructure (banded vs. necklace), highlighting the role of isolated carbides and the
interactions with the recrystallization.

5.2.1 Experiments

5.2.1.a Annealing schedules

The annealing schedules applied during HEXRD experiments are identical to those realized for the
microstructural characterizations in Chapter 2. The heat treatment comprises two steps (Figure 5.8): the
cold-rolled samples are heated from room temperature to the annealing temperature of 800°C, followed
by 10 min holding before helium quenching. Heating rates 3 and 30°C.s! are considered like in previous
chapters, with an additional heating rate of 100°C.s-1. Hence, the annealing schedules are still designated
by 800H3, 800H30 and 800H100.

One points out that the continuous heating step was recorded in fast acquisition mode (10 Hz).
More precisely, the fast acquisition mode was triggered 60 s before the start of the heating. Slow mode
was re-activated after 60 s holding at 800°C until the end of the treatment. In slow mode, patterns are
acquired every 3 s (~0.33 Hz). As explained in Chapter 1, the resolution in temperature is lower under fast
acquisition mode.
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Figure 5.8: Thermal cycles applied for the time-resolved HEXRD in situ experiments.
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5.2.1.b Exploitation of the 2D-patterns

The post-treatment procedure (Rietveld refinement) of the XRD patterns is detailed in Chapter 1.
It has been possible to consider austenite and ferrite phases, whereas, cementite phase was disregarded
because of the low carbon concentration (0.1 %uw:t) of the steel. Figure 5.9 shows the DS rings recorded at
650°C and 800°C during the heating at 3°C.s’!, along with the integrated intensity 26 (I-20) profiles.
Additional I-26 profile at 760°C is added to highlight the start of austenite transformation.
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Continuous DS rings are obtained thanks to the large number of diffracting grains (ca. 2 x 105),
leading to powder diffraction conditions. At 650°C, only visible DS rings are those of ferrite. At 800°C,
these become weaker because of the lower ferrite mass fraction, while austenite rings are clearly visible.
Cementite peaks are observable neither on the DS rings nor on the integrated 1-260 profiles, owing to the
low fraction of cementite, ca. 1.5 %u:, consistently with the alloy composition. Figure 5.10 is a
magnification of the of 1-20 profiles in 20 range where cementite peaks are present. A log-scale is
necessary to put into evidence the cementite peaks. The cementite could be detected only at temperatures
above 600°C. This may be ascribed to the recovery which suppresses defects in the material. From 650 to
755°C, the intensity of the cementite peaks decreases due to the cementite dissolution. Hence, the
presence or not of the cementite could be detected by HEXRD. Nevertheless, the cementite mass fraction
could not be determined by Rietveld refinement because of the too low intensity of the peaks. For this
reason, cementite was neglected during the phase quantification. This induces a small error in the
quantification of o and y phases amount, which will be included in the error bars.
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Figure 5.9: 2D Debye-Scherrer (DS) rings recorded at 650 and 800°C during heating at 3°C.s-1. Intensity-26 profiles
from circular integration of the DS rings at 650, 760 and 800°C.
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Figure 5.10: Magnification of the intensity 26 profiles highlighting the cementite peaks whose position is shown by the
dashed lines.

147



5.2.2 Austenite transformation Kinetics: slow heating (800H3 sample)

The evolution of the austenite mass fraction measured by HEXRD on the 800H3 sample is shown
in Figure 5.11. Heating to 800°C and holding are represented separately. On the heating curve, results
from image analysis of SEM micrographs are also plotted (equal volume and mass fractions are assumed),
(cf. Chapter 2). Main stages of the austenitization process identified by SEM are also represented:
nucleation of austenite, transformation of pearlite and formation of the necklace austenite morphology.

The transformation start temperature is detected by XRD at 710°C. This is in good agreement with
the SEM micrographs, in which first austenite grains are observable between 700 and 710°C. These first
grains are located exclusively at isolated carbides on recrystallized ferrite grain boundaries and triple-
junctions. Nucleation at pearlite island boundaries starts later, between 720 and 730°C. The austenite
transformation kinetics shows two stages on heating, slow then fast. From 710 to 730°C, the austenite
mass fraction remains inferior to 1.5% (XRD) or 3.5% (SEM). At 730°C, the transformation kinetics
accelerates. Two processes occur simultaneously: growth of austenite into pearlite and growth of
austenite from isolated carbides located at prior ferrite grain boundaries. After the acceleration at 730°C,
there are no more stages visible in the kinetics curve up to 800°C. Nevertheless, significant evolutions
occur in the microstructure: last detection of cementite by XRD at 766°C, pearlite full transformation
between 760 and 780°C. The necklace austenite morphology develops by the decoration of the ferrite
grain boundaries. This process is achieved between 750 and 780°C. At 800°C, austenite mass fraction
reaches 50%, in accordance with microstructural observations (Fig. 2.16 (m-n)).

During the subsequent isothermal holding, the austenite fraction increases toward the Ortho-
Equilibrium value, which is reached after ca. 300 s. Two kinetics stages may be distinguished, fast then
slow with a smooth transition after ca. 30 s. Accordingly, the SEM micrographs confirm a strong increase
of the austenite volume fraction from 0 s to 60 s and few evolution from 60 s to 600 s.
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Figure 5.11: measured volume fraction of austenite during (a) slow heating 3°C.s'1 up to 800°C and (b) subsequent
isothermal holding at 800°C for 600s.

5.2.3 Austenite transformation Kinetics: fast heating (800H30 and 800H100 samples)

Figure 5.12 shows the evolution of the austenite mass fraction during heating at 30°C.s"1. Main
microstructure evolutions observed by SEM are also represented, as for 800H3 sample. In addition, the
recrystallization kinetics determined during the same experiment (cf. Chapter 4, Fig. 4.12) is plotted.
Ferrite recrystallization start is detected by SEM at 710-720°C, sooner than by XRD. Austenite starts to be
detected by XRD at 738°C. The austenite transformation start is detected earlier by SEM, successively at
linear cementite carbide arrays located at boundaries of non-recrystallized ferrite grains (710-720°C), at
carbides located at recrystallized ferrite grains boundaries and pearlite island boundaries (720-730°C).

Three kinetics stages can be distinguished. Up to 752°C, the austenite mass fraction remains
inferior to 2%. After this first sluggish stage, the austenite transformation kinetics accelerates drastically
at 745°C, up to 765°C. This acceleration is concomitant with the onset of ferrite recrystallization. Pearlite
transformation, which starts at 740°C, is preponderant according to SEM micrographs, but austenite
forms also from isolated carbides. At 765°C, the transformation kinetics decreases. The slow-down is
ascribed to slower growth of austenite inherited from dissolved pearlite islands, dissolution of remaining
isolated carbides and pearlite. Last detection of cementite by XRD (756°C) occurs before the end of
pearlite transformation according to SEM micrographs (up to 770°C). At 790°C occurs a final acceleration,
which has no interpretation so far. During subsequent isothermal holding at 800°C, the austenite fraction
increases towards a final value which is higher than OE by ca. 5%. Two Kinetics stages, fast then slow
follow each other with a smooth transition after ca. 30 s. These two stages are again confirmed by SEM
observations, like in 800H3 sample.

Figure 5.12(b) shows the evolution of the austenite mass fraction determined by XRD during
heating at 100°C.s’1, and subsequent holding at 800°C. During heating the austenitization kinetics exhibits
the same three stages as at 30°C.s'1. The fast second stage (745-765°C) is faster in the 800H100 sample.
The amount of austenite at any given temperature is higher than at 30°C.s-1, but this can be explained in
part by the uncertainty in temperature due to fast mode acquisition (AT=10°C at 100°C.s'!). During
subsequent isothermal holding at 800°C, the austenite fraction increases towards a final value which is
higher than OE by ca. 10%. Two kinetics stages, fast then slow follow each other with a smooth transition
after ca. 30 s.
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Figure 5.12: measured volume fraction of austenite during heating (a) 30°C.s'? and (b) 100°C.s-1 up to 800°C. (c)

Subsequent isothermal holding for 600s.
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5.2.4 Discussion
Our experiments are in agreement with several trends reported in literature.

First, the global transformation kinetics enhancement associated with fast heating rates is clearly
observed. During heating, the higher the heating rate, the higher the austenite transformation kinetics
(except during sluggish first stages). During isothermal hold at 800°C the higher the previous heating rate,
the higher the fraction of austenite at any time.

Second, fastest heating treatments (800H30, 800H100) lead to a fraction of austenite which
exceeds that expected according to the thermodynamic equilibrium, whereas slow heating (800H3) leads
to the expected equilibrium fraction. Moreover, the fraction shift is increased with increasing heating rate.

Third, different kinetics stages can be identified: at least two on heating, sluggish then fast for
slow heating (800H3) and maybe three stages on heating for hast heatings (800H30 and 800H100).
During isothermal hold at 800°C, smooth transition from fast to slow regime occurs.

These observations may highlight the influence of three processes which are known to interact with the
austenite transformation according to the literature: the recrystallization of the ferrite, the enrichment of
the cementite carbides in Mn, the fragmentation/spheroidization of the cementite inside the pearlite
colonies.

5.2.4.a Interaction with recrystallization

Slow heating (3°C.s1) enables the complete recrystallization of the ferrite before the start of the
austenite transformation (weak interaction), whereas fast heating (30 or 100°C.s'!) leads to strong
interaction transformation/recrystallization. Put together, these experiments do not show any clear
influence of the ferrite recrystallization on the austenite transformation kinetics.

At 30°C.s1, the start of the austenite transformation in fast regime is concomitant with the start of the
ferrite recrystallization, at ca 750°C. This is put into evidence by the respective kinetics plotted in Figure
5.12(a). The SEM observations (Chapter 2) confirm that the austenite grains nucleated on isolated
carbides are frequently located at the boundaries of recrystallized ferrite grains. But this does not
necessarily mean that austenite nucleation and growth was faster at recrystallized ferrite grain
boundaries. The presence of austenite grains on these sites can also be interpreted by the pinning of the
recrystallizing ferrite grains by the first grains of austenite. In fact, the acceleration of the overall kinetics
at 740-750°C comes in large part from the pearlite islands transformation, as mentioned in Chapter 2.

At 3°C.s1 heating rate, recrystallization is completed before the start of the austenite transformation. The
fast regime of austenite transformation starts at 730°C. This could suggest that austenite transformation
from isolated carbides is faster when the ferrite is fully recrystallized. Indeed, at 730°C, the pearlite
islands have not yet started to transform (pearlite islands transformation starts at ca. 740°C). However,
this early acceleration of the austenite transformation kinetics at 3°C.s'! can be due to the slow heating
rate, which lets more time for the thermally activated nucleation and growth of austenite to occur.

5.2.4.b Enrichment of the cementite in Mn

As recalled in the literature survey (Section 5.1.3.a), dissolution of cementite is more sluggish
when its concentration in Mn is increased. This section deals with the possible consequences on the
overall austenitization kinetics. Slow heating (3°C.s'!) enables a significant enrichment in Mn of the
cementite before the start of the austenite transformation. The Mn u-fraction reaches 11% after slow
heating at 3°C.s'1 to 700°C (cf. Chapter 3), both in isolated carbides and in pearlite. Conversely, fast heating
(30 and 100°C.s'1) does not leave sufficient time to enrich the cementite, whose composition remains the
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same as in the HR state, ca. 6.5% u-fraction. One can calculate the critical temperature (PNTT), above
which fast cementite dissolution (controlled by carbon diffusion) becomes possible.

The PNTT was calculated as a function of the Mn u-fraction in cementite (Figure 5.13); it is equal to 721°C
for 800H30 and 800H100 samples and 736°C for 800H3 sample. “Geometry A” (Figure 5.5) was
considered, i.e. a cementite particle embedded in an austenite shell, which is itself embedded in a ferrite
matrix. This geometry is obviously representative of the isolated carbides. One reminds that according to
[LI'11], “geometry A” is also suitable to interpret the dissolution of lamellar pearlite, despite the different
geometry. However, “geometry A” can clearly not represent the fragmented pearlite, as it consists of
cementite carbides embedded in a ferrite matrix. “Geometry B” would be more relevant; associated PNTT
was also calculated, but the calculated temperatures, significantly higher than for Geometry A, are not
shown. In fact, it will be seen in the DICTRA simulation study that the fragmented pearlite can dissolve
quickly even with the redistribution of the alloying elements (i.e. it can be fast even below the PNTT of
geometry B).
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Figure 5.13: Calculated PNTT for the change from slow to fast regime of cementite dissolution as a function of Mn
composition in cementite and holding temperature (cf. Chapter 3, Section 3.1.5). The cementite compositions
measured in Chapter 2 for the two heating rates, 3 and 30°C.s! are referred to by the blue and red dotted lines,
respectively.

During slow heating (3°C.s'1), the sluggish kinetics between 710 and 730°C is due to slow regime
of the isolated carbides dissolution involving partition of alloying elements, as the temperature is below
the calculated PNTT, 736°C. The acceleration of the kinetics at 730-740°C may be ascribed to the
transition to the fast regime, controlled by the diffusion of carbon, but it is rather thought to come in large
part from the start of the pearlite dissolution, according to the SEM observations.

At 30°C.s, the austenite transformation kinetics remains slow up to a temperature of 740°C, at which the
pearlite starts to dissolve. As the PNTT is equal to 721°C for this sample, the isolated carbides could have
dissolved in fast, carbon-controlled mode. It can be seen that if this occurred, it did not accelerate
significantly the overall kinetics. Accordingly, in the SEM micrographs, growth of the austenite grains
nucleated on isolated carbides does not seem particularly fast.

Hence, from these observations one concludes that the cementite composition in Mn did not influence
significantly the overall austenite transformation kinetics. But this does not mean that the specific
dissolution kinetics of each isolated carbide is not affected, as will be seen in the DICTRA simulations.
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5.2.4.c Fragmentation / spheroidization of the cementite inside pearlite colonies

Our experiments may put into evidence the effect of the fragmentation and the spheroidization of

the cementite in pearlite islands, although further experiments would be necessary to confirm this. At
100°C.s4, the austenite transformation kinetics follows the same stages as at 30°C.s1, but the fraction of
austenite formed is larger at any given temperature (even with accounting of the uncertainty in
temperature). This is not due to the cementite composition, which is the same in 800H30 and 800H100
samples. As for recrystallization, it occurs at same temperature ranges for both samples.
Possible origin of the different kinetics is that the less fragmented pearlite in 800H100 sample would be
easier to dissolve. Indeed, it is the fast stage of austenite transformation between 740 and ca. 760°C,
dominated by pearlite dissolution, which is faster at 100°C.s’}, whereas later stages present similar
kinetics at 30 and 100°C.s'l. Previous studies [DAS'93, GAN’09] demonstrated that lamellar pearlite
dissolves faster than when it is spheroidized.

To conclude, the overall austenitization kinetics is not clearly influenced by the strong or weak
interaction with recrystallization (but the morphogenesis is strongly affected); the cementite enrichment
in Mn does not influence significantly the overall kinetics, except possibly during first sluggish stage of
slow heating. Possible influence of the degree of fragmentation of the pearlite is suggested, but it has to be
confirmed by further investigations. At this point, the trends regarding the kinetics can be interpreted as
follows.

e The transition from slow to fast regime on heating is due in large part to the start of the pearlite
transformation, whatever the heating rate. The SEM micrographs show that the pearlite starts to
dissolve at similar temperature range 740-750°C for both 3 and 30°C.s! heating rates. One points out
again that fast, carbon-controlled transformation of fragmented pearlite is not possible
thermodynamically. DICTRA simulations of Section 5.4.2 will justify that fast transformation of
pearlite is nevertheless possible.

e The dissolution of the isolated carbides does not modify the shape of the austenitization kinetics
curves, contrary to the case of the pearlite. First reason is that these carbides contain only ca. one
third of the carbon in the microstructure. Moreover, each isolated carbide will dissolve with a specific
kinetics determined by its size and composition in Mn. The respective kinetics associated with each
carbide are spread over a large temperature range.

Several trends have still to be explained: the increased kinetics at faster heating rate during the

heating stage, the faster kinetics during isothermal hold after faster heating and the austenite fraction
“overshoots”. This is the purpose of the DICTRA simulations.
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5.3 DICTRA modeling strategy

This section deals with the setup of the DICTRA simulations. Influence of meshing, step time, cell
sizes are not addressed here. The reader is referred to the work of Arlazarov or Ollat [ARl'14, OLL’17] for
a detailed review. 800H3 and 800H30 annealing schedules will be simulated for comparison with the
experimental data.

5.3.1 Thermodynamic hypotheses, diffusivity data

The alloy bulk composition is simplified to the ternary Fe-0.1C-1.9Mn (%wt) system. Si and Cr are
neglected consistently with their low concentration in the alloy, ca. 0.2%wt. This simplification has few
consequences on the thermodynamics of the system. For instance, the equilibrium austenite volume
fraction at 800°C is increased from 81% with full alloy composition to 86% with the simplified
composition. Besides, the TCFE9 database is assessed at highest order on the quaternary C-Fe-Mn-Si
system. Hence, thermodynamic computations considering the full Fe-C-Mn-Cr-Si system would involve
extrapolations from lower-order systems according to the CALPHAD method [DIC’17]. Considering the Fe-
C-Mn-Cr-Si system would thus increase significantly the DICTRA simulation time without real gain in
precision. Other benefit of the ternary system is the easier interpretation of the simulation results.

It was decided to neglect the local Mn-composition fluctuations associated with the presence of
the Mn-rich bands. The difference between minimum and maximum compositions (1.83 and 2.02%u,
respectively, see Chapter 2) supports this choice.

The interface conditions are parametrized to be controlled by local equilibrium (LE), permitting
the simulation of either NPLE or PLE regimes, depending on the calculation (there is no a priori
assumption). Curvature effects (Gibbs Thompson), morphological evolutions or interaction between
particles (coarsening) were disregarded in our simulations.

As mentioned in Chapter 1, the mobility data are taken from the MOBFE2 database (coupled with
TCFEO to get the diffusivities). There is no accounting of any acceleration of the diffusion by the presence
of defects (dislocations, grain boundaries). In contrast to Chapter 3, the Mn diffusion coefficient inside
cementite is not increased.
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5.3.2 Geometrical representation of the microstructure

5.3.2.a Selection of DICTRA simulation cell geometries

On the basis of the literature survey and our microstructural observations (cf. Chapter 2), the
austenite is assumed to nucleate and grow from two different sites: the pearlite islands and the isolated
carbides located at the ferrite grain boundaries. As represented in Figure 5.14(a), the austenite will
nucleate around the isolated cementite particles and then grow towards the surrounding ferrite, while the
carbide is dissolving to supply carbon. For pearlite, two distinct stages are considered. Firstly, the pearlite
islands transform to austenite, as schematized in Figure 5.14(b). After completion of this transformation,
there remains an austenite grain supersaturated in carbon. Secondly, the latter newly formed austenite
grain grows further within the surrounding ferrite matrix (Figure 5.14(c)).

Sub-system I: Isolated carbides Sub-system P: Pearlite transformation Sub-system A: Former pearlite growth
> . B

Figure 5.14: Microstructure observations of the three sub-systems to be simulated with DICTRA: (a) dissolution of the
isolated cementite particles localized on the grain/subgrain boundaries. (b) Transformation of pearlite islands leading
to carbon-rich austenite (CRA) grain. (c) CRA grain growth into the surrounding ferritic matrix. (780H3 Sample).

Consistently, three sub-systems will be modeled with DICTRA (Figure 5.15):
Sub-system I[: Isolated carbide dissolution
Sub-system P: Pearlite transformation leading to the formation of the CRA grain
Sub-system A: CRA grain growth into the surrounding ferrite matrix.

Selection of a spherical geometry is straightforward for systems I and A. As for the pearlite, there
is no detailed geometrical representation possible with DICTRA. Purpose of the simulation cell in Figure
5.15 is to represent the austenite growth front moving into a fragmented pearlite colony. In cell P, only
one fragment of cementite is represented, but two important aspects of the process are accounted for: the
fast diffusion of carbon and manganese in ferrite from the cementite to the austenite, and the short
diffusion distances. Nevertheless, the cell P does not represent the fact that some fragments of cementite
may get surrounded by the growing austenite. The final stage of cementite dissolution in an austenite
matrix is thus not represented.

The sub-systems are considered as closed systems, independent from each other (no impingement). This
simplifying assumption will be discussed in the next section.
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Sub-system | Sub-system P Sub-system A
Isolated carbide dissolution Pearlite dissolution Former pearlite
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Figure 5.15: Schematic of DICTRA simulation cells for sub-systems I, P and A.

5.3.2.b Representation of the global ferrite-pearlite microstructure

Figure 5.16 shows the representation of the microstructure from the point of view of our
modeling approach with DICTRA. The starting microstructure consists of pearlite islands and isolated
carbides distributed in the ferrite matrix (Figure 5.16(a)). It is assumed that the isolated carbides have
one single size and that these carbides are homogeneously distributed in the ferrite matrix. Hence, one
unique cell size is considered for sub-system I (no size distribution considered for the carbides).

e Upon annealing, the austenite will consume the pearlite colonies, until formation of carbon
supersaturated austenite grains which inherits the former pearlite grain size (Figure 5.16(b)).
This part of the simulation concerns the sub-system P.

e Then the resulting carbon-rich austenite (CRA) grains grow into the surrounding ferrite matrix
(sub-system A), as schematized in Figure 5.16(c).

e Meanwhile, austenite transformation from isolated carbides will be described by sub-system I.

d end
T< Acl AC1 <T<T*®" pearlite T>T pearlite

START MICROSTRUCTURE STAGE 1: SUB-SYSTEMS | & P STAGE 2: SUB-SYSTEMS | & A

(c)

Figure 5.16: Scheme of the geometrical representation of the microstructure: sequence of the austenite
transformation.

It is assumed that the cells P, A and I are closed systems. There is no transfer of C and Mn
elements “at long distance” between the former pearlite regions and the isolated carbides. Other strong
assumption concerns the localization of the isolated carbides with respect to the A sub-system. In the “real
microstructure”, the large austenite grains which result from pearlite transformation will expand into the
surrounding matrix and possibly overlap the closest isolated carbides, which will then dissolve in the
austenite (Figure 5.17). This is impossible to describe with DICTRA. Hence a strong simplification is to
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assume that the isolated carbides are localized outside the cell A, so at some distance from the pearlite
islands.

Figure 5.17: Scheme highlighting the overlap of the growing austenite grains from former pearlite with the closest
intergranular cementite particles.

The size of the simulation cells and the compositions are based firstly on the experimental
characterizations on the 700H3 and 700H30 specimens, which reflect the state of the microstructure just
before the start of the austenite transformation. The size of the simulation cell P is directly determined by
the size of the spheroidized carbides in the pearlite (R=75 nm) and the knowledge of the average carbon
concentration in the pearlite (1.78 %a:). By a mass balance on the carbon element, the thickness of the
ferrite “shell” in cell P can then be calculated.

Definition of 1 and A cell sizes is much less straightforward. Only known microstructural
parameters are respectively the isolated carbide size and the initial size of the CRA grains which is taken
as the pearlite islands size. However, microstructural observations are lacking to give directly the size of
the ferrite shell in respective cells I and A. Indeed, the number density of isolated carbides could not be
measured. As for the cell A, the lacking microstructural information is the maximum size reached by the
austenite grains which grew from former pearlite. Due to the complexity of the microstructure (cf. Fig.
2.16(m)), this size could not be measured.

Hence the definition of cells I and A cannot be based on microstructural data. It was found more
appropriate to define the cell sizes on the basis of their overall composition in carbon. Most
straightforward choice would be to impose inside each cell | and A the nominal carbon content of the steel
(0.46 %.¢). It will be seen in next section that this “intuitive” choice is far from being appropriate.

5.3.2.c  Distribution of the carbon in the microstructure

The carbon distribution is highly heterogeneous in the initial microstructure. Upon annealing, this
heterogeneity will be partially reduced, but it will remain significant. This section presents how this is
dealt with in our geometrical representation of the microstructure. The carbon distribution in the initial
microstructure is represented by the following molar balance:

fEXE+ MY =Xx2 (5.3)

where ffand f™ denote the fraction of pearlite and the matrix (meaning here a ferrite / isolated
carbides mixture). X,P and XM are the carbon molar fraction in the pearlite (XP=1.78 %.) and the matrix
(XcM=0.20 %at). X0 is the alloy nominal carbon content (0.46 %.). It is assumed that all the phases have
the same molar volume.

The carbon is highly concentrated in the pearlite, which contains 63% of the nominal carbon for a

volume fraction of 16%, while the matrix contains 37% of the carbon for a volume fraction of 84%. The
proportion of carbon inside the pearlite (63%) is denoted r.
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Once the pearlite is dissolved and transformed into an austenite grain, a new molar balance can be
written:

fAXA+ fIX]=X2 (5.4)

where fA and f! are the volume fractions represented by the sub-system A and I, respectively. X and X/
are the related carbon nominal compositions considered in the sub-systems.

The A sub-system should inherit the carbon of the pearlite. Hence, 63% of the carbon should be in sub-
system A. This means that the following relationship has to be verified:

fAxA=rx2 (5.5)

and reciprocally for the sub-system I:

fix=0-nxd (5.6)

These equations highlight that once the pearlite is dissolved, carbon concentration
heterogeneities may subsist in the microstructure. For instance, if sub-system A represents a low volume
fraction, its related carbon concentration will be high, meaning that the whole microstructure will remain
significantly heterogeneous in carbon. Figure 5.18 shows the carbon concentration in each sub-system A
and I as a function of their respective volume fraction. Calculations are based on previous equations. As
expected, increasing the fraction of respective sub-system I or A tends to decrease its carbon
concentration.

Two limit cases are represented. First one denoted “start condition” assumes that the carbon
supersaturated austenite grains (sub-system A) do not grow into the surrounding ferrite. The carbon
concentration would remain X = 1.78 % This is obviously unrealistic as the further growth of the
former pearlite bands was clearly observed on the SEM micrographs (cf. Chapter 2). Other limit case
assumes that both A and [ sub-systems would have the bulk carbon content of the steel (i.e. the
microstructure becomes fully homogenized in carbon). Some intermediate values of f! and f 4 volume
fractions have to be selected, despite the absence of precise microstructural basis to conduct this choice.
Two criteria are considered here.
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Figure 5.18: Evolution of the respective mean carbon compositions X! (black curve) and X2 (red curve) as function of
the sub-system volume fractions.
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First criterion is an approximate microstructural parameter: the number of isolated carbides per
pearlite colonies. Order of magnitude of this number can be estimated on the micrographs (Chapter 2).
According to our geometrical representation, this number is equal to ratio of the volume of cell A over the
volume of cell I Va/Vi. Figure 5.19 shows the evolution of this ratio as a function of X. Two curves are
plotted for heating rates 3 and 30°C.s"1. V,/V| ratio is higher for fast heating, since the isolated carbide size
(hence the I cell size) is smaller (R=75 nm instead of 110 nm at 3°C.s1). Increasing X! makes increase the
ratio Va/Vj, as the volume V; is decreased and the volume V, is increased correspondingly. It can be seen
that the ratio Va/Vi approaches rapidly unrealistically high values if X! is increased too much. For
example, if one assumes that both cells A and I have the nominal carbon content of the steel (Xc =0.46 %at)
a ratio of ca. 1000 per pearlite grain is found for the heating rate 30°C.s-1. This ratio is clearly too high if
one considers the micrographs of the initial microstructures (cf. Fig 2.14), even with accounting of the 2D
observation. Hence, one concludes from this criterion that one has to select a value of X as low as
possible.
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Figure 5.19: Evolution of the Va/Viratio, representative of the number of isolated carbides present in the ferrite matrix
for each pearlite grain.

Second criterion concerns the amount of austenite which can be formed in each sub-system,
which depends on its respective carbon content. At the end of isothermal holding at 800°C, the overall
amount of austenite F, transformed in the whole microstructure should be close to the equilibrium value
(86% for the simplified alloy nominal composition), in accordance with the experiment (cf. Fig. 5.11 and
5.12). The overall amount of austenite F, reads:

— FAfA 1£1
B =ff"+f'f (5.7)
where fyA and fy’ are the equilibrium austenite volume fractions inside the respective sub-systems.

Assuming that the equilibrium fraction of austenite is reached at 800°C in both sub-systems,
Figure 5.20 shows the overall fraction of austenite at orthoequilibrium (FOE) as a function of X.. FOE
increases from ca. 67% at X!=0.20%.: to reach a plateau at ca. X!=0.32 %... The reason is that with low X!
values, the volume fraction of system I is large, whereas the OE fraction of austenite is low in this system.
According to the XRD experiments (cf. section 5.2), the fraction of austenite at the end of annealing should
be close or even above the OE value. Hence, conclusion of the second criterion is to select a value of X/
such as FOE has the maximum value (in the plateau of the curve).
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Figure 5.20: Evolution of the global OE austenite phase fraction obtained after summation FVOE as function of the mean
carbon composition considered within: (a) sub-system I and (b) reciprocally within sub-system A.

Combining with previous microstructural criterion, which led to smallest possible values of X,
the best choice for X/, is the smallest one “on the plateau”. A “round value” X/=0.3% is taken. For the
following, the considered equivalent nominal compositions X/ and X are consequently 0.30%.: and 0.66
%, respectively. The related equivalent volume fractions of systems I and A are f! = 0.56 and f4 = 0.44
Yovol.

5.3.3 Austenite nucleation

Consistently with the experiments, heatings at 3 and 30°C.s! (denoted HR3 and HR30) are
modeled. This means that one has to know at which temperature the austenite will start to be present.
Simplest option is to take the experiments as a basis. Otherwise, some calculations can be done.
Nevertheless, as shown in the literature survey, the austenite nucleation has been scarcely studied and
few models have been established. DICTRA software proposes two options:

e “Active phase”, meaning that the austenite is present as soon as the simulation is launched.

e ‘“Inactive phase”: austenite is absent at the simulation start. Its presence is triggered once the driving
force exceeds some user-defined value. By default, the driving force for nucleation is set to 10-5 x RT
J.moll, R being the gas constant and T the temperature. This value is commonly used in literature
[LA'16, HUY’18].

Both options were experimented. With the “inactive phase” option, the austenitization starts too
early. “Nucleation” is triggered as soon as the Ae1 temperature is reached, whatever the heating rate. The
transformation kinetics are largely over-estimated relative to the experiment. Hence, the nucleation
driving force should be adapted, but this almost amounts to imposing directly the temperature of
austenite nucleation. Therefore, the “active phase” option was employed. The temperature at which the
simulation is started was calculated by using the empirical formula of Kasatkin [KAS'84] which gives the
Aci temperature as a function of the alloy composition:

Aci(°C)=723-7.08Mn + 37.7Si + 18.1Cr + 44.2Mo + 8.85Ni + 50.1V + 21.7Al + 3.18W + 297S - 830N -

11.5C Si - 3.10Si Cr - 57.9C Mo - 15.5Mn Mo -5.28C Ni - 0.80Cr Ni - 27.4C V + 30.8Mo V - 0.84Cr? -
3.46Mo? - 0.46Ni? - 28V?
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where the compositions are in weight percent. One stresses that the heating rate is not accounted for.

For both systems I and P, the same Aci temperature was calculated to 720°C. This temperature is
consistent with the SEM observations: first austenite grains were detected in temperature range 710-
720°C in both 800H3 and 800H30 samples. The initial austenite layer thickness was set to 0.1 nm.

It is stressed that in the following simulations, there is no calculation of any nucleation rate (i.e. fast
saturation of the nucleation sites is assumed). The consequences of this strong assumption will be
elaborated in the Discussion part.

5.3.4 Cell sizes and compositions

The cell sizes and compositions were calculated in accordance with the TEM composition
measurements and SEM morphological analyses carried out on the 700H3 and 700H30 specimens. This
section presents how the cell parameters are defined. The parameters are then detailed case by case for P,
I and A cells.

5.3.4.a Cell dimensions

The cell dimensions for each system I, P and A are derived from molar balances regarding the
carbon. (Chapter 1 reminded how molar volumes are dealt with in DICTRA).

e Insystem P, the radius of the cementite is taken to 75 nm, the average measured value. The thickness
of the ferrite shell surrounding the cementite is defined such that the overall carbon content in the
cell is equal to the value estimated previously inside the pearlite, 1.78 at.% (Chapter 3).

e In system I, the radius of the cementite is taken to 100 and 75 nm at 3 and 30°C.s! respectively,
according to the measurements (Chapter 2). The cell I contains a carbon concentration X'=0.30 %,
as justified in previous Section.

e In system A, the radius of the austenite is deduced from the size of the pearlite islands (radius 2.5
um). The cell A contains a carbon concentration XA=0.66 %a, as justified in previous Section.

5.3.4.b Initial compositions in Mn

In systems I and P, the initial Mn concentration in cementite depends on the heating rate. The
values are taken from Chapter 3 (see the following tables). In system A, Mn (and C) compositions were
considered fully homogenized within the whole austenite grain volume, even though the initial Mn
partition inside the cementite platelets (at least 6.5% in substitutional site fraction) could involve local
subsisting heterogeneities periodically spaced, (so-called “ghost pearlite”). It can be assumed that these
heterogeneities are too far from the austenite/ferrite interface to influence its velocity. In ferrite, the Mn
content is calculated such that the overall Mn content has the bulk steel composition (1.94 %a) in all sub-
systems I, P and A.

5.3.4.c Initial composition of austenite
In systems [ and P, one has to define somewhat arbitrarily some initial carbon composition profile

inside the austenite phase in order to start the simulation. The constraint is to avoid deviating too much
from some local equilibrium tie-line at both interfaces y/a and y/6. Otherwise, the numerical simulation
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will fail to start. The NPLE tie-lines (y inherits u-Mn content of o or 6) were found to represent a good
choice to help the calculations to start. One stresses that once the simulation has achieved to start, the
operative tie-lines at the y boundaries can deviate in a short time from this initial guess.

5.3.4.d Space discretization

In DICTRA software, each phase is represented by a region. Each region is discretized using
unidimensional grids. Meshing nodes were distributed according to a geometrical progression in ferrite
and cementite in order to get a finer mesh close to the moving phase boundaries. A linear grid spacing is
used for the austenite in I and P cells, a geometrical grid in A cell. Both time and spatial discretization were
optimized in order to reduce the computation time, without losing accuracy.

P, I and A cell parameters are summarized in the following figures and tables.

Meshing
Radius [nm] n f
Cementite © 75 50 0.995
Ferrite a 128 50 1.02
Austenite y 0.1 10 1
Phase compositions
3°C.st 30°C.st
y layer Xmn [%at] Xc [%at] Xmn [%at] Xc [%at]
0.1nm \ Cementite 6 10.5 25 4.75 25
X Ferrite a 1.32 6.17 x 102 1.70 5.00x 103
Austenite y 1.36 3.07 1.75 2.89

Figure 5.21: DICTRA cell P definition for heating rates 3 and 30°C.s'1. n: number of nodes in each region; f: geometrical
progression factor.
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Phase compositions
3°C.s” 30°C.s™
XMn [%at] XC [%at] XMn [%at] XC [%at]
Cementite 0 10.5 25 4.75 25
Ferrite a 1.85 5.67 x 10 1.90 3.00x 10
Austenite y/0 14.4 2.81 6.16 1.65
Austenite y/a 1.9 3.13 2 2.94
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Meshing
3°C.s™ 30°C.s™
Radius [nm] Nodes f Radius [nm] Nodes f
Cementite 0 110 100 0.995 75 50 0.995
Ferrite a 455 100 1.01 298 50 1.01
Austenite y 0.1 10 1 0.1 10 1

Figure 5.22: (a) DICTRA cell I definition; (b) schematic of initial NPLE tie-lines at austenite interfaces; (c) schematic of
the initial carbon profile in the austenite.

Phase compositions
Xnn [%at] Xc [%out]
Ferrite a 1.94 7.86e-03
Austenite y 1.94 1.78
Meshing
Radius [nm] Nodes f
Ferrite a 1030 100 1.01
Austenite y 2500 100 0.95

Figure 5.23: DICTRA cell A definition for heating rates 3 and 30°C.s"1. n: number of nodes in each region; f: geometrical
progression factor

5.4 Simulation of austenite transformation during slow and fast heating

5.4.1 Isolated Carbide dissolution: sub-system I

Figure 5.24 shows the calculated evolution of the austenite volume fraction on heating and
subsequent holding at 800°C for both heating rates 3 and 30°C.s"%. Three kinetics stages follow each other
on heating: slow, very fast and intermediate rate up to 800°C. During isothermal hold, austenite fraction
reaches or overcomes the OE value in less than 10 s after respectively slow and fast heating. The
cementite dissolves during first and second stages (its fraction is not plotted for clarity).

First stage corresponds to sluggish austenite growth into cementite and ferrite involving the
partition of the alloying elements at both y/6 and y/a interfaces. For both heating rates, the partition of
Mn is shown by the Mn composition profiles at 720°C. The a/y tie-lines at 720°C confirms the Mn partition
from ferrite to austenite. Consistently with the thermodynamic analysis, the temperature is close to or
below the PNTT during this sluggish stage: fast carbon-controlled kinetics is impossible.

Second stage corresponds to fast dissolution of cementite, controlled by the diffusion of carbon
and without partition of the Mn. Operative tie-lines at a/y interface (748°C at 3°C.s'* and 725°C at 30°C.s
1) illustrate the NPLE growth regime (i.e. austenite inherits the bulk Mn concentration of the ferrite). In
the corresponding Mn composition profiles, one observes a “spike” of Mn inside the cementite and a
“negative spike” inside the ferrite. There is a small gradient of carbon concentration inside the austenite.
In accordance with thermodynamic calculations, the NPLE mode occurs above calculated PNTTs for both
heating rates.

Third stage corresponds to a pronounced slow-down of the kinetics related to the completion of
the cementite dissolution process. The HR30 heating is easier to interpret first. It can be seen that the
austenite fraction is almost equal to the NPLE fraction. The tie line and the Mn profile at 780°C and 800°C

163



confirm the limited partition of Mn. Hence heating at 30°C.s! is too fast to allow significant redistribution
of Mn, whereas C has time to equalize its activity throughout the austenite. The situation is different for
the slow heating at 3°C.s’1, which lets enough time for Mn to partition from the ferrite to the austenite,
while the carbon has sufficient time to equalize its activity throughout the simulation cell. This is
illustrated by the Mn composition profile at 753°C, 780°C and 800°C. As a result, the austenite fraction
goes above the NPLE fraction.

Last stage during isothermal hold corresponds to fast (less than 10 s) equilibration of the system
after the heating at 3°C.s', as illustrated by the final tie-lines. It is kinetically controlled by the fast
diffusion of Mn in ferrite as shown by the Mn concentration profiles at 800°C. After the heating at 30°C.s’1,
the austenite fraction also reaches a plateau in less than 10 s, but the final fraction exceeds the OE value by
ca. 10%. The kinetics is also controlled by the Mn diffusion in ferrite, as shown by the Mn profiles. After
both heatings, significant heterogeneities in Mn concentration subsist in the austenite. This is due to the
low diffusivity of Mn in this phase. Three areas are distinguished.

e The Mn concentration is locally high at the previous position of the cementite carbides. The local
carbon concentration is slightly higher because of the effect of Mn on carbon activity. After 10 s at
800°C the Mn has only started to diffuse out to Mn-poor regions. These local over-concentrations do
not affect significantly the Mn mass balance in the cell, as the volume fraction of cementite is very
small.

e The volume of austenite adjacent to the cementite shows a nearly flat Mn profile for both heating
rates. These regions correspond to the growth of austenite into ferrite in NPLE mode, where the
austenite inherited the initial concentration of ferrite.

e Outermost region corresponds to the austenite growth in LEP mode. The profile of Mn concentration
was “drawn” by the evolution of the o /y tie-line. On heating at 3°C.s1, the Mn partitioned to austenite
over a long distance, as LEP mode prevailed during the third stage. Conversely at 30°C.s-1, Mn
partition started only during holding at 800°C.

The “overshoot” of austenite OE fraction after fast heating is interpreted by the absence of Mn
partition up to 800°C. As a result, the ferrite ends up highly supersaturated in Mn. Redistribution of Mn
from ferrite to austenite would make increase the ferrite amount and make move backward the interface.
This would require a long time, as Mn diffusion in austenite would be necessary. Such observation was
done for instance in the simulations of [LAI'16].
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Figure 5.24: Austenite volume fraction transformed during the dissolution of the isolated cementite particles within
matrix for slow and fast annealing schedules (blue and red curves, respectively) (a): during heating step and (b)

during the subsequent isothermal holding at 800°C. Empty dots highlight particular stages of the transformation
detailed in the discussion.
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Figure 5.25: Isothermal Fe-C-Mn diagrams where the operative a/y tie-lines identify the austenite growth regimes.
The dashed line represents the Mn composition of ferrite.
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Figure 5.26: Carbon and Mn composition profiles at different temperatures and times. (a-b) and (c-d) correspond to
slow and fast heating, respectively.
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5.4.2 Pearlite transformation: sub-system P

Figure 5.27 shows the austenite formation kinetics in cell P and the evolution of the operative LE
tie-line of the a/y interface. One reminds first that the cell P differs from the cell I because the austenite is
in contact only with ferrite. As a result, both carbon and Mn can diffuse quickly through the ferrite, from
cementite to austenite, leading to significant partition of Mn. One has to point out some numerical
difficulties with simulation at heating rate 30°C.s1. The carbon mass balance was well respected up to the
end of the simulation, but not that of Mn. Namely, the mass balance given by DICTRA at end of simulations
indicated a Mn nominal composition equivalent to 2.40%., instead of the initial value 1.94%at.

The kinetics is similar for both heating rates, but aforementioned numerical difficulties make
difficult detailed comparison. The tie-lines indicate that the austenite growth occurs with partition of Mn,
as expected from the fast Mn diffusion in ferrite. There are no clearly identifiable kinetic regimes. The
higher the temperature, the faster the kinetics, which is simply ascribed to the higher diffusivities. The
austenite transformation ends up once the Ae; temperature is reached, namely at 757°C. Hence, the sub-
system A simulation detailed in the next section will be initiated from this temperature, by considering
that the pearlite grain volume is now integrally made of austenite. Simulation results for sub-system P are
not detailed more, due to the lack of geometrical representativeness with respect to the true fragmented
pearlite morphology.
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(@) Temperature [°C] (b) Xc [%at]

Figure 5.27: (a) simulated kinetics of pearlite transformation during slow and fast heating (blue and red curves,
respectively). (b) Operative LE tie-lines at the a/y moving interface represented for the temperatures highlighted
with the empty dots in (a). The black dot reflects the sub-system nominal composition and the black continuous line
refers to the OE austenite fraction calculated according the sub-system A nominal composition.

5.4.3 Austenite growth from former pearlite: sub-system A

Figure 5.28 shows the calculated evolution of the austenite fraction during heating at 3 or 30°C.s!
and the isothermal holding at 800°C. According its high carbon nominal composition (XA = 0.66%a) and
the related thermodynamic equilibrium, the sub-system A must be fully austenitized at 800°C. The
evolutions differ significantly between both heating rates. During the slow heating, the amount of
austenite follows the NPLE fraction and reaches 100% at 795°C. During fast heating, the austenite fraction
has not enough time to “follow” the NPLE fraction. At 800°C, 80% of austenite is formed. Full
austenitization is achieved in less than 1 s at 800°C. The operative a/y tie-lines (Figure 5.29) are identical
for both heating rates whatever the temperature. They confirm the austenite growth under NPLE mode.
As aresult, the cell A ends up fully austenitized and completely homogeneous in Mn.
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Figure 5.28: Austenite volume fraction transformed after full pearlite transformation (former sub-system P) from 757
to 800°C (a) and during the subsequent isothermal holding at 800°C. Blue and red curves represent the slow and fast
annealing schedules, respectively.
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Figure 5.29: Ternary Fe-C-Mn isothermal diagrams in which the operative LE of the o/y tie-lines highlighting the
kinetics regime of pearlite transformation for both heating rates at 757, 780 and 800°C.

5.4.4 Discussion on DICTRA simulations

The simulations on the I sub-system highlight several features of the austenite transformation
process from an isolated carbide: (i) the occurrence of successive kinetics stages, (ii) the strong influence
of the carbide concentration in Mn on the kinetics and (iii) the formation of Mn heterogeneities in the
austenite. Previous studies already established similar trends, but were restricted to isothermal
transformations [MIY’'10, GOU’12, LAI'16]. Here, the specificities of anisothermal treatments are
highlighted.

The austenite transformation on heating starts with a first sluggish stage and accelerates when
fast, carbon-controlled cementite dissolution becomes possible. The transition to fast kinetics clearly
occurs when the PNTT is reached. This means that the composition of Mn in cementite determines the
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temperature at which the austenite transformation will start at a significant rate. This can be seen in
Figure 5.13, where the calculated PNTTs have been plotted (721°C and 742°C at 30°C.s'! and 3°C.s'!
respectively). Nevertheless, there is some temperature gap between the PNTT and the actual acceleration
of the austenite transformation. This gap is due to the anisothermal treatment. At 30°C.s", it is ascribed to
the high heating rate. The gap of ca. 5°C represents a few tenths of second. At 3°C.s’1, some partition of Mn
has started before the PNTT is reached. This reduces the accuracy of the PNTT calculation, which is based
on the initial composition of the phases.

Once the carbide has dissolved, the ferrite to austenite transformation goes on. At high heating
rate (30°C.s'1), the austenite fraction follows the NPLE value, because the Mn has not enough time to
partition from ferrite to austenite. In such case, it is possible to predict the austenite transformation
kinetics without detailed kinetics simulation. One just needs to know the PNTT temperature and the
austenite NPLE fraction vs. temperature. Conversely on slower heating (3°C.s'1), Mn has time to partition
and this cannot be neglected. Computer-efficient models like e.g. [WYC’81] can handle this. Such models
can also predict the critical heating rate above which the Mn will not have time to partition.

After fast heating, the austenite fraction exceeds the OE value at the end of the isothermal hold at

800°C. In accordance with literature (e.g. [LAI'16]), this occurs because the austenite was formed with Mn
composition out of equilibrium in previous stages. As Mn has no time to partition, the austenite ends-up
with too low amount of Mn in comparison with equilibrium.
A simple method to estimate the austenite fraction in excess is proposed here. One assumes that on
heating, the austenite forms under NPLE mode. At the end of heating, a fraction fNPLE is formed with the
bulk Mn composition of the steel, as suggested by the simulations (Figure 5.30). During the isothermal
hold at 800°C, one assumes that the austenite then forms a supplementary fraction (f*) with the OE Mn
content. This assumption is justified by the composition profiles and the tie-lines in Figure 5.25: Mn has
sufficient time to partition by fast diffusion in ferrite. Hence, the molar balance on Mn in Eq. (5.8) should
be verified. Calculation gives f,* = 33%, hence a total austenite fraction 82%, which is in good agreement
with the maximum fraction according to the simulation after fast heating (82%).
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Ui 1.94 2.44 R

Figure 5.30: Simplified Mn molar balance to predict the excess of austenite fraction after fast heating.

NPLE X 1.94 + 244 X f;F + (1 — f;¥ — fNPLE) X 115 = 1.94 (5-8)

Final interesting outcome of the DICTRA simulations in I cell is the prediction of residual
heterogeneities of Mn in the austenite. As mentioned in Section 5.4.1, this concerns first the previous
position of the carbides (termed as ghost cementite in [LI'10, SCO’18]). The Mn mass balance in the
microstructure is not much affected, because of the small fraction of cementite. Significant Mn
composition heterogeneities are also predicted outside the previous cementite position. Experimental
assessment of such heterogeneities would be interesting.
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Simulations on sub-system P are not elaborated here due to the limited representativeness of cell
P with respect to the true morphology of the fragmented cementite. Nevertheless, the simulations in sub-
system P confirm the fast transformation of pearlite to austenite, related to the fast diffusion of the species
in the ferrite and to the short diffusion distances. The predicted partition of Mn is in accordance with the
calculated PNTT temperature related to “Geometry B” (cf. Fig. 5.21), which is far higher than the
temperatures considered during the simulation. Despite the partition of the alloying elements, the
austenite transformation in system P is extremely fast. It is completed when the local Ae; temperature
(757°C, for Xc = 1.78 %at) is reached whatever the considered heating rate or Mn enrichment in the
cementite.

Austenite transformation process in sub-system A is quite simple: for both heating rates the
austenite fraction follows the NPLE value until full austenitization (local Aes in cell A is equal to 757°C).
Hence, sub-system A ends up with uniform Mn composition. The kinetics is carbon-controlled and
extremely fast. Kinetics modelling is actually not necessary, as it is reasonable to assume that the austenite
fraction follows the NPLE value on heating. At faster heating, the austenite transformation is too slow to
follow the NPLE fraction, but the discrepancy is very small. For example, after heating at 30°C.s-1, the time
necessary to complete the transformation is less than 1 s, once the annealing temperature 800°C has been
reached.

More complex situation would have occurred if larger size of A cell had been considered. As the
carbon content of A cell would be lower, austenite fraction at equilibrium would be less than 100%. After
growth in NPLE mode, different kinetics stages involving the partition of Mn between ferrite and austenite
would have occurred, like investigated for example in [WEI'13]. We carried out complementary DICTRA
simulations (not shown here) to confirm this behavior.

5.5 Comparison between simulations and experiments

Before presenting the comparisons between the simulations and the experiment, it is reminded
that the DICTRA simulations were carried out assuming a simplified composition of the steel (ternary
system Fe-C-Mn). The consequence is to overestimate the austenite fraction. For example, at 800°C the
austenite fraction at OE for the full steel composition is 81% instead of 86% for the simplified steel
composition. The three sub-systems are combined to obtain the global austenite transformation kinetics
simulated with DICTRA, following the summation procedure below.

5.5.1 Calculation of global Kkinetics from specific kinetics in I, P, A cells

According to our geometrical representation of the microstructure and the austenitization
process (Figure 5.16), two stages are distinguished:

e Stage 1, pearlite transformation into austenite and austenite formation from isolated carbides.
Simulations on cells P and I contribute to the overall kinetics. The overall austenite fraction reads:

fr=fPR+ 't (5.9)

where f? and f! stand for the volume fraction of sub-systems P and I, respectively. fyp and fy’ are the

volume fraction of austenite transformed in the latter sub-systems. As seen in Chapter 2 and 3, the initial
volume fraction of pearlite is 16%. As justified in Section 5.3.2.c, volume fraction of system I is equal to
56%. (Hence a remaining fraction 28% does not transform during Stage 1).
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Stage 2: growth of austenite grains which result from pearlite transformation into ferrite and continuation
of the austenite transformation from isolated carbides (cells A and I). The overall volume fraction of
austenite reads:

="+ 'y (5.10)

where f A stands for the volume fraction of sub-system A and fy“‘ the volume fraction of austenite inside

sub-system A. The volume fractions of sub-system A and I are equal to 44% and 56% respectively, as
justified in Section 5.3.2.c.

5.5.2 Slow heating

Figures 5.31 (a) and (b) compare the global kinetics simulated with DICTRA with the HEXRD
experiments presented in Section 5.2.2. First sluggish kinetics on stage 1 agrees well with the
experimental data up to 740°C. However, two successive accelerations of the calculated kinetics occur at
ca. 745 and 757°C, leading to a significant overestimation (ca. 15%) with respect to the experimental
curve. These temperatures correspond respectively to the dissolution of the isolated carbides and the
pearlite. Conversely, the experimental curve does not show any sharp acceleration of the kinetics, except
the transition from sluggish to fast regime starting at 730°C, but which is rather progressive. In the
experimental curve, isolated carbide and pearlite transformation events are actually not clearly
distinguishable.

Stage 2 (ferrite to austenite transformation) marks a kinetics slowdown in the simulation. The
discrepancy with the experiment remains nearly constant up to ca. 785°C; it increases further up to 800°C.
After completion of the heating stage, the simulated austenite fraction reaches 73%, i.e. about 30% more
than that experimentally measured.

When the isothermal holding at 800°C starts, the sub-system A is integrally austenitized, while the
sub-system I has almost reached the austenite fraction expected from thermodynamic equilibrium. There
remains thus only a very low fraction of austenite to transform. The ortho-equilibrium austenite volume is
reached in less than 10s holding. Thus, the simulated kinetics curve exhibits a sharp end, contrary to the
experimental curve which shows a progressive slow-down; thermodynamic equilibrium is reached after
300 s holding at 800°C according to the experiment.
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Figure 5.31: Comparison between calculated (DICTRA) and experimental (HEXRD) austenite volume fractions during
(a) fast heating at 3°C.s! and (b) for the whole thermal treatment (heating stage + holding).
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5.5.3 Fast heating

During fast heating, the simulated and experimental kinetics curves show a time discrepancy
inferior to ca. 1 s (Figure 5.32(b)). Plotted as a function of temperature (Figure 5.32(a)), the calculated
austenite fraction curve shows a discrepancy with the experiment (overestimation ca. 15%) which is
established at the start of the transformation and then remains nearly constant up to 800°C. The austenite
transformation starts in temperature range 720-730°C according to the simulation, instead of 740-750°C
according to the experiment. Like for slow heating, two marked accelerations are visible in the simulation
curve at ca. 730°C and 755°C, corresponding respectively to isolated carbide and pearlite transformation.
The kinetics are well captured by the simulation during stage 2. At 800°C, the calculated fraction of
austenite reaches 63%, vs. 45% experimentally. During isothermal hold at 800°C, the austenite fraction
reaches quickly a maximum value (90%) in short time (less than 3 s). Like for the slow heating, the
transformation ends abruptly, whereas the experimental kinetics shows a much more progressive slow-
down. The final austenite fraction exceeds the OE value by ca. 5%, in accordance with the experiment.
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Figure 5.32: Comparison between calculated (DICTRA) and experimental (HEXRD) austenite volume fractions during
(a) fast heating at 30°C.s* and (b) for the whole thermal treatment.

5.5.4 Discussion

Despite the strong simplifications in the representation of the microstructure, the thermokinetic
simulation with DICTRA permitted to understand further and to predict several features of the
austenitization process.

e The overall austenite transformation kinetics is predicted with reasonable accuracy during the
heating stage. The time discrepancy between simulation and experiment remains of the order of 1 s
during heating at 30°C.s'? and a few seconds during heating at 3°C.s'l. The overestimation of the
kinetics with respect to the experiment comes in part from the simplification of the steel composition,
which conducts to overestimate the austenite fraction by ca. 5%.

e In the case of the slow heating at 3°C.s’}, the first sluggish stage of the isolated carbides dissolution is
well predicted thanks to the thermokinetic simulation which takes account of the partition of the Mn
below the PNTT.

e In line with the analysis of experiments (Section 5.3.2.b), it has not been necessary to consider any
influence of the ferrite recrystallization on the austenite transformation (such as accelerated
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diffusion). This does not mean that the recrystallization has no effect at all on the austenitization
process. It determines strongly the austenite microstructure morphogenesis as shown in Chapter 2.
However, the effect on the austenite transformation kinetics is not obvious, as elaborated in Section
5.2.4.a.

The fragmented pearlite transformation to austenite occurs in the same narrow temperature range
735-755°C whatever the heating rate and the pearlitic cementite composition, in accordance with
microstructural observations. Fast transformation is possible with redistribution of Mn, because of
the short diffusion distance and fast diffusion in ferrite, as demonstrated by the simulations.

The simulations describe properly the out of equilibrium austenite transformation leading to final
austenite fraction exceeding the OE, and final Mn heterogeneities in austenite. These successful
predictions are due to the description of the austenite transformation process from the isolated
carbides (in I sub-system).

Nevertheless, several important experimental trends are not reproduced:

The faster transformation kinetics during faster heating: experimentally, the austenite fraction vs.
temperature curves at 3°C.s'! and 30°C.s'! are not significantly different (cf. Fig. 5.11 and 5.12). This
means that the amount of austenite transformed per unit time is much higher at 30°C.s-1 than at 3°C.s-
1. In opposition with these experimental trends, the calculated fraction of austenite is lower at 30°C.s1
than at 3°C.s'! when the temperature 800°C is reached.

The smooth, progressive experimental kinetics during the heating, whereas sharp accelerations are
predicted by the simulations, when the isolated carbides and the pearlite dissolve.

The pronounced slow-down of the kinetics during isothermal hold at 800°C for both heating rates,
whereas fast and abrupt termination of the transformation is predicted by the simulation.

These discrepancies come in large part from the simplified representation of the microstructure.
Strongest assumptions are:

The separation of P/A and I sub-systems into isolated systems, whereas in the true microstructure,
these sub-systems interact with each other. In the real microstructure:

The isolated carbides can be surrounded by the growing CRA grains and then dissolve inside the
austenite; these can also dissolve at some distance of a nearby CRA grain, by diffusion from the
carbide to the CRA grain through the ferrite.

The CRA grains are confined inside a too small A sub-system, leading to 100% austenite in present
simulations at ca. 800°C. This in contradiction with the SEM micrographs (Figures 2.19 and 2.21): CRA
grain growth is far from being complete at the start of the isothermal hold.

The immediate saturation of the nucleation sites related to the isolated carbides, as our simulations
do not include any nucleation rate. This is in contradiction with the microstructural observations of
Chapter 2, where progressive austenite nucleation on isolated carbides was put into evidence.
(Besides, immediate nucleation at pearlite boundaries is justified).

The unique size and composition assumed for the carbides (either isolated or inside pearlite),
whereas the experiments (Chapter 2 and Chapter 3) showed that there is a distribution of carbide
sizes and compositions.

The unique size of the fragmented pearlite islands.

There is no accounting of the percolation of the microstructure. As shown in Chapter 2, the
microstructure at some point is better described by ferrite grains surrounded by growing austenite
(instead of austenite grains expanding into a ferrite matrix according to our representation in A and I
cells).

The discrepancies mentioned above are interpreted as follows:
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e The too sharp acceleration of the calculated kinetics associated with the isolated carbides dissolution
comes from the assumed immediate nucleation and the assumption of one single size and
composition of these carbides. In the real microstructure, the dissolution of these carbides is spread
over a larger temperature range.

e The sharp acceleration upon pearlite transformation is due to the absence of pearlite island size
distribution.

e The absence of progressive slowdown during isothermal hold at 800°C has two origins:

- The too small size of cell A: fast transformation in NPLE mode is completed or almost completed
at 800°C at both heating rates. Inside a larger cell A, transition to more sluggish growth
involving Mn partition would eventually have occurred.

- The non-accounting of the percolation.

e The too slow kinetics predicted on fast heating at 30°C.s"! has no straightforward interpretation. One
can cite [AZI'11] where it is shown that faster heating leads to larger number density of austenite
nuclei (see Section 2.1.3.a). Hence, introducing a nucleation rate could improve this part of the
simulations. As for the interaction with recrystallization, it is again not thought to have a clear effect
on the kinetics as mentioned previously.

Despite these limitations, this simulation study provides the basis for a simplified and computer-efficient
modeling of the austenite transformation kinetics, at least inside respective cells [ and A.
In cell [, one can consider the following stages:

- Immediate dissolution of cementite once the PNTT is reached.

- Growth of austenite under NPLE mode (austenite fraction follows the NPLE value)

- Growth of austenite with partition of Mn and diffusion of Mn in ferrite.
Both first stages only require thermodynamic calculation (PNTT, NPLE austenite fraction vs.
temperature). Only the last stage needs a kinetics simulation. The computer-efficient model of [WYC’'81]
for instance can be employed for this part of the simulation.

This sequence is the same in cell A, except that the first stage consists of the transformation of the
fragmented pearlite. It does not need to be described with a detailed kinetics model, as it occurs quickly in
narrow temperature range which depends weakly on the heating rate or the pearlitic cementite Mn
composition.

Some effort has still to be done to represent properly the overall microstructure. This concerns the
respective fractions of cells A and I, the introduction of a distribution of isolated carbides sizes and
compositions and the introduction of the percolation. Development of a nucleation-growth model may
also be envisaged as computer-efficient tool suitable for industrial application.

5.6 Conclusion

The austenite transformation kinetics have been measured in situ via HEXRD experiments during
which intercritical annealing to 800°C were reproduced using slow and fast heating rates (3 and 30°C.s1).
It was shown that the transformation occurs faster on heating when a fast heating rate is applied. Fast
heating also leads to faster austenite transformation kinetics during subsequent isothermal hold at 800°C;
the final austenite fraction exceeds the thermodynamic equilibrium value after faster heating.

During heating, two stages of the kinetics occur at both heating rates: slow then fast. The
acceleration is concomitant with the transformation of the pearlite islands. The Mn concentration in
cementite has no strong effect on the overall kinetics. There is no clear influence of the ferrite
recrystallization on the austenite transformation kinetics. Its impact is rather limited to the
morphogenesis of the austenite microstructure.
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A new simulation framework has been introduced to investigate separately with DICTRA software
the austenite transformation from the isolated inter-granular cementite particles and from the pearlite
bands. Simulation parameters (carbide size, compositions, ..) are derived from experimental
characterizations, but simplified ternary Fe-C-Mn system is considered. Only adjustable parameter is the
respective volume fraction of both sub-systems in the overall microstructure.

In both cases, the austenite growth into cementite and ferrite have been modeled with particular
attention on interface conditions and by identifying the rate-limitant process (either carbon diffusion in
austenite, or Mn diffusion in ferrite, then austenite). Previous similar studies of literature focused on
isothermal conditions; we focused here on anisothermal treatments. Moreover, we consider both sites for
austenite formation: pearlite islands and isolated carbides; the latter are generally neglected in literature.

The transformation of fragmented pearlite depends weakly on the heating rate or the pearlitic
cementite composition in Mn. It occurs very fast with partition of Mn, made possible by the fast diffusion
in ferrite. The resulting carbon-rich austenite (CRA) grain then grows into the surrounding ferrite with
NPLE mode until reaching the maximum fraction at 800°C predicted by NPLE in a short time. Hence this
part of the process also depends weakly on the heating rate.

Conversely the isolated carbides dissolution is strongly dependent on heating rate and Mn
composition. Sluggish dissolution involving Mn partition occurs below the PNTT, followed by fast carbon-
controlled dissolution above the PNTT. The PNTT is increased for higher Mn concentration in cementite.
These effects are not clearly visible on the experimental global austenitization kinetics, as the carbides
have various sizes and compositions. The austenite formed from these carbides grows then into ferrite
firstin NPLE mode, then with partition of Mn involving Mn diffusion in ferrite.

Out of equilibrium austenite formation can lead to austenite fraction “overshoots” with respect to
equilibrium, in accordance with the experiment, which can be predicted as a function of heating rate. This
is an essential outcome of the simulations: the austenite fraction depends more on the heating rate than
on the cementite composition in Mn. Other interesting outcome is the prediction of C and Mn
heterogeneities in austenite, the latter being remnants of enriched carbides or signature of the a/y tie-line
evolution during the austenite growth. Such heterogeneities are well known in DP steels and our approach
with sub-systems may allow to predict these.

Further work has to be done to improve the representation of the overall microstructure, but the
bases are set for the fast, computer-efficient modeling of austenite transformation from pearlite and
isolated carbides as separate nucleation sites.
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Conclusion and Outlooks

Conclusions

Ferrite/Martensite Dual-Phase steels are largely used in the form of thin sheets in the automotive
industry for their excellent balance between resistance and strength and thus for their lightening
potential. They are elaborated by continuous casting, hot- and cold- rolling, followed by a continuous
annealing. During the heating and the soaking stages of this latter process, the deformed ferrite/pearlite
microstructure obtained after rolling evolves is transformed into a recrystallized ferrite-austenite
microstructure. This PhD thesis aimed at understanding the different metallurgical mechanisms occurring
during these manufacturing stages as carbides ripening, recovery, recrystallization and austenite
transformation and all their possible interactions. Through this work, the mechanisms were characterized
at different scales and by in situ technics on an industrial steel and modeled by physical based approaches.

The morphogenesis of the ferrite-austenite microstructure during annealing from the deformed
ferrite-pearlite microstructure has been first studied at low magnification (SEM), in order to understand
qualitatively the possible interactions between the latter mechanisms.

A low heating rate (3°C.s'!) permits a full recrystallization of ferrite before austenite transformation
occurs (710°C). The austenite appearing during intercritical annealing comes mainly from the
transformation of pearlite bands. The formation of austenite around ferrite grains is also possible thanks
to intergranular cementite particles inherited from the hot-rolling process. They dissolve to the benefit of
austenite whose growth is promoted along the recrystallized ferrite grain boundaries, forming austenite
rings around the ferrite grains creating the so-called “necklace” topology.

Fast heating (30°C.s'1) does not enable the recrystallization to occur before phase transformation (720°C).
Thus, during reverse transformation, pearlite bands are transformed but austenite also nucleates on the
inter-granular cementite particles which kept their initial aligned distribution along deformed ferrite
grain boundaries. One obtains then the “banded” morphology made alternatively of the transformation of
pearlite bands and linear arrays of carbides parallel to the former pearlite bands.

As already shown in the literature, our experiments demonstrate that recrystallization and
austenite transformation kinetics as well as the resulting spatial and morphological distribution of the
phases are highly sensitive to the heating rates. The work carried out tends to confirm Li et al’s
representation of these related interactions.

The Mn composition of cementite throughout the manufacturing route was measured by TEM

from the pearlite transformation at 570°C (occurring just before coiling process) to the cementite
dissolution during subsequent annealing at about 700°C. Pearlite transformation occurs with a
signification Mn partition between ferrite and pearlite (6.5%). The measured enrichment has been
predicted with a remarkable agreement by a thermodynamic analysis inspired by Hutchinson et al..
Slow heating (3°C.s1) permits a further increase in Mn enrichment of cementite. The equilibrium
composition, i.e. a high concentration of Mn in cementite (11%) is attained before carbide dissolution. On
the contrary, fast heating (30°C.s'1) does not let time to Mn for further partition. The cementite keeps its
initial Mn concentration before dissolution. All these experimental results are sustained by DICTRA
simulations after the reassessment of the Mn diffusion coefficient. A simplified 1-D Finite Difference tool
that reproduces the results obtained by DICTRA with a far better CPU-efficiency has been developed and
is now also available for product line management.

A unique methodology has been developed to track in-situ and concurrently the recovery, the
recrystallization and the austenitization during continuous heating and/or isothermal holding of the
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studied steel. This method is based on HEXRD experiments on a synchrotron beamline and the obtained
measurements were validated by more conventional microscopy techniques.

For both slow and fast heatings, recovery is initiated near about 380°C. During slow heating, the

recrystallization starts at 675°C and ends at 710°C, hence before the reverse transformation starts. For
fast heating, recrystallization starts at the same temperature as the reverse transformation at 720°C. In
isothermal condition, recrystallization occurred only for temperature as high as 650°C.
Physically based models describing both recovery and recrystallization and their couplings have been
developed and adapted to the case of cold-rolled ferrite-pearlite steels. The nucleation flux is governed by
the SIBM theory and the growth of new grains is calculated by a mobility equation. The recrystallized
fraction is calculated using the extended volume theory. The parameters and mobility functions were
calibrated to best reproduce observed experimental trends. The experimental kinetics determined during
continuous heating and model isothermal holding were very well replicated as well as the grain sizes
measured on the SEM micrographs. The prediction of the model once adjusted has been challenged to
assess the effect of the cold-rolling ratio on recrystallization kinetics with a very reasonable agreement.

Austenite transformation Kkinetics were measured in situ via HEXRD experiments for slow and fast
heating rates up to 800°C (3 and 30°C.s'1). Austenite volume fraction transformed during the heating stage
are similar regardless the heating rate, highlighting the fact that the transformation is faster when fast
heating. The transformations are slow below 740°C but speeds up when pearlite dissolution starts. The
microstructures are half austenitized at end of the heating step, but the thermodynamic equilibrium is far
from being achieved. For both heatings, the transformation saturates after 300s during a further
isothermal at 800°C. Transformation after fast heating produces a higher austenite amount than expected
from the thermodynamic equilibrium.

DICTRA simulations were carried out to study separately and independently the growth of

austenite nucleated on pearlite islands (with a banded morphology inherited from the cold-rolling stage)
and on intergranular isolated cementite particles. In both cases, it occurs into two stages; the dissolution
of cementite and the growth in ferrite.
The dissolution of the pearlite bands occurs at 740°C, independently from the heating rate and from their
Mn enrichments. This finding obtained by simulation is consistent with our microstructural
characterization. The dissolution stage of pearlite is followed by a rapid growth of the newly formed
austenite bands into the surrounding ferritic matrix.

The dissolution of intergranular cementite particles depends on their Mn composition. A
transition temperature between a slow and fast dissolution regime has been identified, suggesting that the
carbide dissolution is delayed to high temperatures if cementite is enriched in Mn. After dissolution, the
growth of resulting austenite is controlled by the local equilibrium prevailing at the austenite/ferrite
interface. It occurs with partition of manganese at low heating rates and without at high rates. As a
consequence, transformations kinetics is faster at high heating rate and hardly depends on previous
carbide enrichment.

During the heating stage of the studied annealing cycle, global transformation kinetics is rather
well captured by DICTRA simulations considering the two sub-systems but is overestimated during the
soaking stage. When slow heating, austenite nucleation onsets close to the predicted Aci temperatures. In
contrast, with slow heating, one pointed out the fact that recrystallization was necessary to permit
austenite nucleation on the isolated intergranular carbides.

Our three most important results are thus summarized as follows:

The recrystallization process during annealing affects significantly the distribution of phases
during annealing of a deformed ferrito-perlitic structure. The underlying mechanism of interactions
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suggests a key role played by intergranular carbides in ferrite, which will serve as preferred nucleation
sites.

Cementite is formed with Mn partition during hot-rolling and this enrichment is reinforced during
subsequent heat treatments (coiling and annealing). However, the levels of encountered enrichments in
the studied steels are not sufficient to have a strong impact on transformation kinetics.

The austenite transformation kinetics of the studied steels during continuous heating can only be
understood and modeled if the dissolution of cementite and the growth of austenite are considered
separately at the level of pearlitic islands and isolated carbides. The high sensitivity of austenite
transformation kinetics observed at low temperature in the studied steel is explained by different growth
modes of austenite, with or without partitioning of manganese. Under these simplifying assumptions, the
kinetics predicted overestimate nonetheless the slow kinetics observed during holdings at high
temperatures.

Outlooks

This work provides numerous new opportunities for future researches in different fields. Most of
them have already been discussed in the text and are just reminded below:

- All the data gathered during the HEXRD have not been exploited yet! For instance, annealing
treatments at very high heating rates (100°C.s1) have been also conducted. These results could serve to
assess the limit of our models but also to explore the interest of new manufacturing ways for DP steels
(inductive heating for instance). Model microstructures (fully ferritic or fully pearlitic) with the local
compositions/deformations of the ferrite-pearlite microstructures have also been studied (continuous
heating and model isothermal holding). These data could be also useful to calibrate the kinetic models of
chapter 5.

- It seems now very important to understand better the formation of intergranular carbides
during hot-rolling and how they evolve during the recrystallization. In fact, our work has revealed a
surprising increase in the number of intragranular carbides during the heating stage and a possible
dissolution/precipitation mechanism to investigate. This process could explain why austenite
precipitation starts at lower temperature than expected on the intergranular carbides after
recrystallization.

- The new HEXRD methodology to follow in situ recrystallization process of ferrite need surely to
be validated on more known systems. The use of advanced set-up could also permit to avoid observed
texture effect (rotating sample).

- It would probably be very useful to continue DICTRA modelling work on sub-systems by
introducing a unified and average system to describe the growth of austenite after percolation (typically
for fractions higher than 30%). At this point, other geometrical configurations could also be tested
(inverted spherical growth). The objective is, of course, to better understand why kinetics is poorly
described during holding (overestimated).

- Last but not least, a simplified mean-field approach for predicting austenite growth remains to

be developed to permit fast calculations in industrial conditions. To do, the model of Wycliffe et al. has
already been identified as a serious and convincing candidate.
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Appendix: re-assessment of the diffusion
coefficient for Mn in cementite

In chapter 2, the value of the diffusion coefficient for Mn inside cementite was increased by a
factor 2000 to ensure good agreement between our experimental results and thermokinetic simulations.
In the same manner, several authors claimed the need in reassessing this value, since many studies
showed strong discrepancies between experiments and theory [LIU’09, SON’14, WU’18]. Recently, Wu
and Hutchinson [WU’18] have proposed a new diffusion coefficient, being significantly higher in
comparison to that employed so far. For that purpose, they performed a large number of measurements
during isothermal holdings in the 400-600°C temperature range. In current section, one aims at clarifying
the origin of the mobility values stored in the MOBFE2 database. The coefficient used in this work is
compared with the original one from the MOBFEZ2 database as well as the one recently established by Wu
and Hutchinson.

Diffusion coefficient for Mn inside cementite according the MOBFE2 database

The values of the diffusion coefficients are determined from numerous possible experiments,
whose an exhaustive list is given in [MEH’07]. Because of experimental difficulties, these measurements
are performed on convenient C-M binary systems, where M stands any substitutional component. Table A
summarizes for instance the multicomponent systems which have been studied to build the MOBFE2
thermodynamic database [MOB2]

Binary:

Ferrite a C-Fe C-Cr Cr-Fe Cr-N Cr-Ni Fe-N Fe-Ni Al-Fe

Austenite y Al-Cr Al-Ni C-Fe C-Ni Co-Fe Cr-Fe Cr-Ni Cu-Fe Fe-Mn Fe-N
Ternary:
Ferrite a C-Cr-Fe
Austenite y Al-Cr-Ni C-Cr-Fe C-Fe-Ni Co-Fe-Ni

Higher order systems:

Ferrite o C-Cr-Fe-N-Ni

Austenite y C-Cr-Fe-N

Table A: list of the multi-components systems experimentally investigated to build the MOBFE2 database. [MOB2]
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Thus, the data were produced only from ferrite and austenite, but not from iron carbides as
cementite. More important, exact data accounting for ternary systems are missing, whereas it is the most
encountered cases. In practice, the diffusion coefficients for higher order systems are determined by
extrapolating the values of the concerned binary systems. For example, in the Fe-C-Mn system, the
relevant coefficients are calculated upon extrapolating the experimental values from Fe-C and Fe-Mn
systems. For a detailed description of the extrapolation procedure, the reader is referred to [DIC’16].
Lastly, the various authors who have investigated Mn diffusion in steels (referred in [MEH’07]) did not
investigate temperatures lower than 700°C, raising the question about the validity of this coefficient for
lower temperatures and sustaining the initiative of Wu and Hutchinson.

DICTRA does not provide any information about the manner with which the diffusion coefficient
for Mn inside cementite is computed. From Agren et al. [AGR’86], the Arrhenius law describing the
diffusion coefficient for Mn diffusion in cementite was arbitrary considered to be the same than that for
Mn diffusion in austenite, following a suggestion from Hillert et al. [HIL'69].

Comparison of the diffusion coefficients

Figure 1 and Table B compare the standard diffusion coefficient for Min in cementite stored in the
DICTRA MOBFE2 database (black line), the one reassessed in Chapter 3 (red line) and the new one
recently established by Wu and Hutchinson. One reminds that in Chapter 3, the standard diffusion
coefficient of DICTRA was multiplied by a factor 2000 to obtain a good agreement between experiments
and simulations.
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Figure 1: Comparison between the diffusion coefficient values for the standard one stored in the MOBFE2

database (black), the one employed in the current investigation and the new one published by [WU’18].
The related Arrhenius law parameters are reported in Table B.

186



MOBFE 2 Current work Wu and Hutchinson

Pre-exponential factor 1.05x 105 2.1x103 7.86x 107

Activation enthalpy (k].mol1) 286000 286000 200550

Table B: Arrhenius law parameters for the Mn diffusion coefficient in cementite.
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Mécanismes métallurgiques et leurs interactions au recuit d’aciers ferrito-perlitiques
laminés: caractérisation et modélisation

Les aciers Dual Phase (DP) ferrito-martensitiques sont largement utilisés sous la forme de toles
minces dans la construction automobile en raison de leur excellent compromis résistance/ductilité et
donc pour leur potentiel d’allegement. Ils sont élaborés par coulée continue, laminage a chaud et a froid
suivis d'un recuit continu. Durant 'étape de chauffage et de maintien de ce recuit, la microstructure
ferrito-perlitique déformée issue des étapes de laminage se transforme en microstructure ferrito-
austénitique recristallisée. L’expérience montre que les cinétiques de recristallisation et de
transformation ainsi que la distribution spatiale et morphologique des microstructures résultantes sont
tres sensibles aux vitesses de chauffage. Ce travail de these s’intéresse aux différents mécanismes
expliquant cette sensibilité comme la maturation des carbures, la restauration, la recristallisation de la
ferrite et la transformation austénitique et toutes leurs interactions. Ces mécanismes métallurgiques ont
été caractérisés a différentes échelles et par des approches in situ sur un acier industriel puis modéliser
par des approches a base physique pour guider une possible production.

Apreés un premier chapitre dédié aux techniques expérimentales et de modélisations utilisées, le
second chapitre de ce travail s’'intéresse principalement a la caractérisation de la morphogénese des
microstructures ferrito-austénitique en microscopie électronique a balayage (MEB). Le troisieme chapitre
est une étude détaillée en Microscopie Electronique a Transmission (MET) et par modélisation
thermocinétique (ThermoCalc, DICTRA) de la composition des carbures tout au long du processus, du
laminage a chaud au recuit. Restauration et recristallisation sont étudiées au chapitre 4 principalement
par des expériences in situ en Diffraction des Rayons X a Haute Energie (DRXHE) sur ligne de lumiére
synchrotron et modélisées par une approche originale a champs moyen. Enfin, le chapitre 5 propose une
étude sous DICTRA pour comprendre les cinétiques de transformation austénitique en fonction des
vitesses de chauffe. Cette approche est novatrice car elle prend en compte les carbures intergranulaires de
la ferrite, a été conduite en conditions anisothermes et propose une analyse fine des modes de croissance
de I'austénite associées au manganése, élément clef de la composition de ces alliages.

MOTS CLES : ferrite, perlite, recristallisation, modélisation, diffraction, austénitisation

Metallurgical mechanisms and their interactions during the annealing of cold-rolled
ferrite-pearlite steels: characterization and modeling

Ferrite/Martensite Dual-Phase steels are largely used in the form of thin sheets in the automotive
industry for their excellent balance between resistance and strength and thus for their lightening
potential. They are elaborated by continuous casting, hot- and cold- rolling, followed by a continuous
annealing. During the heating and the soaking stages of this latter process, the deformed ferrite/pearlite
microstructure obtained after rolling evolves is transformed into a recrystallized ferrite-austenite
microstructure. The experiments show that recrystallization and austenite transformation kinetics as well
as the resulting spatial and morphological distribution of the phases are highly sensitive to the heating
rate. This PhD thesis aims at understanding the different metallurgical mechanisms explaining this
particular sensitivity as carbides ripening, recovery, recrystallization and austenite transformation and all
their possible interactions. The mechanisms were characterized at different scales and by in situ technics
on an industrial steel and model by physical based approaches in order to drive future production lines.

After a first chapter dedicated to the experimental and modeling methods, the second chapter
deals with the characterization of the morphogenesis of ferrite-austenite microstructures by Scanning
Electron Microscopy (SEM). Chapter 3 is a study by Transmission Electron Microscopy (TEM) and by
thermokinetic modeling (ThermoCalc, DICTRA) of the chemical composition of carbides along with
manufacturing, from hot-rolling to annealing. Recovery and recrystallization are studied in chapter 4 by
the means of in situ High Energy X-Ray Diffraction (HEXRD) experiments conducted on a synchrotron
beamline and modeled by an original mean-field approach. Finally, chapter 5 proposes an analysis with
DICTRA to understand austenite transformation kinetics as function of heating rates. The proposed
approach is innovative as it accounts for intergranular carbides in the ferrite matrix, is conducted in non-
isothermal conditions and propose a fine analysis of growth modes of austenite associated to manganese,
a key alloying element of the studied steels.

KEY WORDS: ferrite, pearlite, recrystallization, modeling, diffraction, austeniti
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