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Résumé étendu 

Ce résumé ne reprend que les points principaux de l’étude et est donc non exhaustif. Nous engageons 

donc le lecteur à lire le document principal pour y retrouver l’intégralité de nos résultats.  

Contexte 

Les aciers martensitiques ont été utilisés de longue date par l’homme pour des usages agricoles (faux, 

pioches …) ou militaires (katana, épées, armures…). On les retrouve encore à l’heure actuelle dans 

de nombreuses applications où l’on recherche une haute résistance mécanique à la rupture (y 

compris en fatigue) ou à l’usure. C’est par exemple le cas des trains d'atterrissage des avions ou des 

carrosseries automobiles. La martensite est l'une des phases les plus résistantes des aciers, avec une 

limite d'élasticité et une résistance à la traction élevées. Ces propriétés mécaniques permettent 

d’offrir des structures sures  et légères. En effet, l'épaisseur d'une pièce réalisée avec un matériau 

conventionnel peut être réduite, et sa masse en conséquence, si elle est réalisée avec un acier 

martensitique, sans modifier ses performances mécaniques globales. L'allègement des structures est 

l'une des méthodes clés pour réduire la consommation énergétique, les émissions de gaz à effet de 

serre et l’empreinte environnementale au sens large de tous les moyens de transport. Les aciers 

martensitiques ont donc toute leur importance du point de vue socio-économique. 

Un exemple notable : l'un des concepts métallurgiques qui a révolutionné le marché et les méthodes 

de production des pièces automobiles au cours des 20 dernières années est sans aucun doute 

l’emboutissage à chaud (hot-stamping en anglais, également appelé press-hardening). Ce procédé 

consiste à emboutir une pièce à haute température dans l'état austénitique et, ensuite, à la tremper 

entre  outils pour obtenir une structure à l’état martensitique. L'étude des aciers pour emboutissage 

à chaud (ou Press-hardening steels (PHS)) présente donc un fort intérêt industriel et 

environnemental. 

Introduction et problématique 

Du point de vue cristallin, la martensite est une phase ferritique cubique centrée (CC), ou légèrement 

quadratique centrée, formée par la transformation displacive et sans diffusion de l'austénite, phase 

cubique à faces centrées (CFC), la phase stable à haute température des aciers au carbone. Le 

processus d'obtention de la martensite consiste ainsi en une austénitisation complète suivie d'un 

refroidissement rapide, appelé "trempe", du domaine des hautes températures jusqu'à la 

température ambiante. Ce refroidissement rapide permet d'éviter toute autre transformation 

diffusive comme la transformation ferritique, perlitique ou bainitique avant la transformation en 

martensite. Cette dernière commence sous une température seuil, appelée Ms pour martensite start, 

comme définie sur la Figure 1. Comme la transformation martensitique est displacive et 

indépendante du temps, la cinétique de transformation martensitique est souvent décrite dans la 

littérature par la célèbre équation de Koistinen-Marburger (KM) qui affirme que la fraction 

transformée dépend uniquement de la température considérée et de la Ms de l’austénite. Cette 
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transformation rapide ne permet pas aux atomes de carbone de diffuser hors de la nouvelle structure 

ferritique, qui est donc métastable du point de vue thermodynamique. Elle s’accompagne aussi d’une 

déformation de transformation importante et donc de phénomène de relaxation plastique. La 

martensite brute de trempe contient donc naturellement de fortes densités de dislocations et 

présente de fortes contraintes internes non relaxées à l’échelle de la microstructure. Une autre 

spécificité des microstructures martensitiques bas carbone, sujet de l’étude, est leur organisation 

microstructurale. Elles présentent une structure aciculaire, dite en lattes, avec une microtexture 

particulière héritée d’une relation d’orientation avec la phase mère. Ces lattes présentent une grande 

diversité d’épaisseurs mais restent sub-micrométriques (cf. Figure 2a). 

Un second traitement thermique, appelé revenu, est souvent appliqué à la martensite brute de 

trempe dans le but d'améliorer sa ténacité et sa ductilité, au détriment d’une perte en résistance. Ce 

traitement thermique est effectué à des températures, généralement comprises entre 170 °C (cuisson 

de la peinture des caisses automobiles) et 400 °C pour les aciers martensitiques mise en forme par 

roll-forming. Pendant le revenu, plusieurs phénomènes métallurgiques activés thermiquement se 

produisent, notamment la ségrégation du carbone sur les défauts cristallins, la précipitation de 

carbures de transition, la décomposition de l'austénite résiduelle et la formation de cémentite. La 

densité élevée de dislocations dans la martensite de la latte brute de trempe diminue au cours d'un 

traitement de revenu. Ce dernier phénomène est connu sous le nom de restauration. 

Les propriétés mécaniques de la martensite ont été largement étudiées pour son importance 

technologique. Il est assez bien établi que la martensite à l'état trempé présente une résistance 

mécanique élevée, une limite d'élasticité conventionnelle élevée mais un faible allongement total. 

Elle est considérée comme une microstructure "fragile" dans ce sens. Cette observation trop rapide 

cache en fait une complexité importante car les propriétés des aciers martensitiques dépendent 

fortement de leur teneur en carbone ou de leur état de revenu. De plus, si l'on regarde de plus près 

leur comportement mécanique, on constate qu'ils présentent une faible limite de microplasticité et 

un très fort écrouissage initial, caractéristique que l'on retrouve paradoxalement dans les aciers 

multiphasés1. Même si les aciers martensitiques sont connus et utilisés depuis des millénaires, 

l'origine de leur résistance et de leur écrouissage est restée une source de controverse. Un 

changement de paradigme s'est produit au cours des dernières années concernant leur 

compréhension. De nombreux chercheurs ont mis en évidence l'intérêt de décrire la martensite de 

latte non pas comme une phase « uniforme et homogène » mais plutôt comme un agrégat multiphasé. 

Cet agrégat serait le résultat de la nature séquentielle de la transformation de phase de la martensite, 

progressivement, de la température Ms à la température ambiante2.  

La Figure 1 représente schématiquement comment se forme progressivement la microstructure 

martensitique (microstructure et cinétique) et pourquoi il en résulterait une forte dispersion des 

grandeurs microstructurales (densités de dislocations, taille des structures, état de ségrégation du 

carbone) et mécaniques (contraintes internes), dans la microstructure finale à température ambiante.   
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Figure 1: Représentation schématique de la nature séquentielle de la transformation martensitique montrant comment la distribution 

des densités de dislocations, de l'état de ségrégation/précipitation, de la taille caractéristique des lattes et les contraintes internes 

apparaissent à l'échelle de la microstructure tout au long du processus. 

 

Dans ce nouveau cadre original, l’objectif principal de cette étude est d'améliorer la compréhension 

de la relation entre la nature séquentielle de la transformation martensitique, les distributions de 

microstructure associées (densités de dislocation, tailles de microstructure, états de carbone, 

contraintes internes) et le comportement mécanique final. Une autre originalité de ce travail est de 

montrer que les effets de la trempe et de revenu peuvent être traités dans le même cadre et un modèle 

unifié pour les aciers trempés/revenus est proposé. Ce travail est basé à la fois sur une approche 

expérimentale multi-échelle et sur la modélisation, ce qui permet de consolider et d'aborder les 

questions métallurgiques et mécaniques. 

Chapitre 1 : Matériaux et Méthodes  

Dans la présente étude, trois aciers avec des teneurs en carbone différentes (0.11, 0.21, et 0.31 % en 

poids) fournis par ArcelorMittal Maizières Research SA ont été utilisés. Il s’agit d’aciers bas carbone 

destinés à la fabrication de tôles minces, ce qui n’enlève rien à la généralité de l’étude. 

La microtexture et les tailles résultantes des aciers sont étudiées par microscopie électronique à 

balayage et diffraction des électrons rétrodiffusés MEB-EBSD. L'évolution des densités de 

dislocation et leur distributions spatiales sont caractérisées par des expériences in situ de diffraction 

de rayons X à haute énergie (DRXHE). Des expériences de tomographie par sonde atomique 

tomographique 3D (3DSAT) ont été réalisées pour caractériser l'état de ségrégation du carbone à 

l'état trempé. La DRXHE in situ a également été appliquée pour étudier l'évolution de la séquence 

de précipitation et la restauration pendant le revenu. La taille des carbures a été mesurée post 

mortem par Microscopie Electronique à Transmission (MET). Le comportement mécanique en 

traction a été caractérisé post mortem pour les états trempés et revenus des trois aciers étudiés. 
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Chapitre 2 

La Figure 2 a montre une cartographie en EBSD de la microstructure en lattes de l’échantillon 0.2C 

trempé. L'application de la méthode des intercepts sur ces cartographies permet de déterminer la 

taille moyenne des blocs, i.e. des groupes de lattes ayant une orientation cristalline similaire. Les 

joints entre les blocs semblent être en effet des obstacles majeurs au glissement plastique dans ces 

microstructures et donc leur taille joue nécessairement un rôle fondamental sur la limite d’élasticité 

locale d’un bloc. Après corrections stéréologiques, la distribution spatiale des tailles de ces blocs a 

également été obtenue. Une teneur en carbone plus élevée produit une diminution de leur taille 

moyenne et rétrécit la largeur de la distribution associée, comme observé sur la Figure 2 b. 

 

 

Figure 2: a) Cartographie EBSD de la microstructure en lattes de l’échantillon 0.2C trempé. b) Distribution de la densité de probabilité 

de taille (principalement des blocs) avec la correction stéréologique pour les trois aciers étudiés avec un angle de désorientation 

cristalline critique égal à 14°. 

 

Dans un second temps, nous avons cherché à décrire la microstructure de dislocations. La méthode 

Williamson-Hall modifiée a été utilisée pour déterminer in situ lors d’expériences de DRXHE la 

densité de moyenne de dislocations au cours de la transformation martensitique. Les valeurs finales 

ont été confrontées à des déterminations en MET et EBSD sur des échantillons post mortem. Une 

nouvelle méthode a été développée pour déconvoluer l'effet de la tétragonalité sur les largeurs à mi-

hauteur des pics de diffraction. Les valeurs "corrigées" ainsi obtenues sont en bon accord avec celles 

rapportées dans la littérature. Une nouvelle méthode est aussi proposée pour estimer la distribution 

spatiale de la densité de dislocations sur la base de l'évolution de la densité de dislocations moyenne 

avec la fraction transformée. Les distributions calculées des densités de dislocation locales 

s'élargissent avec la teneur en carbone comme le montre la Figure 3. 
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Figure 3: Distributions de densités de probabilité de la densité de dislocations locale pour les trois aciers utilisés après trempe à -10 

ᵒC/s (sous la température Ms) en a) et par trempe à l'eau (-1000°C/s) en b). 

 

L'évolution de la densité moyenne de dislocations due à la restauration lors du revenu a également 

été suivie par des expériences in situ pour les trois alliages étudiés et en utilisant de faibles 

températures de maintien (200, 300 et 400 ᵒC). Comme attendu, la cinétique de restauration est 

bien thermiquement activée mais de façon surprenante une stagnation de la restauration est 

observée aux temps longs à 300 et 400 ᵒC. Cette restauration a été modélisée par une loi empirique, 

qui sert de donnée d’entrée importante pour le modèle de revenu du chapitre 3. Ce modèle a permis 

en outre de déterminer l’évolution des distributions spatiales des dislocations, permettant de mettre 

en évidence un rétrécissement de la distribution avec la sévérité du revenu. 

Chapitre 3 

La martensite est une phase métastable qui a tendance à se décomposer en ferrite et en cémentite 

lors d’un traitement thermique. Avec la température et le temps, les atomes de carbone diffusent, 

ségrégent sur des défauts, forment des carbures de transition jusqu'à la formation de carbures de 

cémentite, plus stables. Classiquement, le processus de revenu peut être divisé en quatre stades. De 

la température ambiante à environ 100 °C, le "stade zéro", également appelé vieillissement, se 

produit avec la ségrégation du carbone dans les défauts et/ou avec de la décomposition spinodale. A 

température plus élevée, au cours du premier stade, la concentration en carbone dans la martensite 

diminue en raison de la formation de carbures de transition. Au cours du deuxième stade, l'austénite 

résiduelle se décompose. Enfin, la cémentite précipite au détriment des carbures de transition au 

cours du troisième stade.  

La ségrégation du carbone au voisinage des dislocations a été caractérisée par des expériences de 

SAT3D et modélisée sur la base d’un modèle dérivé de la littérature. Ces travaux ont clairement 

permis de conclure que le carbone est déjà bien ségrégé sur les défauts dès la trempe (mécanisme 

d’auto-revenu). 

La séquence de précipitation a été caractérisée par des expériences DRXHE in situ pour les trois 

aciers étudiés. Par exemple, la Figure 4 présente des diffractogrammes obtenus pendant le chauffage 
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à 400 °C de l'acier 0,3C, sur lesquels on peut observer la décomposition de l'austénite (pic gamma) 

ainsi que la formation du carbure de transition 𝜀 (300-375 °C) et la formation de cémentite Θ (au-

dessus de 375 °C). Il s’agit d’un agrandissement entre deux pics de diffraction majeur de la 

martensite (α). 

 

Figure 4: Diffractogrammes pendant le revenu jusqu'à 400 °C d'un échantillon à 0.3%C trempé. 

 

L’un des résultats principaux de ce travail expérimental est que nous avons bien mis en évidence la 

présence de carbures epsilon lors du revenu de l'acier à 0.3C mais peu ou pas dans les aciers plus bas 

carbone. Dans tous les cas, la cémentite est par contre présente à la fin du chauffage, avec une 

fraction observée croissante avec la teneur en carbone et la sévérité du revenu (temps/température). 

La taille de ces carbures de cémentite caractérisée par MET augmente aussi en conséquence.  

Un modèle de précipitation à base physique précédemment développé au laboratoire a été amélioré 

pour prendre en compte la ségrégation du carbone sur les dislocations. Il s’agit d’un modèle 

thermocinétique à champs moyen qui permet de décrire la germination, croissance et coalescence 

des différents carbures ainsi que leur compétition. Ce modèle permet de calculer la fraction, la 

distribution de tailles, et les densités volumiques de chaque type de carbure analysé3.  

La ségrégation du carbone sur les dislocations a été modélisé par une approche thermocinétique de 

premier principe et calibré sur les données de SAT3D. Le modèle complet reproduit fidèlement les 

évolutions de fraction et de taille des carbures observés expérimentalement. Il permet en outre 

d’expliquer que dans le cas de l'acier à 0.1C, la ségrégation inhibe presque totalement la formation 

de carbures de transition en piégeant l’intégralité du carbone disponible, comme observé sur la 

Figure 5.a et que la densité de dislocation joue un rôle clé dans la séquence de précipitation (à des 

valeurs élevées, les carbures de transition sont désavantagés par rapport à la cémentite), comme le 

montre la Figure 5.b. 
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Figure 5: a) Evolution des fractions de carbures epsilon et de cémentite pendant le chauffage jusqu'à 400 °C pour les trois aciers étudiés. 

b) Similaire à a) en faisant varier la densité initiale de dislocations dans l'acier 0.2C. 

Chapitre 4 

L'approche micromécanique développée dans ces travaux est basée sur l’hypothèse que la martensite 

est un agrégat hétérogène avec différentes contraintes d'écoulement locales, hétérogénéités dues à la 

nature séquentielle de la transformation martensitique. Les contraintes d'écoulement locales sont 

dans ce cas la somme d’une limite d'élasticité locale liée à la microstructure et de contraintes internes 

déviatoriques4.  

La distribution de la limite d'élasticité locale liée à la microstructure (appelée plus tard distribution 

YS de la microstructure) est prédite sur la base des observations expérimentales présentées dans les 

chapitres précédents. Les contributions des densités de dislocations, des tailles de microstructure, 

des précipités sont évaluées séparément et combinées judicieusement pour décrire les états trempé 

et revenu dans un cadre unique.  

La Figure 6 est une représentation schématique du modèle micromécanique qui considère un 

assemblage d’éléments en interaction mécanique, soumis à un chargement macroscopique, 

assemblage présentant une distribution de la limite d'élasticité microstructurale (à gauche) et une 

distribution des contraintes internes (à droite). La limite élastique microstructurale de chaque 

élément dépend de sa densité des dislocations, sa taille de domaine microstructural et de l’état de 

son carbone (solution solide / ségrégé / précipité). Les contraintes internes pour chaque élément 

sont répartis de façon aléatoire et non corrélée. La distribution de ces dernières a été postulée 

empiriquement pour reproduire les résultats expérimentaux, en l’absence de données 

expérimentales évidentes ou de modèles dans la littérature. Il s’agit donc d’une approche 

stochastique à champs moyen pour décrire des chargement unidirectionnel monotone ou non 

(l’application du modèle selon des trajets Bauschinger a été présentée lors de la soutenance). 

 

a) 
b) 
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Figure 6: Schéma du modèle micromécanique considérant une distribution de la limite élastique de la microstructure (à gauche) et une 

distribution des contraintes internes (à droite). Les couleurs et densités de symboles sur la figure de gauche correspondent à des densités 

de dislocations, des tailles de domaines microstructuraux et des états de précipitations variables d’un composant à l’autre de la 

microstructure. De la même façon, les échelles de couleurs à gauche correspondent à des états de contraintes variables. 

 

La Figure 7 a montre par exemple les probabilités cumulées de trouver un élément présentant un 

durcissement par effet de taille donné (Fsize) et celle pour un durcissement structural (Fdislo) pour 

l'acier à 0.2C brute de trempe sur la base des distributions mesurées. Comme les deux mécanismes 

sont très probablement corrélés (Figure 1), la probabilité combinée Fcomb peut être calculée par une 

approche que nous avons qualifié de soft-soft. Fcomb+ss tient compte en plus des effets de durcissement 

en solution solide (éléments substitutionnels et carbone). Les densités de probabilité 

correspondantes sont représentées sur la Figure 7 b. La densité de probabilité des effets combinés 

présente des valeurs comprises entre 575 MPa à 3700 MPa. 

 

Figure 7: a) Probabilités cumulées de trouver un élément présentant un durcissement par effet de taille donné (Fsize en orange) et celle 

pour un durcissement structural donné (Fdislo en bleu) indépendamment. Les effets combinées sont représentés pas les courbes noire et 

grise respectivement. b) Densité de probabilité associée à a) avec le même code couleur. 

 

À partir de la distribution des contraintes d'écoulement, le comportement macroscopique en traction 

est ensuite un simple modèle d’homogénéisation selon Hill et les interactions entre les différents 

éléments sont gérées par une loi de location simple à 1 paramètre. Les courbes de comportement 

expérimentales et modélisées pour les 3 aciers bruts de trempe sont présentées sur la Figure 8 a, et 
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les courbes d'écrouissage correspondantes sur la Figure 8 b. Une bonne concordance est trouvée 

dans les trois cas, en particulier pour les aciers à 0,2C et 0,3C. 

 

Figure 8: a) Courbes de comportement expérimentales et modélisées des trois aciers étudiés à l'état trempé (0.1C_WQ, 0.2C_WQ et 

0.3C_WQ). b) Courbes d'écrouissage obtenues à partir des courbes présentées en a). 

 

A partir des même distributions de contraintes d’écoulement que dans les états trempées, les 

comportements en traction des états revenus peuvent être calculés en considérant les différents 

mécanismes se produisant pendant le revenu. La distribution des contraintes internes évolue par 

relaxation et celle des densités locales de dislocations par restauration. Le durcissement par 

précipitation se substitue progressivement au durcissement pas la solution solide selon le modèle 

présenté au chapitre 3. Le couplage entre précipitation et restauration a été considéré. Les Figures 9 

montrent les courbes de comportement expérimentales (E) et modélisées (M) à titre d’exemple ; en 

a, il s’agit de l’effet de la température de revenu et en b l’effet de la durée de revenu. Globalement, le 

modèle micromécanique reproduit de façon très satisfaisant les effets du revenu selon le même cadre 

que pour les aciers bruts de trempe. 

 

Figure 9: Evolution des comportements en traction expérimentaux (désignés par le suffixe E) et modélisés (désignés par le suffixe M) 

après différentes conditions de revenu pour l'acier 0.2C. a) L'effet de la température de revenu est présenté avec un temps de maintien 

constant (0s). b) L'effet du temps de maintien est présenté pour le revenu à 300 °C. 
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Résumé étendu 

Conclusions  

Pour conclure, ce travail est une étape supplémentaire vers une meilleure compréhension des aciers 

martensitiques à faible teneur en carbone, avec un accent particulier mis sur le rôle et l'importance 

des hétérogénéités de la microstructure et des contraintes internes pour expliquer leur 

comportement micromécanique. 

Les hétérogénéités spatiales de la microstructure martensitique résultent de la nature séquentielle 

de la transformation et concernent les composants de la microtexture et leurs tailles respectives 

(organisation en lattes/blocs/paquets des variants), la densité des dislocations et l'état de 

ségrégation/précipitation du carbone. Les résultats expérimentaux présentés dans ce travail sont 

basés sur l'analyse systématique de l'ensemble de trois alliages avec des teneurs en carbone 

différentes de 0,1 à 0,3 % en poids de C, dans l'état trempé ou trempé et revenu, à différentes échelles. 

La nature séquentielle de la transformation martensitique nous conduit à adopter une corrélation 

statistique entre les distributions spatiales des tailles et des densités de dislocations de la 

microstructure. La distribution résultante des limites d'élasticité locales à l'échelle de la 

microstructure est la principale entrée du modèle micromécanique basé sur la stochastique et la 

physique développé dans le présent travail. 

Le comportement mécanique de la martensite est connu pour évoluer lors de l'application d'un 

traitement de revenu en raison de différents phénomènes thermiquement activés. Une étude multi-

échelle du revenu (combinant les techniques 3DSAT / MET / DRXHE in situ) a été réalisée pour 

déterminer la ségrégation et la précipitation du carbone. La ségrégation et la précipitation des 

carbures ont également été modélisées par un modèle thermocinétique à champ moyen. Ce dernier 

a permis de prédire la suppression des carbures de transition à faible teneur en carbone en raison de 

la ségrégation du carbone en atmosphères de Cottrell au niveau des dislocations, ainsi que l'effet clé 

de la densité des dislocations sur la précipitation. 

Le durcissement par précipitation (dépendant de la densité locale de dislocations), la restauration 

des dislocations et la relaxation des contraintes internes ont été intégrés dans le modèle 

micromécanique pour décrire le revenu, en plus des entrées déjà discutées. Par conséquent, nous 

sommes en mesure de comprendre et de prédire, dans un cadre unique, les principales 

caractéristiques du comportement mécanique des aciers martensitiques trempés, en particulier leur 

résistance et leur écrouissage plus faibles par rapport aux microstructures brutes de trempe. 
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General introduction  

"The greatest challenges humans face throw-out their lives are two: 

1- the challenge of where to start 

 

-Sameh Elsayed 

 

The martensite has been used by the humanity for millennia now, from the harden ‘ignited iron’ referred 

more than 3000 years ago in Homer’s Odyssey (Homer, 900BC) [1], the archaeological findings in 

Jordan indicating that craftsmen were producing quench-hardened steel swords (ca. 1000 BC) [2] as 

well as some Celtic tools (400-100 BC) [3].  

Applications and context of the study 

Applications of martensitic steels are numerous and range from ancient elegantly crafted hand tools and 

swords [4] to current high-strength, high-fatigue resistant, high-wear resistant parts for machines, tools 

and dies [5], power transmission, gears and shafts, and demanding load-bearing structures such as 

aircraft landing gear [6] or body-in-white structures of light-duty vehicles [7,8]. The Oil and Gas 

industry is also demanding materials with properties that martensite can achieve, being used as pipelines, 

oil casing and perforating gun pipe which requires excellent impact toughness for safe applications in 

ultra-deep oil/gas well [9,10].  

Martensite is one of the strongest phases in steels with both high yield strength (YS) and ultimate tensile 

strength (UTS). Such high mechanical properties allow to lighten structures made of steel. In fact, the 

thickness of a part made with a conventional steel can be reduced if made with a martensitic steel without 

modifying its mechanical performance. The lightening of structures is one of the key methods to reduce 

green-gas emissions of all transportation means.  

This is why, for example, martensite has attracted the attention of steelmakers to manufacture new alloys, 

either 100 % martensitic or partially martensitic. Figure 1.a shows the main classes of steel concepts 

dedicated to automotive market and their relative performance in strength (UTS) and ductility (total 

elongation). Martensite is a main constituent in all the classes represented in red: Dual Phase (DP), 

Complex Phase (CP), Quench and Partitioning (Q&P), Martensitic (MART) and Press-Hardened Steels 

(PHS), i.e. in steels permitting to reach the highest strength, thus with the best lightening potential. 

It must also be highlighted that martensite could also appear in steels during a mechanical loading. These 

latter take often benefit of this strain-induced transformation and show an improved work-hardening 

rate and superior strength. This particular hardening mechanism is called TRIP effect (Transformation-

Induced Plasticity) and is solicited in the steel concepts represented in blue in Figure 1.a. 

These martensite-containing steels have all critical importance from the socio-economic point of view.  
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Figure 1: a) Elongation vs Ultimate Tensile Strength (UTS) of the different steel families for the automotive market (flat 

products). Product classes containing  martensite are represented in red and the ones taking benefit from the TRIP effect are 

represented in blue. b) Example of a “B-pillar” used in automotive industry after [11]. 

 

One of the metallurgical concepts that has revolutionized the market and production methods of 

automotive parts over the past 20 years is undoubtedly hot stamping (also called press-hardening). This 

process consists mainly in stamping the workpiece at high temperature (in the austenitic state) and, then, 

quenching it between tools. This process makes it possible to benefit from the excellent hot formability 

of the steel and from the very high resistance obtained on the final part by quenching. This technology 

was therefore enabled by the exceptional properties of martensite. One example of parts (a so called “B-

pillars”) now often produced by the car manufacturers by hot stamping is shown in Figure 1.b. 

The press-hardening process itself requires a simple single-step heat treatment decreasing the cost and 

the carbon footprint of the production of the part. Hence, the study of PHS presents an industrial and 

environmental relevance. The importance of this issue prompted funding for their implementation in a 

fourth-generation industry. A Horizon2020 - Research Funds for Coal and Steel (RFCS) project named 

“Advanced metallurgical and micromechanical modelling to deploy the microstructural tailoring 

potential of press hardening” (MiPre) has been recently funded. The present study is not directly funded 

by the mentioned project but has contributed to the project. 

The present study has been developed at the Institut Jean Lamour (IJL) funded by the i-Site Lorraine 

Université d’Excellence (LUE). It is framed on a larger collaboration with ArcelorMittal Maizières 

Research SA (AM)  located at Maizières les Metz, also partner at the MiPre project.  

In the present study, three steels with different carbon content provided by AM will be utilized. However, 

the methodologies and models developed in the present manuscript are more general and could be 

applied not only to those steels (belonging to a family of flat products) but to others martensitic steels 

(long and forged products as well). 

a) b) 
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Fundamentals about martensitic transformation 

The martensite transformation in steels by a heat treatment is probably one of the earliest recognized 

examples of a phase transformation at the solid state [12]. Martensite is a body-centered cubic (BCC) 

phase from the crystalline point of view formed from the displacive transformation of the face centered 

cubic (FCC) phase austenite. This transformation is often obtained by a heat treatment as austenite is 

stable in carbon steels only at high temperature. The conventional process to obtain martensite consists, 

thus, of a full austenitization followed by a fast cooling, named “quench”, from the high temperature 

domain down to the room temperature. This fast cooling permits to avoid any time-dependent diffusive 

transformations, such as the pro-eutectoid ferritic or pearlitic transformations and even the bainite 

transformation. The martensite transformation starts at a threshold temperature, called Ms for martensite 

start, which depends mainly on the chemical composition of the alloy and on the prior austenite grain 

size (PAGS). The transformation is progressive below Ms but does not depend on time, but solely on 

the temperature.  

The Ms temperature can be experimentally determined [13,14] as well predicted based on the steel 

composition and the prior austenitic grain (PAG) size [15–17]. In the following, an example of an 

expression to calculate the Ms temperature based only on the chemical composition is presented as well 

as another in which the effect of the PAGS is accounted for: 

𝑴𝒔 (°𝑪) =  𝟓𝟒𝟓 − 𝟒𝟕𝟎. 𝟒 × 𝑪 − 𝟔. 𝟗𝟔 × 𝑺𝒊 − 𝟑𝟕. 𝟕 × 𝑴𝒏 − 𝟐𝟏. 𝟓 × 𝑪𝒓

+ 𝟑𝟖. 𝟗 × 𝑴𝒐 Equation 1 [15] 

𝑴𝒔 (°𝑪) =  𝑻𝟏 −
(𝟏𝟎𝟏𝟓 + 𝑾𝝁 + 𝟑𝟕𝟎 × 𝒆𝒙𝒑 (−𝟔 ∗

𝑫𝜸

𝟏𝟏) + 𝟑𝟓𝟎/√𝑫𝜸)

𝟕. 𝟐𝟐
  Equation 2 [17] 

with 𝑻𝟏 = 𝟕𝟏𝟖. 𝟑 − 𝟐𝟗𝟏 × 𝑪 − 𝟏. 𝟖 × 𝑺𝒊 − 𝟐𝟒 × 𝑴𝒏 − 𝟓. 𝟔 × 𝑪𝒓 

−𝟏𝟖. 𝟒 × 𝑵𝒊 + 𝟑. 𝟓 × 𝑴𝒐 

 

        𝑾𝝁 = 𝟔𝟕𝟎 × √𝑪 + √
𝟏𝟗𝟓 × √𝑴𝒏 + 𝟏𝟒𝟎 × √𝑺𝒊 + 𝟏𝟕𝟎 × √𝑪𝒓

+𝟓 × √𝑵𝒊 + 𝟐𝟎𝟓 × √𝑴𝒐
   

 

  

with the elements fractions in weight. 

The product phase obtained has, therefore, the same chemical composition as the parent phase. From 

the thermodynamic point of view, martensite is thus metastable and its resulting supersaturation in 

carbon leads to a distortion of the crystalline lattice, which is not strictly cubic as a consequence. Zener’s 

seminal work show that the interstitial carbon atoms would produce a tetragonal lattice (Body-Centered 

Tetragonal, BCT) by allocating octahedral voids in a favorized direction [18].  

The martensite, its mechanical properties and evolutions upon thermal treatment has been the subject of 

study of several works, some of them presented in the following reviews [9,19,20] or in books [12,21,22]. 
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It is not the aim of the present introduction to enter in a detailed description but to introduce some 

general fundamentals which will allow to introduce the goals and strategy of the present work.  

A more detailed focused state of the art will be presented at the beginning of the following chapters. 

Each focused state of the art presents the different process and phenomena discussed in the chapter. 

Structure at room temperature 

The mechanisms of the martensitic transformation have been the subject of study of different works 

starting from the seminal work of Bain [23]. In the mentioned study the formation of the BCT structure 

is described by a compression and dilatation of the FCC matrix. The orientation relationship (OR) 

predicted by Bain has not however been experimentally observed and more complex transformation 

mechanisms have been later proposed. The latter considers an invariant plane, a volume change and a 

shear and other ORs are proposed. Some of the most often identified are the Kurdjumov-Sachs (KS) 

[24], the Nishiyama-Wassermann (NW) [25], and the Greninger-Troiano (GT) [26]. 

The transformation from the austenite, face centered cubic phase, into the martensite, tetragonal centered 

phase, thus produces a volume change and a shear deformation. The volume change is known to be 

function of the nominal carbon content [27].  

The mentioned volume change and shear produce a stress state during the transformation itself which is 

partially relaxed by different mechanisms such as the plastic deformation of both phases (martensite and 

austenite) by dislocation gliding or twinning but also by the formation of new martensite unit with 

specific crystalline orientations with respect to the already formed units. This latter process is called 

variant selection and often leads to the formation of self-accommodating variants [28,29].  

This relaxation is only partial and it is well known that the martensitic microstructure has a high level 

of internal stresses at the phase scale after transformation [30–32]. Chapter IV will give a description of 

those internal stresses and their particular role on the tensile behavior of these steels.  

The different plasticity mechanisms produce different martensitic morphologies, lath type when 

dislocation plasticity occurs and plate when it is twinning.  It has been shown that the fraction of each 

kind depends on the nominal carbon content of the steel as presented in Figure 2.  

 

Figure 2: Fraction of the lath and plate morphologies as function of the carbon content. From [33]. 
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The lath martensite, in which in the present study will focus, is composed by laths as it names specifies. 

A lath is a single unit of martensite with a lamellar morphology. A parallel group of them with a same 

variant of the Kurdjumov-Sachs OR compose a block, while a group of blocks with a same habit plane 

compose a packet [34]. It can be observed that the lath martensite presents a hierarchical microstructure 

which has a high density of boundaries with high and low angle disorientations.  

These particular microstructure organizations can be revealed by crystalline-sensitive techniques such 

as SEM-EBSD. If one just etches chemically a martensitic steel, one can also reveal this lamellar 

structure as we can see in Figure 3. 

 

Figure 3: Lath martensitic microstructure observed by SEM after a chemical etching with a 2% nital solution. The presence of 

a lamellar microstructure can be observed as well as the presence of carbides inside some coarse domains. From [35]. 

 

We will of course return to this specific organization of the martensitic microstructure in Chapter II. 

“Kinetics” of the transformation  

As the martensitic transformation is displacive and time-independent, the martensitic transformation 

kinetics is often described in the literature by the famous Koistinen-Marburger (KM) equation [36]: 

𝒇𝜶′ = 𝟏 − 𝒆𝒙𝒑(−𝑨(𝑴𝒔 − 𝑻)) 
Equation 3 

  

where 𝑓𝛼′ is the transformed volume fraction, A a rate parameter, Ms the martensite starts temperature 

and T the temperature. An improvement of this equation has been proposed by [17,37] by considering 

the alloying elements and the mean Prior Austenitic Grain Size (PAGS) on the kinetics rate parameter 

(A), keeping in mind that Ms is already function of those features.  

A new full thermo-mechanic framework to predict the martensitic transformation kinetics has been 

developed by the author and others. This work permits to revise the seminal work of KM and understand 
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better the so-called spread of the transformation. Nevertheless, it will not be further discussed to 

maintain a reasonable length for this manuscript.  

Tempering 

A second heat treatment, named tempering, is usually applied to the as-quenched martensite with the 

aim of improving the tensile behavior, specially increase its limited toughness. This heat treatment is 

performed in the ferritic domain temperatures, usually from 170 °C (paint baking) up to 400 °C in 

automotive martensitic steels (higher temperatures are used in more alloyed steels). 

During the tempering several thermally activated metallurgical phenomena occur. As with martensitic 

transformation itself, tempering processes have been studied and classified for a long time [20,38]. The 

classification of the different stages is now well accepted in the literature.  

During the “zeroth stage”, trapped carbon segregates into defects (dislocations) and/or a spinodal 

decomposition occurs. In the “first stage”, transition carbides may form (usually in steels with carbon 

content higher than 0.2 wt.%). Then, the retained austenite decomposes in the ferrite and cementite in 

the “second stage”. Finally, during the “third stage” transition carbides dissolves and cementite forms 

in the martensite. The described precipitation sequence has been presented in several works as 

[19,20,39]. A more detailed description of the different stages as well as their modeling are presented in 

Chapter III. 

The high dislocation density in the as-quenched lath martensite will decrease during a tempering 

treatment. The phenomenon known as recovery will be described and modeled in Chapter II as well as 

the relaxation of internal stresses resulting from the transformation.  

Mechanical properties  

The mechanical properties of the martensite have been widely investigated due to their structural 

importance. It is rather well established that as-quenched martensite shows high ultimate yield strength, 

a high conventional yield strength and a low total elongation [9]. It is seen as a “brittle” microstructure 

in that sense. 

This rapid observation in fact conceals an important complexity because the properties of the martensitic 

steels depend heavily on their carbon content or their tempering state. Moreover, if we take a closer look 

at their mechanical behavior, we see that they generally have a low microplastic yield strength and a 

very strong work hardening [40], a characteristic found in multi-phase steels. Figure 4 presents a series 

of normalized true stress-true strain tensile curves of as-quenched martensitic steels with a carbon 

content ranging between 0.05 wt.% C and 0.4 wt.% C, from [40]. A relatively constant low microplastic 

yield strength is observed as well as an increase of the work-hardening with the carbon content. 
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Figure 4: Tensile curves (true stress-true strain) varying the carbon content of different as-quenched martensitic steels. From 

[40].  
 

One of the challenges of this thesis will be to investigate this complexity and explain the underlying 

mechanism. This discussion will be lead in Chapter IV.  

Stakes of the study 

Even if martensitic steels have been known and used for millennia now, the origins of their strength and 

work-hardening have remained a source of controversy. A change of paradigm has been occurring 

during the last few years regarding the understanding of them. Many researchers have put into evidence 

the interest of describing the lath martensite not as an homogenous phase but as a multiphase aggregate 

[40–44]. This multiphase aggregate is the result of the sequential nature of the phase transformation of 

the martensite at low temperature. 

In fact, as explained above, martensite transformation does not follow a kinetics stricto sensu and it does 

not occur abruptly at Ms. It is thus gradually formed over time during the cooling process and as a 

consequence, the first martensite lath at Ms is formed in a non-deformed matrix. This matrix will have 

its original size (PAG) and will be relatively free of internal stresses. The volume change and the shear 

will produce high internal stresses in the formed martensite and in the austenitic matrix which will be 

partially plastically relaxed.  

The martensite formed lately (at lower temperature) will form in smaller domain (the PAG are 

progressively fragmented by the martensitic transformation), in a deformed and stressed austenite matrix. 

Note that the first formed martensite will follow the whole cooling path while the ones formed latter 

only a fraction of it. As a consequence, the microstructural characteristics of the constituents appear at 

different temperature will be different.  

A schematic representation of the sequential nature of the martensitic transformation showing how the 

distributions of dislocation densities, segregation/precipitation state, size and internal stress appear at 

the microstructure scale all along the process is presented in Figure 5. 
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Morsdorf et al. [45] have quantified this process by coupling multiple technics. They concluded that the 

first formed lath (exemplified with the green dot on Figure 5) would be the largest one with a low 

dislocation density and a higher segregation/precipitation state. The ones formed later (orange and red 

dots) would present a higher dislocation density, a smaller width and a lower higher 

segregation/precipitation state.  

 

Figure 5: Schematic representation of the sequential nature of the martensitic transformation showing how the distribution of 

dislocation densities, segregation/precipitation state, size and internal stress appears at the microstructure scale all along the 

process. Based on the work of Morsdorf et al. [45]. 

 

Hence, from the micromechanical point of view, martensite is far from being a homogeneous phase. 

This implies a complete overhaul of our approaches to the mechanical behavior of this phase. To do so, 

recent studies such the one of Allain et al [40] based on the seminal works [41,46] succeed in predicting 

the tensile behavior based on a presupposed distribution of local yielding strengths [40,43] at the 

microstructure scale to describe the aggregate. In all the mentioned studies, the required distribution of 

mechanical properties are obtained by probability distribution function without relationship with the 

microstructure. 

The main goal of the present study is thus to increase the understanding of the relationship between the 

sequential nature of the martensitic transformation and its associated microstructure distributions 

(dislocation densities, microstructure sizes, states of carbon, internal stresses) and the final mechanical 

behavior for the transformed microstructure. Another originality of this work is to show that the effects 

of tempering can be included in the same framework and a unified model for quenched/tempered steels 

is proposed. 

This work is based both on a multiscale experimental approach and on modelling, which makes it 

possible to consolidate and address metallurgical and mechanical issues.  

A schematic summary of the thesis is presented in Figure 6. 
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Figure 6: Schematic representation of the different phenomena studied for as-quenched and tempered martensite. The respective 

contents of the different chapters are indicated as well. 
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Manuscript organization 

The following of the present manuscript is composed by four chapters. The first one presents the studied 

steels, the thermal treatments as well as the characterization technics. These technics relate to the in situ 

characterization of microstructures (HEXRD) during quenching or tempering or ex situ at room 

temperature (SEM, EBSD, 3DATP) or to the mechanical characterization (HV, tensile tests). As said 

above, the same three steels with different carbon contents will be used to build our experimental 

database. These data will be used to directly feed our micromechanical approach, either to calibrate 

intermediate models such as the one modeling the tempering coupling segregation and precipitation. 

The second one is dedicated to the study of the microtexture of the martensitic microstructures, focusing 

on size distributions of the different constituents. In the same chapter, we are interested in the evolution 

of the dislocation density in the studied steels. Their formation will be studied in situ by HEXRD during 

the quenching and tempering processes. This in situ study is also supported by more conventional 

TEM/EBSD observations. An original method is presented to estimate the spatial distribution of these 

dislocations. Finally, the recovery phenomenon encountered during tempering is discussed and a model 

for this latter mechanism is proposed in the last section of the chapter. 

The segregation and precipitation of the carbon in the low-carbon martensitic steels is the subject of the 

third chapter. The carbon segregation into dislocations was specially characterized by 3DAPT and 

modeled. The precipitation of carbides during the tempering of the three low-carbon steels was 

characterized by in situ HEXRD experiments as well as by TEM. The calibrated segregation model was 

coupled to a precipitation model able to predict the phase fractions as well as the precipitation size, two 

key characteristics which are compulsory to estimate the precipitation hardening induced by tempering. 

In the fourth chapter, the experimental tensile behaviors of the as-quenched and tempered martensitic 

steels are presented. Then, our micromechanical framework based on a stochastic description of the 

aggregate is explained. It is based on the strengthening contributions discussed in the previous chapters 

(size distribution of the microstructure components, spatial distribution of dislocations) as well as a 

distribution of deviatoric internal stresses. The same micromechanical model is then used to predict the 

tensile behavior of the tempered martensite by considering the effects of the recovery, relaxation and 

carbide precipitation. 

Finally, the main conclusions of the present study are summarized and some of the perspectives are 

enumerated. 
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As disclosed in the introduction, the microstructure evolutions in the studied steel were investigated in 

situ by HEXRD (i.e during the heat treatments) and also post mortem (i.e. after the heat treatments) by 

coupling different technics at different scales (3DAPT, TEM, SEM). The mechanical properties of the 

microstructures were also characterized thanks to hardness measurements and tensile tests. This Chapter 

aims at presenting these different experimental set-ups and also how the results have been post-treated. 

I.1 Steel compositions 

In the present study three different industrial low-carbon alloy steels were provided by ArcelorMittal 

Maizières Research SA, presenting as main difference a variation of the carbon content. Their 

denomination as well as their compositions are presented in Table 1. In all the cases their boron content 

is lower than 5 ppm. The samples were received in the form of a plate after the cold-rolling stage, with 

a thickness of c.a. 1.5 mm. 

Table 1: Denomination and composition of the three steel grades used in the present study. 

Steel name C (wt.%) Mn (wt.%) Si (wt.%) Cr (wt.%) Fe 

0.1C steel 0.108 2.10 0.22 0.03 balance 

0.2C steel 0.210 1.82 0.25 0.18 balance 

0.3C steel 0.310 0.71 0.35 0.51 balance 

 

The calculated Ae3 (full austenitizating temperature at equilibrium) temperatures of the steel are 807, 

791 and 802 ᵒC for the 0.1C, 0.2C and 0.3C steel respectively and the Ms temperatures measured by 

dilatometry with the method presented by Yang et al. [13] are 432, 407 and 382 ᵒC respectively. 

I.2 Heat treatments 

The heat treatments used in the present study consist mainly of an austenitization soaking (heating and 

holding), a quenching followed or not by a tempering. Different equipment were used to simulate these 

processes depending on the required control on the cooling rate or on the size of the samples. As the 

purpose of this work is not to reproduce an industrial process, the thermal schedules have been designed 

to understand the physical mechanisms and must be considered as model heat treatments.  

I.2.A Dilatometer 

The heat treatments permitting in situ High Energy X-Ray Diffraction (HEXRD) experiments were 

conducted in a Bähr DIL805 A/D dilatometer available at the Deutsches Electronen Synchrotron (DESY) 

in Hamburg, Germany. Such device heats the samples by induction and allows cooling rates higher than 

-200 ᵒC/s for thin flat samples. The austenitization consisted of a heating at 20 ᵒC/s rate until 880 ᵒC. 

The duration of the isothermal holding at high temperature was fixed at 300 s to prevent an exaggerate 

growth of the austenite grain size.  
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The same dilatometer is also available at IJL. It has served to duplicate some experiments and produce 

samples for post mortem examinations.  

The quench was performed by He gas injection (in the following mentioned as GQ Gas cooling). Four 

different cooling paths were designed, all of them including a -100 ᵒC/s segment until 20 ᵒC above the 

Ms temperature of the considered alloy (in order to avoid any diffusive transformation at high 

temperatures). Then, the cooling rates applied were -10, -50 and -100 ᵒC/s and a “natural” cooling. This 

latter cycle was simulated with a mean rate of -20 ᵒC/s between the Ms and 200ᵒC followed by lower 

rate. In Figure 7.a only the measured temperature-time curves are presented for clarity (the maximum 

difference between the measured values and the programmed ones is always lower than 25 ᵒC). The 

temperature is measured with a thermocouple welded in the center of the sample on the edge. This 

thermocouple also serves to drive the heating/cooling devices. 

The dilatometer was also used to simulate tempering treatments on samples previously water-quenched 

(prepared with a tubular furnace – see below). The tempering consisted of a heating, at 10 ᵒC/s rate, up 

to the tempering temperature (200, 300 and 400 ᵒC) is reached, a holding during different durations (0, 

30, 60, 300 and 600 s) and a fast gas quench. 

The samples heat treated by dilatometer had the following dimensions: 10 mm × 4 mm, with a thickness 

of 1.5 mm. For the gas quench at -100 ᵒC/s cooling rate below Ms, the samples were machined to ca. 

1 mm in order to be able to reach the imposed cooling rate.  

I.2.B Resistance furnace 

In order to obtain a microstructure with a lower state of self-tempering (i.e. a tempering state acquired 

during the quenching process itself), samples were also quenched in water (referred as WQ in the 

following). The water-quench required to heat the sample in a tubular furnace heated by resistance. In 

such device, the heating rate is 0.1 ᵒC/s. The duration of the soaking was fixed at 300 s. The sample is 

then ejected and directly quenched in a water container. The measured cooling path is presented in 

Figure 7.a. The corresponding samples are called as WQ - IJL. 

Tensile tests cannot be carried out on dilatometer samples. As a consequence, some plates of the steels 

have been heat-treated by salt baths at ArcelorMittal Research, Maizières les Metz, France (AM in the 

following) in order to reproduce at best the dilatometer treatments. The plates are then machined to 

prepare tensile samples. 

In this case the heating rate to reach the full austenitization is not linear. It can be described roughly as 

a stepped heating; from room temperature up to 618 ᵒC with a heating rate of 16 ᵒC/s, followed by a 

segment at 1 ᵒC/s up to 740 ᵒC and last one at 0.5 ᵒC/s up to 880 ᵒC. The holding time in this case was 

only 105 s. The samples are then water-quenched (so called WQ – AM samples).  

During the WQ experiments at IJL and AM and the tempering experiments at AM, the temperature of 

the plates is tracked with a welded thermocouple. 
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Figure 7 : a) Cooling paths applied to the 0.2C steel, WQ (in light blue) refers to water quench while GQ to gas quench with 

controlled temperature schedules (-10 ᵒC/s in blue, -50 ᵒC/s in green and -100 ᵒC/s in red) and without temperature control 

(natural cooling in light violet). b) Tempering treatments applied in the present study, the continuous line refers to 

dilatometer trials while the dashed ones to the bath heat treatments applied at AM. Red lines refer to 400 ᵒC tempering, 

while green ones to 300 ᵒC and blue ones to 200 ᵒC respectively. 

 

I.2.C Salt and oil bath 

The tempering treatments performed at AM on the plates (WQ-AM) were performed by oil bath for 

200 ᵒC treatments and salt bath for higher temperatures. The holding times were 0, 30, 60 and 300 s. 

The time-temperature curves showing the tempering heat treatments are presented in Figure 7.b. As 

explained above, the main differences between the tempering trials concern the heating stage. Baths are 

more efficient for the initial heat transfer.   

I.3 Labeling system 

In the following section the system used in the present work for naming the samples indicating alloy 

and heat treatment is presented. For quenched samples the names are composed as: 

0.Z_YQ   

 Y = [W,G] for water and gas quench. 

 Z = [1,2,3] for the 0.11, 0.21 and 0.31 wt.% C steel respectively. 

The samples named 0.Z_GQ refer to non-controlled gas-quench, a suffix is added for the controlled 

cooling-rate gas quenched samples: 
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0.Z_GQ_WWWCs   

 WWW = [10,50,100] for the -10, -50 and -100 ᵒC/s cooling rate         

respectively. 

For illustrating the system a 0.11 wt.% C water quenched sample will be referred as 0.1C_WQ and a 

0.31 wt.% C sample gas quenched at a -50 ᵒC/s cooling rate will be named as 0.3C_GQ_50Cs. 

For the tempered samples, the initial state was the water quenched one and the heat treatment is detailed 

as the following: 

0.Z_WQ_TVVVCUUUs 

                 UUU = [0,30,60,300] for holding times of 0, 30, 60 and        

      300 s. 

                  VVV = [200,300,400] for 200, 300 and 400 ᵒC tempering                            

       temperature. 

A 0.21 wt.% C sample tempered at 200 ᵒC with a holding time of 0s is referred as 0.2C_WQ_T200C0s 

for example. 

A labeling system is also proposed for the figures presented in this work. In all the cases, if it is not 

applied, it will be highlighted. 

The results of the 3 steels will be indicated by different symbols, 0.1C steel by ●, 0.2C steel by  and 

0.3C steel by . The color of the lines will indicate the tempering temperature and the linestyle the 

holding time, all the studied combinations are summarized in Table 2. Different colors will be used to 

present the experimental data (color experiment) and the simulation results (color model). Nevertheless, 

the colors are close to ease the readability.  

I.4 Characterization technics 

I.4.A In situ high energy X-ray diffraction (HEXRD) 

High energy X-ray diffraction allows to perform X-ray diffraction characterization not only on the 

surface of a steel sample but in bulk, i.e. in a transmission mode, with a high acquisition rate. 

The analyzed volumes (ca. 0.4 mm3) are more representative and provide an average information on the 

microstructure. The experiments conducted in transmission minimize the effect of possible surface 

heterogeneities (decarburization, oxides).  

However, the beam size should not be too large to avoid possible thermal gradients (to avoid measured 

volumes too far from the thermocouple). 
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Table 2: Labeling system for identification of presented data depending on alloy, heat treatment (quenching/tempering, 

temperature and time) and nature of result (experimental/modelled). 

Quenching 

Type Cooling rate 

(ᵒC/s) 

Color experiment Linestyle Color 

model 

WQ Non controlled dodger blue    - ultramarine blue       

GQ Non controlled darkviolet       - purple                        

GQ -10 blue                 - - 

GQ -50 green               - - 

GQ -100 red                  - - 

     

Tempering 

Temperature 

(ᵒC) 

Time (s) Color experiment Linestyle Color 

model 

200 0 blue                - cobalt blue              

200 30 blue                -- cobalt blue              

200 60 blue                -.- cobalt blue              

200 300 blue                : cobalt blue              

300 0 green              - emerald green        

300 30 green              -- emerald green        

300 60 green              -.- emerald green        

300 300 green              : emerald green        

400 0 red                  - red purple               

400 30 red                  -- red purple               

400 60 red                  -.- red purple               

400 300 red                  : red purple               
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As the experiments presented in this manuscript were performed in situ, it was possible to follow the 

transformation kinetics, the Full Width at Half Maximum of the diffraction peaks and the phase’s cell 

parameters during the experiments. Two campaigns were realized at PETRA III P07 beamline at the 

Deutsches Electronen Synchrotron (DESY) in Hamburg, Germany in May 2019 and December 2021.  

I.4.A.1 Synchrotron set-up 

In the present section, only the specificity of our experimental set-up will be described. A description of 

a synchrotron operation can be found in [47]. The Figure 8 represents a schematic view of the set-up. 

As previously said, a transmission configuration was used, with an incident beam size of 500*500 μm2, 

leading to an analyzed volume of 0.375 mm3. A monochromatic beam with an energy of 87.1 keV, i.e. 

λ=0.014235 nm, was set using a monochromator. The sample (4 mm x 10 mm x (1.5 or 1) mm) was 

introduced in a modified Bähr DIL805 A/D dilatometer. The main modifications with respect to the 

commercial dilatometer used at IJL are the in/out windows for the X-rays and the inductor (copper coil) 

whose shape is designed to not interfere with the X-rays beam (incident and diffracted). As already said, 

the temperature was controlled and recorded thanks to a S type thermocouple spot welded at the half 

length of the sample, just above the probed volume (perpendicular to the main thermal gradient induced 

by the jaws). As a consequence, the temperature differences are minimized between the two measuring 

points. 

 

Figure 8: Schematic representation and photography of the HERD set-up used during the experimental campaigns at PETRA III 

P07 beamline at DESY. 

 

The 2D Debye Scherrer diffracted rings were collected by a Perkin-Elmer XRD 1621 Flat Panel detector 

with a 2048 x 2048 pixel matrix and a pixel size of 200 x 200 μm2 [48] set at ca. 1.5 m distance from 

the sample. During the quenching heat treatments, the end of the austenitization holding and the cooling 

section were registered at a 10 Hz acquisition rate with an exposure time of 0.1 s. The same acquisition 

rate was used during the heating and beginning of isothermal holding of the tempering heat treatments. 

While during the rest of the tempering holding time and the heating and holding of the austenitization a 

ca. 0.3 Hz acquisition rate was applied. A “dark” image (image of the electronic noise of the detector) 

used for correction is obtained before each 2D diffractogram when the acquisition rate is 0.3 Hz. In the 
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case of acquisitions at a 10 Hz rate, only one dark image is used for the correction of all the required 

batch of images (typically 1500–2000 images in the case of the present work). 

I.4.A.2 X-ray data analysis 

The 2D images with Debye Scherrer rings were azimuthally integrated with the Python library pyFAI 

[49] into 1D diffractograms, intensity vs diffraction angle. Figure 9.a presents a 2D diffractogram where 

martensite and austenite diffraction rings are visible while in Figure 9.b the classical 1D diffractogram 

after integration is shown. Only the angular window comprised between 3 and 11ᵒ in the 2θ axis was 

used in the present study. The working distance permits to record 5 full Debye-Scherrer rings for the 

ferritic and austenitic phases on the square screen. 

 

Figure 9: a) 2D Debye Scherrer diffracted rings during a quenching experiment. b) 1D diffractogram obtained after azimuthal 

integration of Figure 9.a. 

 

The experimental set-up utilized during the experiments allows to obtain 1 diffractogram per degree 

Celsius during the heating of the tempering and during the quenching heat treatments at -10 °C 1 

diffractogram each 1 °C, at -50 °C/s each 5 °C, and at -100 °C/s one diffractogram each 10 °C.  

The 1D spectrums were also scrutinized qualitatively to detect the presence of low fraction of carbides. 

The qualitative analysis was applied for the determination of the presence of carbides (transition kind 

and cementite) at the quench state as well as during the tempering (focusing on the heating segment).  

The selected zone of the 1D diffractograms was between 4 and 6ᵒ in the 2θ axis. In the mentioned sector, 

two BCC/BCT peaks are present (at ca. 4ᵒ the {110} peak, while at 5.67ᵒ the {200} peak) and one FCC 

peak at 4.55ᵒ of the {200} reflection. Multiple cementite diffraction peaks should be visible in the 

selected angular window [39] as well as the distinctive diffraction peak of transition carbides between 

4.95 and 5.15° 2θ [39,50–52]. The main cementite peaks should be visible at 4.6, 4.82, 4.8 and 5.16° 2θ. 

An angular window in which several cementite low intensity peaks are expected is also present between 

4.28 and 4.46° 2θ. 
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A diffractogram obtained during the tempering of the 0.3C steel presenting the peaks of transition 

carbides is shown in Figure 10.a along with another one presenting cementite diffraction peaks (Figure 

10.b). Note that not all the cementite theorical diffraction peaks are present, only a composed peak 

formed by the {310} and {231} reflections and the one corresponding to the {131} are visible. This may 

be due to the fact that the carbides are in an early precipitation state in which their shape is not spherical 

and, in some directions, more atomic planes are cumulated giving a deviation from the theorical powder 

diffraction pattern.  

The monochromators used to obtain a beam with a single wavelength may not be perfect. In the present 

work a λ=1/2 contamination was detected. The signal fraction of this beam component is lower than 1 % 

in intensity but it leads to the occurrence of weak additional artefact peaks, that can be misinterpreted 

as an additional phase. 

 

Figure 10: a) Diffractogram obtained at 325ᵒC during the heating segment of the tempering at 400 ᵒC of the 0.3C steel. b) 

Diffractogram obtained at the end of the isothermal segment (600 s) of the tempering at 400 ᵒC of the 0.3C steel. The sub-

indexes refer to primary diffraction or to contamination of λ=1/2. 

 

The 1D diffractograms were then post-treated using two different quantitative technics:  

• Rietveld refinement: for lattice parameters and phase fractions determination. 

• Peak to peak analysis: for dislocation density and asymmetry determination. 

I.4.A.2.a Rietveld refinement  

A systematical analysis of the 1D diffractograms was performed by Rietveld refinement [53]. It consists 

in simulating a full experimental diffractogram with a theorical one knowing the crystalline 

characteristics of the phases in presence (assuming a perfect random polycrystalline arrangement) and 

calibrating the background noise (due to the instrumental/set-up noise and amorphous volumes). This 

model accounts for the factor structure of each phase, the Lorentz factors and for the thermal scattering.  

Only two phases were considered during the analysis of the quenching process (GQ experiments): 

austenite with a face centered cubic structure (Fm-3m) and martensite with a body centered tetragonal 
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structure (I/4mmm). In practice, it has been implemented with FullProf software [53]. The background 

was fitted with a fourth order polynomial function and the diffraction peaks were modeled with pseudo-

Voigt functions.  

The determination of the body-centered phase, in the following denoted as martensite (α’), and of the 

austenite (γ) (face centered) was performed in a sequential mode from a carefully manually refined 

diffractogram. During tempering treatments, when cementite (Θ) was detectable, individual 

diffractograms were refined manually. Table 3 present the three crystalline characteristics of the phases 

used during the Rietveld refinements. 

Table 3: Crystallographic data used for the Rietveld refinement [39].  

Symbol 
Space 

group 

Cell 

chemical 
Nature x y x 

Atom  

occupancy 

α' I4/mmm Fe Fe 0 0 0 1 

γ Fm-3m Fe Fe 0 0 0 1 

Θ Pnma Fe3C 

Fe 0.181 0.063 0.337 1 

Fe 0.034 0.250 0.840 0.5 

C 0.894 0.250 0.449 0.5 

 

The respective phase fractions of the phases are estimated knowing their average composition (ATZ 

parameter of FullProf) and their respective X-Ray scattering. When comparing the integral breaths of 

the corresponding diffraction peaks, FullProf provides a measure of the respective weight fraction of the 

phases with an absolute uncertainty estimated around ±1 %. 

I.4.A.2.b Peak to peak analysis 

As previously mentioned, the dislocation density has a crucial role in the behavior of martensite. For 

this reason, we analyzed our diffraction pattern even more closely and carried out a detailed peak-to-

peak analysis to determine in situ or post mortem the density of dislocations in our samples, and more 

precisely in the martensite. 

This analysis has been conducted following the seminal work of  Williamson & Hall showing that 

dislocations by perturbating elastically the crystal lattices affect the width on the diffraction peaks on 

polycrystals [54]. Their method allows to separate the contribution of the crystallite size (perfect 

diffracting domains) from the contribution of the dislocations (crystal defects) on the Full-Width at Half 

Maximum (FWHM) of the diffraction peaks acquired on isotropic materials.  

In the present study, two different methods were utilized to model the diffracting peaks of the martensite 

phase, therefore to obtain their respective FWHM. In the first one, a single mathematical function is 

used to model each diffracting peak, called “1Peak-1Function” in the following. In the second one, a set 

of functions is used for each diffraction peak in order to correct the possible broadening due to 
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tetragonality. This second method is called “1Peak-MultipleFunction method”. Both methods and their 

origins are described below. 

These methods break away from the Rietveld approach, which predicts all the diffraction peaks of a 

perfectly random isotropic polycrystal at the same time. In these two alternative methods, each of the 

diffraction peaks is described individually. 

I.4.A.2.b.i 1Peak-1Function 

In our approach, we analyzed the {200}, {211}, {220} and {321} diffraction peaks of martensite and 

the {200}, {220}, {311} and {420} for austenite. 

They are individually modeled with different single symmetric Pearson VII functions. As a result, the 

angular position and the FWHM are obtained for each of them. The modified Williamson-Hall method 

proposed by Ungar et al. [55–57] (called mWH in the following)  allows to determine the crystallite size 

and dislocation density on anisotropic materials with the following equation: 

ΔK =
𝜻

𝑫
+ ((

𝝅𝑴𝒃𝟐

𝟐
)

𝟏 𝟐⁄

𝝆̅𝟏 𝟐⁄ ) ∗ 𝑲𝑪𝒉𝒌𝒍
̅̅ ̅̅ ̅̅ 𝟏 𝟐⁄

+ 𝑶𝑲𝟐𝑪𝒉𝒌𝒍
̅̅ ̅̅ ̅̅  

Equation 4 

  

where ΔK=FWHM(θ)*2cos(θ))/λ, ζ was set to 0.9 as done in [54], D is the crystallite size, M is a 

parameter that depends on the dislocation density, b is the Burgers vector (0.25 nm for both the 

martensite and the austenite), 𝜌̅ is the mean dislocation density, K is the scattering vector defined by 

K=2sin(θ)/λ and 𝐶ℎ𝑘𝑙
̅̅ ̅̅ ̅ is the average contrast factor of dislocations for the specific reflection. The last 

term of the equation, 𝑂𝐾2𝐶ℎ𝑘𝑙
̅̅ ̅̅ ̅, is a higher order term with no meaning defined [56] and in which 𝑂 is 

much smaller than the coefficient before 𝐾𝐶ℎ𝑘𝑙
̅̅ ̅̅ ̅1 2⁄

, as consequence this term was not considered [58,59].  

The parameter M, related to the cut-off radius of the dislocations and their arrangement, can be evaluated 

with the Warren-Averbach method [60]. Recently Borbély [59] showed the relevance of performing the 

Warren-Averbach method without this M parameter which is related to the arrangement and orientation 

of the dislocation’s Burgers vectors.  

However, the mentioned analysis method was no used in the present work and as a consequence M was 

set as a constant during all heat treatments. The retained value is 2.2  corresponding to an average of the 

values proposed by [61]. Sallez et al. present a dislocation density study where M was considered as a 

variable, varying between 3 and 1.5 [62]. 

The average contrast factor of dislocations for the specific reflection (𝐶ℎ𝑘𝑙
̅̅ ̅̅ ̅) depends on the elastic 

constants of the material, slip systems considered and type of dislocations. The elastic constants (C11, 

C12 and C44) are temperature dependent and as a consequence 𝐶ℎ𝑘𝑙
̅̅ ̅̅ ̅ as well. For the body-centered phase 

anisotropic elastic constants were available in the literature [63–65], however this was not the case for 

the austenite (they were thus considered as constants [66]). 

The considered slip system for the body-centered phase is <111>{110} and for the austenite (FCC) is 

<110>{111}. A 50%-50% mix of edge and screw dislocations was considered in this study for both 
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phases. With all the required data the 𝐶ℎ𝑘𝑙
̅̅ ̅̅ ̅ were calculated with the AZNIC software [67] and are 

presented in Table 4 for room temperature. The 𝐶ℎ𝑘𝑙
̅̅ ̅̅ ̅ were calculated up to 700 ᵒC and then fitted with a 

second order polynomial function (a + bT + cT2 with T in K). For the {200} reflection, the fitted 

parameters are, a=0.277, b=4.854 x 10-5 and c=1.73 x 10-7 while for the three other reflections used in 

this work ({211}{220}{321}) a=0.1408, b=7.042 x 10-7 and c=2.266 x 10-8. To the author’s knowledge, 

the work presented here and published already in [14] is the first one to use thermal dependent contrast 

factors. 

Table 4: Dislocation average contrast factor at room temperature, considering a 50%-50% ratio between edge and screw 

dislocations for the body-centered phase and for the face-centered phase. 

Martensite {200} {211} {220} {321} 

𝑪𝒉𝒌𝒍
̅̅ ̅̅ ̅̅  0.278 0.141 0.141 0.141 

Austenite {200} {220} {311} {420} 

𝑪𝒉𝒌𝒍
̅̅ ̅̅ ̅̅  0.299 0.148 0.204 0.202 

 

As shown in Equation 4, the determination of ΔK and K is related to a proper description of the 

diffracting peaks (positions and FWHMs). The procedure described above is developed for the 

description of perfectly cubic lattice. However, our martensitic microstructures are probably not cubic, 

but slightly tetragonal in a very limited extent. The tetragonality will lead to the weak dissociation 

(degeneration outbreak) of certain peaks from the cubic lattice and to a specific enlargement of these 

peaks even if a splitting is not observed strictly. As a consequence, the determination procedure based 

on the FWHM could be affected. This is the reason why, in the present work a new method (multiple 

function peak fitting) is proposed to deconvolute the contribution of a possible tetragonality by 

combining an analysis of the full diffractogram (Rietveld refinement) and of each peak individually. 

I.4.A.2.b.ii 1Peak-MultipleFunctions 

The method explained in the following has been developed in the frame of the present study and has 

been published already in [68]. 

The multiple function peak fitting consists in modeling each experimental diffracting peak not by a 

single mathematical function but as the sum of different symmetric functions whose number corresponds 

to the different reticular spacings associated with a degenerated family of planes. In the case of the 

family {200}, if the lattice is tetragonal, the (002) and the (200)/(020) planes have indeed two different 

reticular spaces and as a consequence two functions will be used to represent the whole family (Figure 

11.a). In the case of the family {321}, three mathematical functions will be used in the modeling (Figure 

11.b) procedure. The red lines represent the experimental data, the yellow, green and pink are the 

different fitting functions used and the black ones are the sum of them.  
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Figure 11: Multiple function modeling of the diffraction peaks {200} in a) and of the {321} in b). 

 

To perform the multiple function peak fitting, the peak positions of respective contributions and their 

respective intensity ratio have to be determined. To achieve this, a two-step procedure has been 

implemented to minimize the degrees of freedom. 

Firstly, the c/a ratio is determined by the Rietveld refinement with a body centered tetragonal structure 

(I/4 mmm), then the reflection positions are calculated for each peak (i.e. in the case of {200}, the (002) 

and the (200)/(020) positions, while for the {321} three positions are calculated (321)/(231), (312)/(132) 

and (213)/(123)) with the Bragg’s law. The angular separations, i.e. the difference between the 

mentioned positions, are then calculated a priori. 

Secondly, each diffraction peak (c.a. {200} or {321}) is individually modeled with the number of 

Pearson VII functions determined by the number of previously calculated positions (as for the single 

peak fitting method). The intensity ratio between Pearson VII functions used for each peak is obtained 

with the Bragg’s analysis. In the case of {200} planes two functions are used, one twice intense than the 

other one corresponding to the (002) plane reflection. In this last step, the functions are forced to have 

the same FWHM and shape, and their position is restrained by the previously calculated angular 

separation. Finally, the obtained FWHM is used instead of the one-function-per-peak one. For the 

modified Williamson-Hall method, the mean angular position of the family is chosen as the intensity 

weighted average of the reflection positions.  

The FWHM obtained by the mentioned different peak fitting methods is finally corrected by suppressing 

the instrumental contribution (measured with calibrants Si, LaB6) by considering a square additive law 

[13]. The instrumental contribution was considered constant during the experiments considering the 

beam stability and apart from of the temperature no other changes were performed in the set-up.  

It has to be pointed out that the present dislocation density determination method only considers the 

crystallite size and the dislocation density as contributions to the FWHM. However, it is known that 

surface effect (minimized when working in transmission mode), composition distribution and internal 

stress distribution may affect the FWHM. Although no substitutional diffusion is expected due to the 

fast quenching and low tempering temperature, some banded co-segregation Mn-C was evidenced by 

a) b) 
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the steel supplier. Regarding the distribution of internal stress at the sample scale, no characterization 

was performed in the present work. 

With the corrected FWHM and position determined by the peak fitting, the ΔK and K were calculated 

for each peak. The following step consisted of a linear fit with the obtained points as presented in Figure 

12. From the obtained slope, the dislocation density was deduced using Equation 4. 

 

Figure 12: mWH graph from a diffractogram at the end of the 0.2C_T400C with the two methods used in the present study. 

 

The design of the HEXRD experiments as well as the whole post-treatment was performed by the PhD 

candidate. In the experimental campaigns the co-participation of Clélia Couchet, Cécile Rampelberg 

and Guillaume Geandier has to be mentioned and thanked.  

I.4.B Transmission Electron Microscopy 

The HEXRD characterization allows to detect the presence of carbides but no information regarding 

their shape or size can be obtained with the set-up used in the frame of this work. As a consequence, 

some selected samples were characterized post-mortem by transmission electron microscopy (TEM. 

This technic was also used to determine the dislocation density of the 0.2C_WQ sample for the sake of 

comparison with HEXRD. As this method is time-consuming and not necessarily more accurate, a single 

state was studied. 

A JEOL ACCEL-ARM200F microscope equipped with probe and image correctors in scanning mode 

was used to observe the dislocations and to perform EDS maps with a standard calibration.  

Another JEOL ACCEL-ARM200F microscope equipped with probe corrector in classic bright field 

TEM mode was used for carbide characterization. In both cases, a cold FEG source working at an 

accelerating voltage of 200 keV was used.  

I.4.B.1 TEM sample preparation  

Samples were milled from their initial thickness, c.a. 1.5 mm, and polished mechanically down to a 

thickness around 100 μm. 3 mm diameter discs were then punched from the slices. The discs were 

1Peak-1Function 

1Peak-MultipleFunctions 
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polished electrolytically with a solution of 2 butoxy-ethanol, methanol and perchloric acid with a Struers 

TecnuPol-5 twin-jet machine. The temperature of the solution was set between 10 and 14 ᵒC and a 

voltage of 40 V was applied.  

I.4.B.2 Carbide characterization 

The size of the carbides during the tempering was determined manually by measuring the external shape 

of the detectable carbides. It was assumed that the carbides present a prolate ellipsoidal shape. The image 

analysis grants access to the minor and major axis (rm and rM respectively) of the 3D shape. Both values 

are then aggregated to estimate an equivalent sphere radius (req). In order to obtain sufficient data which 

allows to calculate the size distribution, more than 300 carbides were measured at each studied condition 

(considering at least 5 zones of the samples). The procedure is illustrated in Figure 13. 

 

Figure 13: TEM image acquired on the 0.3C_T400C300s steel. Fe3C carbides are measured with ellipsoids (in yellow). The 

schematic transformation of volumes to obtain the equivalent radius is presented on the left. 

 

The nature of carbides was confirmed using ASTARTM/precession electron diffraction (NanoMEGAS) 

hardware and the associated software package. The zones of interest were mapped to obtain local 

diffraction patterns. The mentioned patterns are compared with a simulated pattern bank by a pattern 

matching method. This method allows to obtain the most probable phase (from the data bank introduced) 

and its orientation [69,70]. This section of the study was performed in close collaboration with AM.  

The TEM images utilized for carbide size determination and ASTAR indexation were obtained by the 

PhD candidate in autonomy. The post-treatment of the data was also performed by the author. 

I.4.B.3 Dislocation density 

The dislocation microstructures in the studied steel were analyzed post-mortem by STEM with the aim 

of estimating the density of dislocations.   

The dislocation density was estimated using a line intercept method as [27]: 

2*rm 

2*rM 
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𝝆 =
𝟐𝐍

𝑳𝒕
  

Equation 5  

 

where N is the number of intercepts, L is the sum length of all the used lines and t is the thickness of the 

thin foil. 

Six different sections were analyzed in order to avoid extremely localized values. The thickness of the 

sample was determined by Energy-Filtered Transmission Electron Microscopy (EFTEM), with a mean 

value of ca. 100 nm. The STEM characterization was performed by Ph.D. Jaafar Ghanbaja and Mélanie 

Emo while the analysis of the data was done by the PhD candidate. 

I.4.C 3D Atom Probe Tomography  

-60 °C is classically considered as the temperature above which carbon can diffuse in a reasonable time 

in steel. Carbon atoms are thus sufficiently mobile during quenching and even at room temperature to 

segregate onto certain microstructure defects, such as dislocations and boundaries [38,71,72] or to form 

carbides (self-tempering & tempering). The level of carbon segregations at microstructure scale thus 

depends strongly on the severity of the heat treatments. 

In order to study the carbon atoms distribution in the microstructure, and thus the possible segregation 

state and kinetics, 3D Atom Probe Tomography (3DAPT) characterizations were performed on 

0.2C_GQ and 0.2C_WQ samples. The experiments were performed after between 1 and 2 months of 

storage at room temperature. For the 0.2C_GQ condition 8 tips where characterized and analyzed while 

for the 0.2C_WQ condition 5 tips were studied. 

The 3DAPT experiments were performed in collaboration with PhD. Frédéric Danoix, at the Université 

de Rouen. PhD. Frédéric Danoix performed the sample preparation (electrochemical preparation) and 

the tips tomographies, while the data analysis was performed by the author under PhD. Danoix 

supervision. The experiments were performed at 50 K with a CAMECA LEAP 4000 system operated 

in voltage pulse mode a pulse ratio of 20% and a repetition rate of 200kHz. The characterization technic 

is detailed in [73,74]. The 3D volumes were recreated and analyzed with IVAS 3.8 software, the k-factor 

used during the reconstruction was set to 4.1.  

It has been reported [75,76] that in some cases, C atoms clusters arrived on the detector in the form of 

clusters of ions, producing extra peaks that must be considered and decomposed for a good composition 

determination. The total number of carbon atoms is calculated by the equation: 

𝑪𝒕𝒐𝒕𝒂𝒍 = 𝑪𝟔 + 𝑪𝟏𝟐 + 𝟑𝑪𝟏𝟖 + 𝟑𝑪𝟐𝟒 + 𝟑𝑪𝟑𝟔 
Equation 6 

 

 

where Ctotal is the total C atoms and Cx are the number of C atoms detected in carbon peaks at a ratio 

mass over charge of x [74].  

Even if the tips were mostly analyzed searching for linear segregated regions (probably segregated 

dislocations), some planar segregated defects were found as well as segregated volumes (austenite). The 

linear segregations were detected by isosurfaces at 2.5 at. % C as shown in Figure 14.a, in which interior  
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a) 

 

b) 

 

c) 

 

Figure 14: a) Isosurface of a linear segregation on a 0.2C_WQ tip. b) Reflected and centered proxigram obtained from the 

isosurface presented in a). c) Scheme of the calculation of the solute excess from the gaussian fitted function [77] (in b)) 

and the conversion into a constant value.  

the carbon content was higher. From the created isosurface, a proxigram1 was created and by reflecting 

it, it was possible to obtain the carbon profile, Figure 14.b. The proxigram was also used to show the 

carbon enrichment of the austenite film, in this case no reflection was used. 

The excess of solute (Cexc) in the dislocation is calculated by circularly integrating the mentioned profile 

minus the C concentration measure far from the dislocation (Cmatrix) [77]. A constant concentration (Cdislo) 

that gives the same Cexc was then calculated, this value will be used to compare and calibrate a 

segregation model (cf. Chapter III). Figure 14.c presents the described methodology.  

                                                        
 

1 A proxigram is built by evaluating the minimum distance of each point in the selected volume to the isosurface. Once all the 

distances are calculated, the concentration are evaluated considering all the points between a given distance and the distance 

step selected.  

 



Chapter I Materials and methods 

- 28 - 

I.4.D Electron BackScattered Diffraction in SEM 

Some selected samples have also been characterized by SEM-EBSD (Scanning Electron Microscopy - 

Electron BackScattered Diffraction) to study the microstructure and the microtexture of martensite. It 

has been used to determine the PAGS for the three studied alloys, the microstructure size of the alloys 

(Chapter II) as well as the density of Geometrically Necessary Dislocations (GND).  

The sample preparation and data acquisition was performed by Dr. Matthieu Salib, at AM. The sample 

preparation consisted of a classical sandpaper polishing until 4000 grit, then polishing with 6, 3 and 1 

μm grain size diamond pastes, finishing with 30 minutes polishing with standard fumed silica suspension. 

The data acquisition was performed in a FEG-SEM JEOL 7001-F microscope equipped with a Bruker 

e- Flash HR EBSD detector. The distance work was set at 12 mm and the accelerating voltage to 15 kV. 

The Prior Austenitic Grain Sizes (PAGS) were determined by EBSD measurements and the use of the 

post-treatment software MERENGUE [78] for the three alloys (characterization and analysis made by 

AM). The PAGS for the 0.1C steel was measured to be 10.6 μm, for the 0.2C steel 6.54 μm and for the 

0.3C steel 3.94 μm. For the 0.2C steel, the PAGS was also determined by thermal etching at the IJL. 

The austenitic grain boundaries were revealed during the austenitization treatment [79], then they were 

observed by optical microscopy (more than 500 grains were considered). In this case, the mean PAGS 

was measured to be 4.8 μm with a standard deviation of 2.3 μm (versus 6.54 μm determined by EBSD). 

The microtexture and size analysis were performed with the HKL CHANNEL 5 software with the line 

intercept method after cleaning the EBSD maps (90 x 120 μm, step 0.1 μm) with a maximum starting 

zero solutions equal to 13 %. The noise reduction was applied with an iterating mode for extrapolating 

with 8, 7 and 6 neighbors. Then, manually repeatedly extrapolation with 5 neighbors until reaching 1 % 

zero solution. Finally, the wild spike were extrapolated.  

An intercept line method was used to determine the distribution and mean size of domains. This method 

was performed with different misorientation angles as thresholds to define the domain limits with 200 

lines (number of lines determined after carrying out a sensibility study to this parameter). For each 

condition both, vertical and horizontal, sets of lines were used. 

The GND determination was performed by using the equation proposed by Liu et al. [80]  with the 

Kernel Average Misorientation (KAM), considering a square shape Kernel of 5 x 5 pixels, the Burgers 

vector equal to 0.25 nm and the alpha parameter set to 3. Five different zones were used for the present 

determination (60 x 45 μm), with a total surface of around 13500 μm2. The EBSD data was post-

processed using AZtec Crystal Software. The GND determination was performed by Dr. Matthieu Salib, 

at AM. 

I.4.E Mechanical testing 

The tensile behavior and the microhardness are the selected mechanical behaviors of the martensitic 

steel to be characterized. 
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I.4.E.1 Tensile testing 

The tensile tests were performed at AM with a Zwick machine and under the standard NF EN ISO 6892-

1. The samples shape followed the ISO 12.5x50 specifications. A constant loading rate was followed at 

low strain followed by a displacement controlled stage. The engineering stress and strain were 

transformed into true stress and true strain a in later treatment to be compared to behavior models. 

The mechanical trials were performed by AM staff while the treatment of the obtained engineering stress 

and strain curves was performed by the author. 

I.4.E.2 Micro-hardness 

Hardness values were measured by micro-indentation Vickers tests carried out using a Presi HZ50-4 

machine with a load of 0.1 kgf, leading to indentation size of about 15 to 25 µm. For each condition at 

least 50 indents were produced. The incertitude envelopes 80% of results. 

A first evidence of the microstructural evolution with the different heat treatments can be obtained by 

measuring their microhardness as presented in Figure 15. It can be observed that the GQ (average -

20 °C/s between 400 °C and 200 °C) state presented a lower hardness than the WQ state. The 

microhardness values for the low-time low-temperature tempering conditions are higher than WQ and 

then the values decrease with time and temperature. It is remarkable that the microhardness of the GQ 

state is similar to the ones presented at long-time 300 ᵒC and all holding times at 400 ᵒC. 

 

Figure 15: Evolution of the Vickers microhardness (0.1 kg) in the WQ state and GQ natural cooling state as well as function 

of the Hollomon-Jaffe parameter on the tempered conditions for the 0.2C steel. 
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I.5 Conclusions of the chapter 

1) Although the characterization technics proposed in the present study are often utilized in 

metallurgical studies, their use in combination is rarer, especially when applied to martensitic 

steels. 

2) The present set of characterization technics will allow to describe the martensitic microstructure 

at a multiscale (from a few nanometers in the case of the 3DAPT to a few microns in the case 

of the PAGS, or even at the scale of the part when considering the mechanical tests). A special 

attention will be paid to also analyze the microstructure distributions at the different scales.  

3) The characterization of the three studied steels at the different states (from as-quenched to 

different tempering states) has been a collaborative work produced with the help of AM, of 

Groupe de Physique des Matériaux (GPM) at Rouen and the CC3M at IJL. 
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Industrial steels are far from being structures without defects in the crystalline sense of the term, and 

these defects are even responsible for their mechanical properties. The microstructural “crystalline 

defects” such as grain boundaries, twins, dislocations, vacancies act as obstacles to dislocation gliding. 

As a consequence, they have a key role on their mechanical behavior and contribute to harden the 

material. It is now well established that this hardening effect is partially controlled by the relative 

strength of the obstacles but more interestingly to their spatial distributions, meaning that the hardening 

effect is extremely size-sensitive [81–83]. Two classical examples of such sensitivity are the forest 

hardening (related to the mean distance between mobile and obstacle dislocations) or the famous Hall-

Petch effect (grain size effect). The dislocation interactions and the detailed plasticity mechanisms 

leading to such sensitivity are out of the scope of this thesis but will we will use in the present Chapter 

general laws taken from the literature permitting to draw a link between the microstructure description 

and the mechanical properties. 

This is the reason why it is absolutely fundamental to characterize finely these microstructure defects in 

the studied steels but also their spatial distributions. In this Chapter, we will focus our attention mainly 

on the microtexture of the martensite steels (laths/block/packet structure and associated sizes) and on 

the dislocations spatial distribution. The dislocation density affects not only the yield strength but also 

the plastic hardening in ferritic steels. This dislocation density also involves a certain stored elastic 

energy that is the driving force for possible recovery mechanisms, in the case of tempering heat 

treatments. 

The present Chapter is divided in three main sections, the first one aiming to introduce a bibliographic 

research focusing on the prior work related to the martensite structure and defects. The second section 

will present our experimental size measurements on microstructure (mean values and distributions) of 

the as-quenched steels. The third one gathers our results on the measurements of the dislocation densities 

during the martensite transformation and further tempering treatments.  

II.1 Focused state of the art 

II.1.A Microtexture of lath martensite 

As explained in the introduction, martensite is a metastable BCT product of the transformation from the 

FCC austenite. This transformation occurs at low temperature by a displacive diffusionless mechanism. 

In low carbon steels, the BCC structure appears in the form of small ellipsoidal prolate volumes of a 

few micrometers in length and a few hundreds of nanometers in diameter, called laths.  

Due to the displacive nature of the transformation, the BCC structure presents a certain Orientation 

Relationship (OR) with the parent austenite. It has been proven that martensite does not respect strictly 

the Bain process and few possible OR have been identified in the literature experimentally, as the 

Kurdjumov-Sachs orientation relationship ({111}γ//{011}α’&〈110〉γ//〈111〉α’), the Nishiyama-

Wasserman ({111}γ//{011}α’&〈101̅〉γ//〈100〉α’) or the Greniger-Troiano ones [84]. It is nevertheless 

difficult to state about the real nature of the process [85]. From a single PAG orientation, depending on 

the chosen process, different possible BCT orientations can appear, which are called variants. The laths, 

however, do not appear in the PAG with a random variant. 
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The lath martensite presents a multiscale and hierarchical microstructure composed of packets, blocks, 

sub-blocks and laths inside the PAG as presented in Figure 16.a. In a single PAG, there are 24 possible 

variants. A packet is defined as a group of laths with similar habit planes and the same close-packed 

plane parallel relationship with the PAG (former {111} planes), and 4 orientations of packets are 

possible in a given PAG [28]. The disorientation between packets can reach misorientation angles higher 

than 30°. Each packet can be composed by three types of blocks with a block defined as a group of laths 

with similar crystal orientation (between 3 to 6 possible variants depending on the OR). Following the 

KS OR, the blocks can also sometimes be decomposed in two kinds of variants with a misorientation 

angle lower than 10.5° [28,86]. These two groups are known as sub-blocks. The smallest microstructural 

domains are the laths whose boundaries present misorientation angles of only a few degrees between 

them inside a given sub-block. A set of SEM-EBSD micrographs presenting PAG boundaries as well as 

packet boundaries and laths are shown in Figure 16.b and Figure 16.c. As observed in Figure 16.c a 

group of laths in a block are aligned presenting a morphological texture at the submicrometric scale. 

The characterization of the microstructure size can be performed by optical microscopy, after a thermal 

etching. At a smaller scale, EBSD characterization has been widely used to study the microstructural 

size as function of the critical misorientation size while applying the intercept method [87]. 

  

 

Figure 16: a) Hierarchical microstructure of lath martensite, highlighting the concepts of packets, blocks, sub-blocks and laths 

inside a Prior Austenitic Grain (PAG). b) SEM-EBSD micrograph of an as-quenched martensite presenting a set of PAG 

boundaries as well as packet boundaries. The thin aligned boundaries are laths boundaries shown in detailed in c) by 

backscattered electron contrast imaging . b) from [88] and c) from [89].  

 

a) 

c) 

b) 



Chapter II Microstructure of martensitic steels: Structures, defects and sizes 
 

- 34 - 

EBSD characterization allows to perform reconstruction of the microstructure up to the PAG by using 

the previously established orientation relationships [86,89]. Finally, at an even smaller scale, the lath 

width can be characterized by TEM [89,90]. In this last case the drawbacks are that no distinction of the 

boundary kind can be performed. The analyzed volume is also limited and the statistical 

representativeness of such observation must be often questioned.  

Hutchinson et al. performed a systematic study of the effect of the carbon content on the martensite 

microstructure size by applying the intercept method on EBSD maps [87], as the one presented in Figure 

17.a. The evolutions of the microstructural size as function of the considered critical misorientation 

angle for different steels are shown in Figure 17.b. 

The measured mean size increases with the threshold chosen to make the measurement, first rapidly 

between 2° and 10° and then slowly. This evolution is explained as different microstructural features 

are in fact characterized. The lath width is mostly measured at few degrees misorientation, when the 

threshold is placed over a few degrees. Close to 10°, mostly the sub-blocks are identified. When the 

threshold angle is higher than 10°, for example 14°, then most of the highly disoriented boundaries are 

characterized including PAG boundaries, packets and blocks. These curves give a good overview of the 

sizes of all microstructure components at a glance. 

When now comparing the different steels, it clearly appears that the microstructures are finer when the 

steels contain higher carbon content [87]. The low-carbon steels (steels A and B) in [87] presented a 

smaller PAGS. 

 

 

Figure 17: a) EBSD map of a 0.23 wt.% steel. b) Evolution of the microstructural size obtained by the line intercept as a 

function of the carbon content. From [87], image width is 100 μm. 

 

The diversity of the characterization methods and of the types of boundaries that they are likely to reveal 

make comparisons between literature publications very difficult. This is a point that will be discussed at 

length in the present Chapter. 

Maki et al. showed the linear correlation between the packet size and the PAGS [91]. This correlation 

was later confirmed by Galindo-Nava et al. [92] combining the results of [10,86,93]. A linear correlation 

between the block size and the PAGS is proposed for PAGS lower than 75 μm. However, a decreasing 

correlation for the mean lath width is proposed versus the carbon content of the alloy and not with the 

a) b) 
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PAGS as for the other two microstructural features. This particular correlation of lath width with the 

carbon content is based on the works of [87,94–96]. 

The size of lath martensite has also been the subject of scientific work from the late 1960s and 1970s 

until nowadays, mainly by TEM analysis. Krauss [94,97,98] showed that in a 0.2 wt.% C steel the most 

frequent lath widths ranges between 0.15 and 0.2 μm (a similar average lath width was reported by 

Speich and Warlimont [99], 0.25 μm) with a log-normal distribution from 0.1 to several micrometers. 

Even if in the mentioned studies the distribution of lath width were reported, in more recent work usually 

only the mean values of lath, block and/or packet width are reported. One recent study presenting the 

block diameter distribution of a 0.3 wt.% carbon steel was performed by HajyAkbary et al. [88]. 

Shamsujjoha presented the distribution of lath width and block diameters for three different steels with 

varying the carbon content [89]. 

The distribution of the lath width has been related to the martensite transformation sequence. Apple et 

al. [94] suggested that first the large laths are formed and then the finer ones in the constrained austenite. 

In a much more recent work, Morsdorf et al. [45] studied the effect of the transformation sequence on 

different microstructural features (size, carbon segregation/precipitation, dislocation density) by a 

combination of characterization techniques and showed evidence of the mentioned sequence.  

From the presented results, it can be concluded that the microstructure size of the martensite decreases 

with the carbon content of steel. A correlation with the PAGS is also presented due to the hierarchical 

nature of the martensite. The distribution of sizes present a log-normal shape in which the wider sizes 

are related to the first formed martensite. 

Moreover, the size distribution of domains and their mean values are susceptible to evolve during 

tempering. This evolution has been documented in high temperature tempering but not at temperatures 

lower than 600 ᵒC [100]. Garcia-Mateo et al. showed that tempering at temperatures lower than 550 ᵒC 

does not affect bainite thickness [101]. As all the tempering heat treatments performed in this work are 

at least 150 ᵒC lower than the two cited temperatures, it will be considered that no changes on the as 

quenched domain size distribution occurs during tempering. 

The size of the microstructure domains has important effect on the mechanical properties, for example 

on the yield strength. As rule of thumb, the finer the microstructure, the higher the flow stress is. As this 

evolution follows an inverse power law (Hall & Petch like), the relative hardening in ferrite becomes 

highly sensitive to the size when it reaches micron or submicron values as observed in Figure 18. This 

Figure thus shows the importance of a careful determination of the domain sizes in the case of 

martensitic steels. Note that the steels studied in [82] were produced by power metallurgical which may 

affect the mechanical properties.  

In the present work, the mean domain size will be studied as function of the critical misorientation angle 

for the three considered alloys in the water quenched state as proposed by Hutchinson et al. [87], with a 

special attention dedicated to the obtained distributions. 
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Figure 18: a) Tensile behavior of ferritic steels with different grain sizes, after [81]. b) Tensile tests on ultrafine grain ferritic 

steels (manufactured by powder metallurgy, after [82]). 

 

II.1.B Dislocation density 

Although it is well established that the mean dislocation density has an important effect on the 

strengthening of metals [102], it also affects other metallurgical mechanisms. As example, dislocations 

are known to trap carbon atoms and could act as nucleation sites for carbide precipitation [38,103–105]. 

As a consequence, it is crucial when studying martensitic steels and their tempering to have a proper 

idea of the dislocation density, nature and spatial distributions.  

In the rest of this work, we will be interested in the different categories of dislocations that are generally 

found in the microstructure of steels and their spatial distributions. When possible, we will try to 

distinguish systematically the Geometrically Necessary Dislocations (GNDs) which contribute to the 

plastic accommodation in between microstructure components and generate long range internal stresses 

from the Statistically Stored Dislocations (SSDs) which are debris from the plastic deformation process 

and thus solely contribute to an isotropic hardening. The low angle boundaries in between the laths often 

correspond to walls of GNDs for instance. Dislocations cells encountered inside the laths are on the 

contrary often made with SSDs. Figure 19 shows some examples of TEM observations of such defects 

in martensitic microstructures. 

 The dislocation density can be determined by a large variety of characterization techniques; XRD 

(Williamson-Hall method [54], modified Williamson-Hall method [55–57] and Warren-Averbach [60]), 

TEM [27], Electron Channeling Contrast Imaging (ECCI) [83,106], Small-Angle Neutron Scattering 

(SANS) [17], neutron diffraction (ND) [42] and by EBSD [80] without being exhaustive. Even 

dilatometry has been used to estimate the dislocation density [107]. Most of the technics put into 

evidence all the dislocations (SSD and GND) while only the geometrically necessary dislocations (GND) 

can be detected by EBSD as it is based on the Kernel disorientation angle. 

The following section will deal successively with the available literature on dislocations in as quenched 

martensite and on their evolution during tempering. 
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Figure 19: Electron channeling contrast images of dislocation structures presenting in a) homogenous distribution within the 

lath and in b) the presence of cells with its concentrated and depleted regions. From [83]. 

 

II.1.B.1 Dislocation density in as quenched martensite 

It has been often reported in the literature that dislocation density in the martensite increases with the 

carbon content of the steel [27,92].  This trend is related to the higher transformation strain. Figure 20 

presents a summary of mean dislocation density values measured in martensite as a function of carbon 

content (up to 0.38 wt.% C) obtained from the bibliography [17,27,42,61,88,89,108–110]. From 0 to 

0.22 wt.% C a linear correlation is visible, for higher carbon contents this correlation becomes more 

scattered.  

In the frame of our study, an equation is proposed to represent mathematically the mentioned correlation: 

𝛒̅ = 𝟏 × 𝟏𝟎𝟏𝟒 + 𝟏 × 𝟏𝟎𝟏𝟔 ×  𝒘𝒕. % 𝑪 ± 𝟏 × 𝟏𝟎𝟏𝟓 𝟏/𝒎𝟐 
Equation 7 

  

where 𝝆̅ is the mean dislocation density. 

The presented dislocation densities are considerably high for metals. For instance, similar magnitudes 

are usually obtained in metals which have undergone severe plastic deformation [111,112]. The specific 

contribution to the 0.2 yield strength can be estimated up to 900 MPa [88,89] which can be compared 

with the size strengthening observed in defect-free sub-micrometric microstructures.  

All the dislocation densities presented in Figure 20 were determined at room temperature after 

quenching. The determination of the dislocation density during the martensitic transformation itself 

requires a more specific in situ experimental set-up with a high acquisition rate, as the transformation is 

fast below Ms.  

 

a) b) 
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Figure 20: Mean dislocation density in low carbon martensitic steels as function of the C content [17,27,42,61,88,89,108–110]. 

The values determined by TEM are indicated with a cross, those by EBSD by a star, those by neutron diffraction (ND) with a 

square, those by XRD by a triangle and the one by Small-Angle Neutron Scattering (SANS) with a circle. An empirical equation 

is proposed for the mentioned correlation. 

 

Christien et al. studied the evolution of the dislocation density in the martensite and in the austenite 

along the martensitic transformation in a stainless steel using in situ neutron diffraction [113]. In a more 

recent work Yonemura et al. utilized an X Ray free-electron laser (XFEL) [114]. However, in this latter 

study the dislocation density evolution as a function of the transformation was not obtained from a single 

sample but from the juxtaposition of 11 independent experiences. In a recent project funded by the 

Research Fund for Coal and Steel of the European Union (ToolMart project), the dislocation density 

curve (of the martensite and of the austenite) as a function of the temperature is determined from one 

single in situ HEXRD synchrotron experience [17]. In this last mentioned report, no correlation was 

made however between the mean dislocation densities in the martensite and the transformed fraction. 

The dislocation densities in martensite and in austenite increase with the transformation (sometimes 

only indicated by the decrease of the temperature) during quenching according to these three works 

[17,113,114]. This phenomenon can be related to the sequence of the transformation, in which the 

transforming martensite forms from an austenite that becomes harder due the transformation strain and 

a size effect (progressive fragmentation of parent austenite). The martensite inherits progressively more 

dislocations from the austenitic matrix. 

The dislocations present within laths are shown to be distributed homogenously at the as quenched state 

as reported by [83,89], this may evolve during a tensile test [89,115] and during tempering [83]. In lath 

martensitic steels, it has been found that a higher proportion (ca. 75 %) of screw dislocations are present 

in the as-quenched state and that tempering at 500 °C may decrease this proportion [83]. Tensile 

deformation was found to not affect significantly the 75% screw proportion [83,89]. 
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A steel with high dislocation densities is unstable as it contains a high amount of stored elastic energy. 

As a consequence, if the system is reheated, recovery of the dislocation structure can take place.   

II.1.B.2 Recovery and tempering 

The recovery corresponds to the decrease in the dislocation density mainly by annihilation and 

recombination of dislocations as well as their rearrangement at the microstructural scale. Both 

mechanisms are thermally activated (as based on the iron self-diffusion) and their driving force is the 

decrease in the elastic stored energy (as for the recrystallization process which generally occurs at higher 

temperatures).  

From an experimental point of view, the evolution of the dislocation density during a tempering is 

usually deduced by indirect measurements, though the evolution of the mechanical properties: hardness 

[116,117], or tensile test curves [118]. Pesicka et al. characterized post mortem the effect of tempering 

at 750 °C on the SSDs and GNDs by combining TEM and XRD measurements, showing that for high 

dislocation densities XRD characterization is more suited [119]. Sallez et al. followed the recovery of a 

oxide dispersion-strengthened ferritic powder at 600 ᵒC by in situ HEXRD synchrotron experiments [62] 

as shown in Figure 21. Below 400 ᵒC, a slow change of the dislocation density is observed. From 400 ᵒC 

to higher temperatures a fast diminution of the dislocation density is reported, followed by a plateau. 

Similar conclusions regarding the heating section were presented by Moreno et al. by an in situ HEXRD 

synchrotron experiment on a cold rolled steel [120]. 

 

 

Figure 21: Dislocation density evolution during tempering at 600 °C of a ferritic powder taken from [62]. mWA standing for 

modified Warren-Avenbach method. 
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In situ studies of recovery at low temperatures are rare in the literature. Shi et al. tracked the dislocation 

density by in situ neutron diffraction in a temperature range from 100 ᵒC to 700 ᵒC on a low-carbon 

martensitic steel [61]. However, in their work, the authors only inform the final values indicating that 

from 100 ᵒC to 200 ᵒC no major changes are observed.  

From a modeling point of view, two main families of recovery models are found in the bibliography; 

physically based and empirical models. The first family aims to obtain a good understanding of the 

underlying physical mechanism even if the description of the experimental results is not perfect. Few 

models falling into this category can be cited: Friedel’s model based on the mechanical relaxation [121], 

Humphreys’ model based on dislocation microstructure rearrangement [122], or Nes’ model combining 

both mentioned theories [123].  

For instance, the evolution of the mean dislocation density predicted by Friedel according to the short-

range annihilation of dislocations by a thermally activated cross-slip mechanism follows the equation:  

𝐝𝛒̅

𝐝𝐭
= −𝐊𝐅

𝟐(𝛂𝑪𝑻𝝁𝒃𝝆̅)𝟐

𝒌𝑩𝑻
𝒆𝒙𝒑 (

−𝑼𝟎 − 𝑽𝜶𝑪𝑻𝝁𝒃√𝝆̅

𝒌𝑩𝑻
) 

Equation 8 

  

where KF is a constant (J/(GPa2s1)), α is a geometrical constant with values typically between 0.25 and 

0.5, CT is the Taylor constant (can be considered as 3), μ is the shear modulus, b is the Burgers vector 

and ρ̅ has been previously defined. U0 is the apparent activation energy (kJ/mol) with values typically 

between 150 and 174 kJ/mol for iron self-diffusion in ferrite [123,124], V is the apparent activation 

volume, kB is the Boltzmann constant and T is the temperature in K. An example of a recovery 

experiment with the modeled recovery by the Friedel’s model as well as by the Nes’ one is presented in 

Figure 22.a. 

In the second family of models, i.e. empirical ones, logarithmic mathematical functions are often 

proposed [125,126] (with no good description neither at the beginning of the tempering nor at long times) 

as well as some more complex mathematical expressions [127]. The following model introduces a 

threshold dislocation density in order to capture the experimentally observed saturation and is expressed 

as: 

𝐝𝛒

𝐝𝐭
= −

𝟐𝛍𝐛𝟑𝐃𝐞𝐟𝐟𝑪𝒓𝒆𝒄

𝒌𝑩𝑻
(𝝆𝟐 − 𝝆𝒔𝒂𝒕

𝟐) 
Equation 9 

  

where Deff refers to the effective diffusion coefficient for substitutional elements (m2/s), Crec is a 

material-dependent parameter which has to be calibrated, ρsat is the temperature-dependent “saturation” 

dislocation density (1/m2) and the other terms have the already established meaning. A similar 

formulation is proposed by Wedberg [128]. Such formulations could serve to describe experimental data 

at constant temperatures but are less suitable to predict evolutions along non-isothermal holdings, 

contrary to physically-based models. Figure 22.b presents one example from the literature in which this 

kind of empirical model was applied.  
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Figure 22: a) experimental and modeled evolution of the dislocation densities when annealing a cold-rolled steel at different 

temperatures, from [129]. b) experimental and modeled evolution of the dislocation densities when tempering a chromium-

alloyed ultra-low-carbon martensitic steel, from [130]. 

 

The present work will focus on the systematic characterization of the evolution of the mean dislocation 

density during the martensite formation, considering the effect of the nominal carbon content of the 

alloy as well as the effect of the cooling rate. From the evolution of mean dislocation density, the spatial 

distribution after quenching will be predicted. The recovery of the dislocation densities (mean and 

distribution) at low temperatures tempering will then be characterized and modeled.  

II.2 Microstructure sizes 

Our experimental study of the microstructure in the studied steels will be divided in two sections. The 

first one will focus on the average domain size and its evolution as function of the carbon content. A 

special emphasis will be done on the choice of the threshold misorientation angle permitting to define 

boundaries in the microstructure and thus what we called domains of interest delimited by theses 

boundaries or more simply “domains”. The second section will be dedicated to the analysis of the 

obtained size distributions of these domains.   

II.2.A Average domain sizes 

The EBSD maps of the studied steels are presented in Figure 23, a) for the 0.1C_WQ steel, b) for the 

0.2C_WQ steel, and c) for the 0.3C_WQ steel. The black lines represent all boundaries with a 

disorientation higher than 10°, while the white ones refer to the boundaries higher than 50°. For the 

different alloys some PAG with two or more clear different orientations (for instance one close to 111 

and one close to 001) can be observed indicating the presence of different variants. Some of these 

“multivariant” PAGs are highlighted with black dashed ellipses. The PAG size of the 0.2C_WQ steel 

seems visually smaller than the 0.1C_WQ, while the 0.3C_WQ is visually the one presenting the 

smallest PAG size.  

a) b) 
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Figure 23: SEM-EBSD maps (Inverse Pole Figure representation)  a) of the 0.1C_WQ steel, b) of the 0.2C_WQ steel, and c) 

of the 0.3C_WQ steel. The black lines represents misorientations ≥ 10°, while white ones ≥ 50°. The black ellipses highlight 

some PAGs 

 

The domain sizes in the water quenched state for the three studied steels were first measured by the line 

intercept. As explained in the state of the art (Section II.I.A), this procedure require to define a critical 

misorientation angle to be able to detect the expected boundaries on the maps. Varying the threshold 

misorientation angle would allow to get insights on the low disoriented joints as well as on the highly 

disoriented ones. This is the reason why the line intercept has been conducted on each map with different 

thresholds and the results will be presented as a function of this latter critical angle (from 2° to 45°). 

Two sets of lines were used for each map, a horizontal one and a vertical one (400 lines in total). The 

lowest number of segments measured, 7680, was reached at the highest threshold value (45ᵒ) on the 

0.1C steel (largest PAG). On the other hand, using a critical angle of 2.5ᵒ on the 0.3C steel leads to more 

than 50000 segments. From the total number of segments, only the ones identified as BCC phase and 

longer than 0.15 μm (1.5 times the probe step) were considered. Then, the average value was calculated 

and stereologically corrected (multiplied by a 0.32 factor as proposed in [131]).  

Figure 24 presents the results for the three alloys including results obtained with the vertical and the 

horizontal sets of lines. The mean value is also reported (considering the two set of lines). The minimal 

average values are 0.28, 0.24 and 0.2 μm for 0.1C, 0.2C and 0.3C steels respectively, while the 

maximum ones, at the highest misorientation angle, are 0.7, 0.45 and 0.35 μm. The difference in sizes 

between the three alloys increases with the misorientation angle. 

50 μm 50 μm 

50 μm 

a) b) 

c) 

rolling 

direction 
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Figure 24: Average domain size as function of the threshold misorientation angle. The alloys are identified by the marker type 

as presented in Section I.3. The color code corresponds to the orientation of the intercept: vertical lines in blue, horizontal ones 

in violet and mean in green.  

 

In Figure 24 three main tendencies can be appreciated. 

As expected, the mean domain size increases with the threshold angle; first quickly below 10ᵒ and then 

at a slower rate. A similar evolution of the size with the misorientation has been reported by [87,132]. 

It is related to the hierarchical lath martensite structure. The low critical misorientation angles put into 

evidence the laths and sub-blocks and, therefore, the mean size is controlled by these features [28]. 

Above, the mean size is more controlled by the block, packet and PAG structure and, thus, increase with 

the critical angle. The 60° corresponds especially to the angle found between self-accommodating 

variants and are usually related to block boundaries [133]. Although several block boundaries are 

observed in Figure 23 in white lines (≥ 55°), by considering this threshold many high disoriented PAG 

boundaries are not detected. As a consequence, no determination higher than 45° was performed. 

Then, the higher the carbon content of the steel, the lower the domain size as reported by [87]. As shown 

in Chapter I, the PAGS are 10.6, 6.54 and 3.94 μm for 0.1C, 0.2C and 0.3C steels respectively. It 

obviously decreases with the carbon content, in contrast with [87]. The packet size is related to the 

PAGS and the block size to the packet size [91,92]. The observed trend can be thus explained and 

inherited from the austenitic state. Another reasonable explanation is related to the transformation 

temperatures as in bainitic steels [132]. The lower the carbon content of the steel, the higher the Ms 

temperature is.  

For the three studied EBSD maps studied (one per alloy), the analysis using vertical lines gives higher 

average domain sizes than one using horizontal lines. A possible hypothesis explaining this phenomenon 

is that the three maps has been obtained in the same direction versus the rolling axis, with the vertical 

direction parallel to the rolling axis. The systematic difference put into evidence could be explained by 

a weak morphological texture of the austenitization due to a memory effect. 

The EBSD characterization allows to determine the mean microstructural size as function of the choice 

of the critical misorientation angle. It can be concluded that the microstructure becomes finer with the 
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carbon content in the studied steels. However, our measurement can be further exploited to determine 

also the statistical and special distributions of these sizes. 

II.2.B Domain size distributions 

In the analysis conducted above, for each threshold angle, the length of each intercept is recorded 

allowing to exploit and analyze further their statistical distribution. However, the occurrence of a certain 

length in the distribution does not represent the probability to find a certain feature size at a given point 

in the microstructure. The purely statistical distribution of the measured lengths must be corrected by a 

stereological approach to account for: 

• The measure in a cutting plane neglecting the inclination of the lath below the surface 

• The measure is not made perpendicular to the boundaries 

• The volume distribution 

A strong assumption is made is that the laths of martensite are thin lamellas in the microstructure. The 

first parameters have been taken into account when considering the stereological correction of the mean 

value (0.32 parameter). 

The volume-fraction distribution of the true spacing can be calculated as by Cahn and Fullman [134]: 

𝐏𝒗(𝒍) = 𝟑𝒍𝐍(𝐥) + 𝐥𝟐
𝒅 𝑵(𝒍)

𝒅 𝒍
  

Equation 10  

 

where the l is the intercept spacing (not multiplied by 0.32) and N(l) is the occurrence of the segments 

with a length l (occurrence distribution discussed above). P𝑣(𝑙) will be called spatial distribution of size 

in the following. 

Figure 25.a presents the spatial distribution as well as the stereological corrected one (in the following 

named “spatial” distribution) for a 14° critical misorientation angle.  

For some intercept sizes the Cahn and Fullman correction predicts negative probability density when 

applying directly to the sparse experimental data (due to the derivative term of Equation 10). As a 

consequence, the spatial distribution will be first modelled with log-normal distributions and not used 

directly.  

The log-normal distribution function is defined as: 

𝑷𝑺𝑫 =
𝟏

𝒙𝝕√𝟐𝝅
𝒆𝒙𝒑 (−

(𝒍𝒏(𝒙) − 𝜫)𝟐

𝟐𝝕𝟐 ) 
Equation 11 

 

where x refers to the variable, ϖ and Π the parameters related to the spread and the position.  
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Figure 25: a) Occurrence and spatial distribution determined on the 0.2C_WQ EBSD map applying a 14° threshold angle. b) 

Comparison between the 14° here founded spatial distribution (represented with a log-normal equation) and the distributions 

reported by [88,89]. The colors used in the present figure do not follow the chart presented in Section I.3. 

 

From the log-normal distribution the mean is given by: 

𝐦𝐞𝐚𝐧 = 𝐞𝐱𝐩 (𝚷 +
𝛡𝟐

𝟐
) 

Equation 12 

The spatial distribution, represented with a log-normal distribution, obtained by applying 14° as 

threshold angle is presented in Figure 25.b. The mentioned angle is higher than the misorientation 

between sub-blocks and the ones between laths and, therefore, would include only high angle boundaries 

(HAB) as blocks, packets and PAG. As the packet boundaries and the PAG are also physical boundaries 

of the composing blocks it can be concluded 14° would reveal the block boundaries. 

The herein determined distribution is compared with block size distributions reported in the literature 

[88,89]. HajyAkbary et al. performed their characterization by ECCI and no stereological correction is 

mentioned [88]. Shamsujjoha determined the size distribution by EBSD with a 50 nm step, no 

stereological correction mentioned [89]. The distribution determined in the present study show a good 

agreement with the one reported by Shamsujjoha [89] while the one reported by HajyAkbary et al. [88] 

presents a narrower dispersion highly concentrated in submicron sizes. The difference between the 

herein determined distribution and the one reported by HajyAkbary et al. may be due to a difference in 

the PAGS (which affect the block size [92]). 

The effect of the carbon content in the spatial size distributions is presented in Figure 26. For each of 

the three studied steels the spatial distributions were obtained applying a 14° theshold.  

The mean values presented in Figure 26 differ from the one presented in Figure 24. Two main 

explanations can be postulated. Firstly, the stereological corrections methodologies are different in both 

analyses. Secondly and more important, in Figure 24 the average is based on number of occurrences 

while in Figure 26 a volume analysis is presented. 

a) b) 
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Although, all three alloys present segments with the minimal considered length, the lower the nominal 

carbon of the steel, the higher is the proportion of blocks with longer dimension. As a consequence, the 

0.1C steel has a larger size distribution than the 0.2C steel and both are widely spread compared to the 

0.3C steel. 

The domain size study (average, number and size weighted distributions) was done at the water quench 

state for the three alloys. As all the tempering temperatures are lower than the ones in which evolution 

of the microstructure size have been reported [100,101], no change of these distributions are considered 

to happen with further tempering heat treatments.  

 

Figure 26: Probability density distribution of domain size (with stereological correction applied) for the three studied steels 

using as threshold angle of 14°. The colors used in the present figure do not follow the chart presented in Section I.3. 

 

II.3 Dislocation density 

The study of the dislocation density will be separated into two sections. The first one focuses on the 

evolution of the dislocation density (mean and local values) during the martensitic transformation itself 

while the second one is dedicated to the evolution of the dislocation density (mean and local values) 

during tempering by recovery. The methods (HEXRD, TEM and EBSD) and the studied alloys and 

conditions are presented in the dedicated Chapter I.  

II.3.A Dislocation densities during martensite transformation 

The results of the present section have been in large extent published in two publications during the PhD. 

[14,68].  

The effect of two main parameters were systematically studied, the nominal carbon content of the alloys 

and the cooling rate under Ms temperature. Four different cooling rates were applied during quenching, 

3 controlled gas quenches at -10, -50 and -100 ᵒC/s respectively and water quench (cooling rate between 
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-1000 and -5000 ᵒC/s). The characterization of the gas quench heat treatments were performed in situ 

(HEXRD) allowing to acquire data during the whole transformation while the water quenched samples 

were only characterized at room temperature (HEXRD). Some samples have also been studied post 

mortem at room temperature by EBSD and TEM.  

II.3.A.1 Mean dislocation density 

In the following subsection a detailed analysis of 0.2C_GQ_10Cs in situ HEXRD experiment is 

presented. The objective is this subsection is to introduce the applied methodology.  Then, in a latter 

subsection only the results will be discussed. 

II.3.A.1.a 0.2C_GQ_10Cs in situ HEXRD experiment 

The data (temperature, sample elongation, diffractograms) obtained the considered experiment (0.2C 

steel, martensite transformation a -10 °C/s below Ms) are presented in Figure 27.  

The evolution of the temperature during cooling is presented in Figure 27.a. Some small deviations from 

the linearity are observed at the beginning of the cooling, then a small change is observed due to the 

exothermic nature of the martensitic transformation and, finally, close at room temperature the rate 

deviates from the programmed one due to a lower temperature difference between the sample and the 

cooling gas.  

 

Figure 27: a) Evolution of the temperature during the quenching at -10 °C/s rate during one of the in situ experiments as well 

as the dilatometric signal. b) Selected diffractograms at the points shown in a) with the peak positions of the austenite and the 

martensite. The diffractograms have been shifted in 2θ and in intensity to facilitate the reading. 

 

The martensitic transformation can be confirmed by the dilatometric data which shows a clear volume 

expansion below Ms temperature. Above this critical temperature, no deviation from the linear thermal 

contraction is observed meaning that no pro-eutectoid or bainite is formed during cooling. 
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These results are confirmed by some selected diffractograms shown in Figure 27.b. In these 

diffractograms, the alloy remains fully austenitic down to the Ms. The diffractogram obtained at 200 °C 

shows the diffraction peaks of both phases, austenite and martensite while at room temperature, at the 

present scale, all the diffraction peaks correspond to the martensite and only a weak {200} austenitic 

peak are observable. 

In order to be able to determine the dislocation density as function of the martensite fraction, two 

different analyses of each dataset have been performed. The phase fraction evolution was measured 

firstly by Rietveld refinement using all the peaks simultaneously (the whole angular-window) while the 

second one is based on peak-by-peak analysis (using restricted angular-windows around selected 

diffraction peaks) to determine the dislocation densities for each diffractogram, as explained in Chapter I.  

For the selected experiment, the evolution of the phase fractions and of the Full-Width at Half Maximum 

of the {200}, {211}, {220} and {321} martensitic peaks as well as {200}, {220}, {311} and {420} 

austenitic peaks are plotted in Figure 28. 

 

Figure 28: a) Martensite transformation kinetics (0.2C_GQ_10Cs experiment). b) Evolution of the FWHM divided by the 

position of the diffraction peaks used for the dislocation density determination in the martensite (stars) and in the austenite 

(triangles). The curves presented in b) does not follow the chart presented in Section I.3. 
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The transformation kinetics during the quench is shown in Figure 28.a. At temperatures above 400 ᵒC 

no BCC or BCT phase was detectable, i.e. the microstructure is fully austenitic as expected after 

annealing at 880 °C followed by a fast cooling. The transformation starts sluggishly at ca. 390 ᵒC 

followed by a rapid change of the transformation rate at 372 ᵒC. The first segment, between 390 and 

372 ᵒC, may be due to some chemical heterogeneities, thermal gradients, decarburization of the surface, 

PAGS distribution [37,135]. The temperature at which the transformation speeds up agrees well with 

the theoretical Ms temperature of the investigated steel (369°C) accounting for the nominal steel 

composition and the prior austenite grain size (PAGS) [16,136]  At room temperature all the austenite 

in not transformed into martensite, the weight fraction of retained austenite is equal to 5 wt.%. 

Figure 28.b presents the evolution of the normalized FWHM values (FWHM divided by the peak 

position) of the austenite and martensite peaks. These peaks will serve to determine the dislocation 

densities according to the mWH method. 

Between 880 °C down to the 372 ᵒC, the normalized FWHM values of the austenite are almost constant 

as expected, meaning no change in the defect density and in the crystallite size, the absence of phase 

transformation and plastic events, consistently with [113,137]. Then, a fast increase is observed for the 

four austenitic peaks. The positive evolution with decreasing temperature continues for the three peaks 

with higher diffracting intensity {200}, {220} and {311}, while the normalized FWHM value of the 

{420} peak starts to decrease around 200 ᵒC. The decrease in the {420}’s FWHM is probably due to the 

low intensity of the mentioned peak at low austenite fraction (<20 wt.%). The ratio maximal intensity 

over background is 0.41 at the mentioned temperature while at room temperature it decreases down to 

0.31.  

The normalized FWHM values of the four martensitic peaks followed successive stages. During the first 

one a relatively fast increase is observed, followed by a saturation. When martensite first appears its 

normalized FWHM values are ca. 5 times higher than the ones of the austenite, while that at the end of 

the transformation the normalized FWHM values are similar for both phases. 

The mWH method (Section II.4.2.C) allows to determine the mean dislocation density (average of 

dislocation density in the whole phase’s volume) in martensite and in austenite from the peak positions 

and their measured FWHM values. The main hypothesis of this method is that the measured FWHM 

values are a direct consequence of the crystallite size and dislocation density only. We will show that 

this vision is probably reductive in Section I.3.A.1.c, and we will introduce in particular the effect of a 

possible tetragonality. However, in the absence of any quantitative data, we will neglect the possible 

heterogeneities of hydrostatic stresses that could also affect FWHM. The internal stresses due to the 

phase transformation deformation and its accommodation during the martensitic transformation are 

present at different scales and their precise determination is still an open question. At a phase scale, 

mean hydrostatic stress leading to a shift of the diffraction peaks have been evidenced by HEXRD 

experiments [137–139]. The heterogeneities of internal stresses inducing peak broadening are relatively 

little addressed in literature unfortunately. SEM-FIB ring-core method have been applied to report an 

anisotropic strain distribution at the scale of martensite variants [30,140]. Nevertheless, it is difficult to 

extrapolate their findings. 

The evolutions of the mean dislocation density in the austenite and in the martensite as function of the 

martensite fraction are presented in Figure 29. The mean dislocation density in austenite at less than 
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30 wt.% of martensite was lower than 1 x 1013 1/m2 followed by a fast increase up to 7 x 1014 1/m2. 

When the martensite fraction is higher than 80 wt.%, a stagnation is found related to the decrease of the 

{420}’s normalized FWHM. At martensite fractions higher than 90 wt.% the austenitic dislocation 

density determination was no more possible (negative values of the slope in the mWH equation). The 

increase of the dislocation density during the martensitic transformation can be explained by the plastic 

deformation observed by Miyamoto et al. in parent austenite adjacent to the forming martensite 

lath [141].  

The austenitic high dislocation density at high martensite fraction indicates that this phase is not a “soft” 

component of the as quenched martensitic microstructure, confirming the results of [17]. Retained 

austenite is in fact already intensively plasticized at room temperature due to the transformations strain 

and thus is also a hard phase of the microstructure (dislocation strengthening higher than 500 MPa). As 

a consequence, the plastic behavior of the martensitic microstructures cannot be strongly related to the 

residual austenite as claimed by [142] assuming a localized plastic deformation between laths. 

 

Figure 29: Mean dislocation densities evolution in the martensite (full colored markers) and in the austenite (white-center 

marker) as function of the martensite weight fraction. 

 

The dislocation density in the martensite showed a relatively fast increase in the first ca 20 wt.% from 

5 x 1014 to 1.5 x 1015 1/m2. This stage is followed by a more constant and low increase with ca 2 x 1015 

1/m2 dislocation density at the end of the transformation. 

II.3.A.1.b Effect of the nominal carbon content and cooling rate 

The evolution of the mean dislocation density in martensite during the phase transformation was 

characterized in situ by HEXRD for the three studied steels at the three cooling rates. The experimental 

martensite 

austenite 
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results are shown in Figure 30; a) for the 0.1C steel, in c) for the 0.2C steel and in e) for the 0.3C steel 

while in b) the three steels are compared at -10 °C/s cooling rate, in d) at -50 °C/s and in f) at -100 °C/s.  

From three gas quench heat treatments for the 0.2C steel and the 0.3C steel (Figure 30.c and Figure 

30.e), it can be inferred that the mean dislocation density in martensite increases with the cooling rate; 

a similar correlation was previously found in [17]. This tendency is not clear for the lower carbon content 

steel as the differences between the mean dislocation densities at the different cooling rates falls into the 

incertitude of the measurement. The increase of mean dislocation density with the cooling rate is 

however confirmed by the post mortem characterization of the water quench samples. 

 

Figure 30: Evolution of the mean dislocation density in martensite as function of the transformed fraction. a), c) and e) present 

the effect of the cooling rate for the 0.1C steel, the 0.2C steel and 0.3C steel respectively while b), d) and f) compare the effect 

of carbon content at the three studied cooling rates.  

 

Figure 30.b , Figure 30.d and Figure 30.f) shows obviously that the higher the carbon content the higher 

mean dislocation density is for a given cooling rate. The increase of the final dislocation density with 

the carbon content has been related to a higher volume change of the matrix during the transformation 

as proposed by Morito et al. [27].  

 

0.1C 

0.2C 

0.3C 

-10 °C/s 

-50 °C/s 

-100 °C/s 
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II.3.A.1.c Effect of the tetragonality 

In the preceding section, the evolutions of FWHM were linked only to the evolutions of dislocation 

densities and crystallite sizes in both phases as supposed by the mWH method. The FWHM are of course 

corrected using a calibrant to remove the experimental broadening. Nevertheless, this approach neglects 

a specificity of martensitic steels. In fact, it is well admitted that above a certain carbon content, the 

lattice of martensite could be BCT instead of BCC. As a consequence, the tetragonality could introduce 

a peak broadening not related to the defect density as some BCC peaks are slightly split. This 

tetragonality and its related effect on the FHWM is assumed to increase intuitively with a nominal 

carbon content and with the cooling rate as the self-tempering is reduced. 

The Rietveld procedure reveals that the quality of the refinement is always better on the studied 

diffractograms using a BCT lattice than a BCC one. The difference is sufficiently high to claim that a 

tetragonality (c/a>1) can be measured in all combinations of cooling rates and carbon contents at room 

temperature.  

The c/a ratios at room temperate for the three studied steels for all the cooling conditions are presented 

Table 5. 

Table 5: Tetragonality ratio at room temperature for the three steels studied at the four cooling rate during the quenching as 

well as the calculated carbon content in martensite (2 empirical equations). 

Steel Cooling rate c/a ratio 
C in matrix  

[22] - [143] 

0.1C 

-10 ᵒC/s 1.0051 0.11-0.16 

-50 ᵒC/s 1.0052 0.12-0.17 

-100 ᵒC/s 1.0051 0.11-0.16 

WQ 1.0058 0.13-0.16 

0.2C 

-10 ᵒC/s 1.0066 0.15-0.21 

-50 ᵒC/s 1.0068 0.15-0.22 

-100 ᵒC/s 1.0069 0.15-0.22 

WQ 1.0071 0.16-0.23 

0.3C 

-10 ᵒC/s 1.0076 0.17-0.23 

-50 ᵒC/s 1.0082 0.18-0.26 

-100 ᵒC/s 1.0082 0.18-0.26 

WQ 1.0089 0.20-0.29 
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From the c/a ratios, the estimated carbon contents of the matrix, were calculated with the equations 

[22,143]: 

𝒄/𝒂 = 𝟏 + 𝟎. 𝟎𝟒𝟓 ∗ 𝒘𝒕. %𝑪  Equation 13 [22] 

𝒄/𝒂 = 𝟏 + 𝟎. 𝟎𝟑𝟏 ∗ 𝒘𝒕. %𝑪 Equation 14 [143] 

 

The results of the calculation using the equations presented in [143] are higher than the nominal 

composition for the 0.1C steel and for the others two steels is very close to it. If the classical equation 

[22] is used instead, for the cooling conditions of the 0.1C steel the carbon content in the matrix is close 

to the nominal one while for the 0.2C and 0.3C steels some carbon seems to be missing in solid solution. 

As in the water quench condition no carbides were detected by TEM, it can be supposed that not all the 

carbon in the martensite contributes to the tetragonality in the same way (ca. carbon trapped in 

dislocations) also that some carbon is partitioned into the austenite. Also, an overestimation of the c/a 

ratio may be raised from the Rietveld refinement. The hypothesis of carbon partitioning into the austenite 

seems to be sustained for gas-quenched samples by the presence of carbon enriched regions which have 

been detected by 3DAPT and presented in Section III.2.A. Another element proving carbon partitioning 

is the higher retained austenite fractions measured in the experiments at lower cooling rates. These 

results are presented in Section IV.2.B. The simple applicability of these equations to low-carbon steels 

is also doubtful. 

Even if their meaning is not fully clear, the tetragonality ratios summarized in Table 6 were used in 

order to perform a correction on the dislocation density determination procedure. 

Table 6: Mean dislocation density without (1Peak-1Function method) and with tetragonality correction (1Peak-

MultipleFunction method) and the difference between both values are presented for all the quenching conditions studied. 

Steel Cooling rate 
𝝆̅                   

(× 1015 1/m2) 

𝝆̅𝒄/𝒂 𝒄𝒐𝒓𝒓𝒆𝒄𝒕𝒆𝒅 

(× 1015 1/m2) 

Δ𝝆̅                          

(× 1015 1/m2) 

0.1C 

-10 ᵒC/s 1.31 0.98 0.33 

-50 ᵒC/s 1.37 1.10 0.27 

-100 ᵒC/s 1.41 1.28 0.13 

WQ 1.54 1.25 0.29 

0.2C 

-10 ᵒC/s 2.06 1.76 0.3 

-50 ᵒC/s 2.12 1.74 0.38 

-100 ᵒC/s 2.14 1.76 0.38 

WQ 2.49 2.13 0.36 

0.3C 

-10 ᵒC/s 2.73 2.21 0.52 

-50 ᵒC/s 2.91 2.28 0.63 

-100 ᵒC/s 2.94 2.31 0.63 

WQ 3.51 2.43 1.08 
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To do so, the c/a ratio was used to first calculate the diffraction peak splitting. Then, the individual peaks 

derived from a given splitting are adjusted individually while considering that they should present same 

FWHM (same density of dislocations) in order to reproduce the experimental signal (sum of the 

respective contributions). This methodology is detailed Section I.4.B.3 as well as in [68]. 

Figure 31 presents the results of both methods; in a) the 1Peak-1Function and in b) the 1Peak-

MultipleFunction. {200} peak is better described with the first method while the shape of the {211} at 

low intensity is better with the second method. Small differences can be detected in the two remaining 

fitted peaks, in both cases the 1Peak-MultipleFunction gives a slightly better description.  

 

Figure 31: a) Diffraction peaks fitted by the 1Peak-1Function method. b) Same diffraction peaks fitted by the 1Peak-

MultipleFunction method developed in the present work. 
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The mean dislocation density without and with tetragonality correction for each quenching conditions 

are presented in Table 6. The difference between both mentioned methods is also presented.  

As expected, the mean dislocation densities with tetragonality correction are always lower than the ones 

without the correction. The higher the estimated tetragonality is the higher the difference between the 

methods is.  

The incertitude due to the M constant choice in the mWH method is 0.47 x 1015 1/m2 between M set to 

2 and to 3 for the 0.1C_GQ_10Cs condition while for the 0.3C_WQ one the incertitude is 1.28 x 1015 

1/m2. In both extreme cases the difference due to the tetragonality correction is lower than the incertitude 

due to the M choice.  

In conclusion, the tetragonality correction does not play a significant role on the dislocation density 

determination in comparison with other parameters involved. This result is sustained by the fact that the 

diffraction peaks are highly symmetrical meaning that the possible tetragonality put into evidence by 

the Rietveld analysis is probably an upper bound. Appendix A is dedicated to present the asymmetry of 

the diffracting peaks, and why the c/a ratio determined by the Rietveld refinement is probably an 

overestimation.  

II.3.A.1.c Additional post-mortem measurements by TEM and EBSD 

The mean dislocation density was determined on the 0.2C_WQ sample by TEM using the intercept 

method used by Morito et al. [27], and detailed in II.5.C Dislocation density. The total length of the lines 

was 2158 μm with a total number of intercepts of 77. The thickness of the sample determined by EFTEM 

was 90 nm (+/- 10 %). The mean dislocation density was estimated around 0.95 x 1015 1/m2. The mean 

GND density determined by EBSD analysis is 1.32 x 1015 1/m2.  

Regarding the consistency between the values obtained by the different methods, the higher dislocation 

density estimated by HEXRD (2. x 1015 1/m2) might be due to the lattice perturbations induced by other 

microstructures defects as twins, lath boundaries, small carbon heterogeneities producing different 

lattice parameter. The dislocation density determined by EBSD is low compared to the value obtained 

by HEXRD, but it only takes into account the GNDs, which represent only a fraction of the total density 

of defects (between 60 and 90 % in martensitic steels [89]).  

The relative low dislocation density measured by TEM can be justified by the sample preparation, some 

relaxation/recovery may occur in thin samples (image forces due to the proximity of free surface), as 

well as by a bias in the measurement. The determinations have been done in regions in which the 

dislocations can be identified individually, however some other regions might present higher dislocation 

densities which we were not be able to quantify. The boundaries rich in dislocations may have been also 

not fully considered by this last technic while HEXRD characterizations do not present this limitation. 

These additional experiments thus sustain our HEXRD measurements, even if the absolute values must 

be always considered with care accounting the choice of the empirical M factor in the mWH method 

and others possible contributions put aside (internal stresses, tetragonality).  
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II.3.A.1.e Discussions 

Comparison with the literature 

The mean dislocation densities of the water quench conditions of the three C contents determined by the 

mWH method (without and with tetragonality correction) as well as by EBSD and by TEM for the 

0.2C_WQ condition are presented in Figure 32 with the values from the literature (cf. Figure 20). The 

mean dislocation densities determined by the mWH method without tetragonality correction follows the 

main identified tendency. The ones with the tetragonality corrections deviate with the increase in carbon 

even if all the values are in the predicted trend. GND density measured by EBSD are in the low limit of 

the predicted zone, while the mean dislocation density measured by TEM is slightly below the scattering 

zone (probably due to the selection of regions of interest for the analysis). 

 

Figure 32: Comparison between mean dislocation densities obtained from the literature and the ones obtained in the present 

study (red symbols). Symbols correspond to the characterization technics. 

 

Relations between lath structure & GNDs 

Even if in the present Chapter, the discussion about the microtexture components and the dislocation 

density analysis are separated, there exists a strong connection between both. In fact, the low angle 

boundaries defining the laths are in fact made of GNDs. 

A first estimation of the GNDs density stored in the lath boundaries can be calculated from the lath 

width and the misorientation between laths. The misorientation produced by a barrier of dislocations 

can be calculated as [144]: 
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𝒔𝒊𝒏 (
𝜽𝒎𝒊𝒔𝒐𝒓𝒊𝒆𝒏𝒕𝒂𝒕𝒊𝒐𝒏

𝟐
) =

𝒃

𝟐𝒉
 

Equation 15 

 

where θmisorientation is the misorientation between the two sides of the dislocation wall, b is the Burgers 

vector and h is the distance between the dislocations. The density of GNDs can be, then, calculated by 

knowing the fraction of surfaces in a volume which in a simplified model can be calculated as one over 

the distance between the walls, i.e. laths width. The density of GNDs can be then calculated as: 

𝝆𝑮𝑵𝑫 =
𝟏

𝒅 × 𝒃
× 𝟐 𝒔𝒊𝒏 (

𝜽𝒎𝒊𝒔𝒐𝒓𝒊𝒆𝒏𝒕𝒂𝒕𝒊𝒐𝒏

𝟐
) 

Equation 16 

 

where d is the lath width. 

Therefore, the GNDs density required for producing a 4° misorientation between lath with a mean lath 

width of 250 nm (close to the mean of the TEM determined spatial distribution) is equal to 

1.2 × 1015 1/m2. The present value is in good agreement with the one measured by EBSD, confirming 

the consistencies of our coupled analysis at different scales. 

II.3.A.2 Spatial distribution of dislocations  

In this section, we will try to estimate the spatial distribution of dislocations on the basis of metallurgical 

assumptions and using the in situ measurements discussed in the preceding section.  

The starting point for this reasoning is the martensitic microstructure is the result of a continuous 

transformation. The sequential nature of the martensitic transformation induces a dispersion of 

microstructural features as domain sizes, carbon segregation/precipitation states, residual stresses, and 

also dislocation densities [45]. As a consequence, the measured dislocation density discussed above is 

an average over the analyzed volume.  

The observed evolution of the dislocation densities along with the martensite transformation can be 

explained either by an average increase of a uniform dislocation density or by the progressive formation 

of martensite with higher dislocation densities, while the previously formed martensite keeps its 

dislocation density constant. Intermediate scenario can also be considered. 

The first hypothesis seems unlikely due to two reasons. The first one is that plastic accommodation due 

to the martensitic transformation should occur mainly in the austenite, i.e. the softest phase. This can be 

corroborated by the drastic increase in the austenite dislocation density. The second one is that after the 

percolation of the martensite structure (20-30% of transformation) a higher degree of plastic interactions 

is expected [145,146], but the results showed a decrease in the creation rate of dislocations. 

In the present work, the second hypothesis will be assumed in the case of the martensite transformation. 

It is supported by different experimental observations, in particular by the work of Morsdorf et al. [20]. 

The progressive increase in the mean dislocation density is a direct consequence of the nucleation of 

new laths with higher local dislocation density. With the present assumption, the local dislocation 

density (in the following denominated ρlocal) in each new formed martensite increment can be calculated.  
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For a given formed martensite fraction (F), the mean dislocation density (𝜌̅) (the measured value) is 

equal to the average of the local dislocation densities that appeared in all previously formed martensite 

laths. This local dislocation density will be called ρlocal in the following. In other words, each formed 

martensite fraction (f) has a local dislocation density (ρlocal) giving at a given total formed martensite 

fraction (F) an average dislocation density (𝜌̅) that is the value measured. As a consequence, the mean 

density can be calculated by the Equation 17: 

𝝆̅(𝑭) =
𝟏

𝑭
∫ 𝝆𝒍𝒐𝒄𝒂𝒍

𝑭

𝟎

(𝒇)𝒅𝒇 
Equation 17 

  

The derivative form of the Equation 17 allows to calculate the local dislocation density at a given 

transformed fraction: 

𝛒𝐥𝐨𝐜𝐚𝐥(𝐅) =
𝐝𝛒̅(𝐅)𝑭

𝒅𝒇
 

Equation 18 

 

As shown by Equation 17 and Equation 18, the only input required to calculate ρlocal is the mean 

dislocation density as function of the martensite fraction.  

Such calculations on the raw experimental values lead to unexploitable results as the curves can be jerky 

(cf. Figure 30). Hence, in order to be able to plot the result the results of Equation 18, the mean density 

was first modeled empirically (𝜌̅ as function of F) 

The proposed equation is a parametrized square root formula: 

𝛒̅(𝐅) = 𝐀𝐝𝐢𝐬𝐥𝐨 + 𝐁𝐝𝐢𝐬𝐥𝐨√𝑭  
Equation 19 

 

where Adislo and Bdislo are constants to be calibrated on the experimental data (Figure 30) for each studied 

condition (steel, cooling rate). 

Even if the proposed equation as no direct physical ground except that describing the experimental data, 

a first interpretation of the parameters Adislo and Bdislo can be proposed. The parameter Adislo can be related 

to the minimum dislocation density required to partially relax the internal stresses caused by the volume 

change during the martensitic transformation. The parameter Bdislo can be related to the slope of the 

evolution of the dislocation density with the martensite formed fraction, it might be affected by the 

carbon content (affecting the volume change [27]) and others factors as a possible recovery during the 

quench (these effect may be ruled out at high cooling rates).  

The experimental mean dislocation density as function of the martensite fraction for the three studied 

compositions were modeled with Equation 19 in order to obtain the required parameters (only the lowest 

cooling rate data were analyzed as they are the best time resolved ones). The found values for parameter 

Adislo are 6.3 x 1014, 6.0 x 1014 and 9.0 x 1014 1/m2 for 0.1C, 0.2C and 0.3C steel respectively and the 

values for parameter Bdislo are 6.32 x 1014, 1.28 x 1015 and 1.50 x 1015 1/m2 respectively. The 

experimental points as well as the calibrated curves are shown in Figure 33.a. 
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The empirical modeled curves for the 0.1C and the 0.2C steels presents a good agreement with the 

measured values while for the 0.3C steel the description of the evolution of the measured values is poorer 

particularly when the martensite fraction is lower than 20 wt.%. In this first fraction the experimental 

incertitude is higher as the diffraction peaks are poorly defined.  

 

Figure 33: Evolution of the experimental dislocation density with the transformed fraction as well as the curves obtained by 

calibrating Equation 19 for the three studied steels at the lowest cooling rate (-10 °C/s) in a) and by water quench b). 

 

For the water quenched conditions, the only available data is the mean dislocation density at room 

temperature. It has been assumed that they have the same origin (Adislo) as for the -10 ᵒC/s cooling rate 

conditions but the slope (Bdislo) is calculated in order to provide the experimental value. The mean 

dislocation density curves and the local dislocation density ones for the water quenched conditions are 

shown in Figure 33.a. The Bdislo values are in this case 8.7 x 1014, 1.98 x 1015
 and 2.61 x 1015 1/m2 for 

the 0.1C, 0.2C and 0.3C steel respectively.  

The derivative form of the previous Equation allows to calculate the local dislocation density at a given 

transformed fraction: 

𝝆𝒍𝒐𝒄𝒂𝒍(𝑭) = 𝑨𝒅𝒊𝒔𝒍𝒐 +
𝟑

𝟐
𝑩𝒅𝒊𝒔𝒍𝒐√𝑭 

Equation 20 

 

The lower local dislocation densities are equal to 7 × 1014 1/m2, equal to 7.5 × 1014 1/m2 and equal to 

1.05 × 1015 1/m2 for the 0.1C, 0.2C and 0.3C steels respectively. The maximal local dislocation densities 

at the end of the -10 °C/s quench are 1.58 × 1015, 2.58 × 1015 and 3.23 × 1015 1/m2 respectively. The 

result of the local dislocation density as function of the transformed fraction are shown in Figure 34. 
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Figure 34: Evolution of the calibrated local dislocation densities with the transformed fraction for the three studied steels at the 

lowest cooling rate (-10 °C/s) in a) and by water quench b). 

 

As the mean dislocation density at the end of the transformation is higher for the water quench conditions, 

the local values for the water quench conditions are higher than the ones for the lower cooling rate. For 

example, the local dislocation density for the 0.2C steel for a totally transformed martensite at -10 ᵒC/s 

cooling rate is 2.58 x 1015 1/m2 while that for the water quench condition it is 3.57 x 1015 1/m2.  

Once calculated the local density of dislocations of each martensite increment, the volumetric (spatial) 

density of probability to find a position where the density of dislocation is comprised between 𝜌𝑙𝑜𝑐𝑎𝑙 

and 𝜌𝑙𝑜𝑐𝑎𝑙 + 𝑑 𝜌𝑙𝑜𝑐𝑎𝑙  can be calculated. The corresponding distributions of the local dislocation 

densities are presented in Figure 35 for the three carbon contents and for the two quenching conditions. 

The 𝜌𝑙𝑜𝑐𝑎𝑙 was calculated each 0.5 wt.% with Equation 20 and the previously presented Adislo and Bdislo. 

Then, the obtained 𝜌𝑙𝑜𝑐𝑎𝑙 were binned each 1 × 1014 1/m2. Finally, the integral of the obtained histogram 

was normalized to 1 to obtain a probability density function. 

Figure 35.a presents the mentioned distributions for the -10 ᵒC/s cooling rate while the distributions of 

local dislocation density for the water quench conditions are shown in  Figure 35.b. The distributions 

widen with the carbon content and that for a given steel the distribution is wider for the water quench 

condition, i.e. for the highest studied cooling rate. The widening with the carbon content revealed in the 

present study contradicts ones of the hypothesis proposed by Badinier [74]. 

In conclusion, a new method to estimate the local dislocation density and its distribution has been 

proposed. This method is based on a metallurgical hypothesis considering the main characteristics of 

the martensitic transformation. The distribution of the local dislocation densities widens with the carbon 

content of the steel as well as with the cooling rate. The distributions would produce a distribution of 

local yield strength; consequence that will be discussed in Chapter IV.  
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Figure 35: The probability density distributions of the local dislocation density for the three steels used in the present study 

after quenching at -10 ᵒC/s (under the Ms temperature) in a) and by water quenching in b). 

 

II.3.B Evolution during tempering 

The following section aims at studying the recovery of three studied water quenched martensitic steels. 

The associated decrease in the dislocation densities will affect in fact the carbide precipitation but also 

their related hardening effect. We will show in particular how the spatial distribution of dislocation 

density is presumably affected.  

The studied tempering heat treatments consist of a linear heating at 10 ᵒC/s followed by an isothermal 

holding (200, 300 and 400 ᵒC) of 600s (10 minutes) and a fast cooling. Such model heat treatments are 

often encountered in the literature and could serve as a basis to calibrate a recovery model.  

II.3.B.1 Mean dislocation density 

II.3.B.1.a Results 

The evolution of the mean dislocation density was followed during the tempering heat treatments and 

the results are presented in Figure 36 using the same methodology as in the previous section, i.e. by 

conducting in situ HEXRD experiments.  

The results are shown in Figure 36.a, in Figure 36.c, and in Figure 36.e for the 0.1C, 0.2C and 0.3C 

steels respectively. Figure 36.b, Figure 36.d and Figure 36.f, presents the results for the three steels at 

the different holding temperatures, 200, 300, and 400 ᵒC respectively. The reference time (t=0s) is set at 

the start of the isothermal holding by convention to be able to compare more easily the behaviors. 
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Figure 36: Evolution of the martensitic mean dislocation density during tempering as function of the holding time. a), c) and e) 

effect of the holding temperature for the 0.1C, 0.2C and 0.3C steels respectively and b), d) and f) effect of C content at the 

three studied holding temperature. 

 

All the curves present the same trends. Most of the recovery occurs at the end of the heating stage and 

during the first 30s of the holding, followed by a much slower recovery kinetics. The fast recovery is 

followed by a saturation has been previously reported [129]. In the mentioned work, the two stages 

recovery is explained by a fast annihilation of ‘free’ dislocations followed by slower reorganization of 

entangled dislocations forming cell boundaries. 

The low recovery of the three studied steels at 200 °C, almost negligible and the intensification of this 

phenomenon at 300 °C and 400 °C are in agreement with the work of Shi et al. [61] in which only the 

values at the end of the tempering treatments were presented. 

The recovery of the mean dislocation density of the three studied steels at 200 ᵒC, shown in Figure 36.b, 

shows that the dislocation density at the saturation (in the following denominated saturation dislocation 

density, ρsat) depends not only of the temperature but also of the initial dislocation density and 

consequently of the carbon content. The higher the initial dislocation density the higher the “equilibrium” 

dislocation density. A similar tendency is observed at 400 ᵒC (Figure 36.f). However, the difference 

between the three dislocation densities at saturation decreases with the temperature. 
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II.3.B.1.b Discussions 

Possible effect of the tetragonality 

During tempering, the mean dislocation density obviously decreases but carbon atoms trapped will also 

segregate and precipitate (this subject is discussed in detailed in the following Chapter). As a 

consequence, the tetragonality associated with the carbon in the matrix is supposed to decrease as well. 

It can be thus questioned if the observed decrease of the FWHM attributed to the decrease in dislocation 

density could be or not related to the evolution of the tetragonality. 

In Figure 37.a the evolution of tetragonality of the three tempering conditions of the 0.3C_WQ steel is 

presented. Figure 37.b presents the evolution of the mean dislocation density determined without 

(1Peak-1Function), full markers, and with (1Peak-MultipleFunction) tetragonality correction, empty 

markers. 

The first feature to be mentioned is that the recovery of the non-corrected mean dislocation density 

presents the same kinetics as the evolution of the tetragonality ratio. This tendency is present for the 

three holding temperatures. The coincident kinetics can be rationalized as both precipitation and 

recovery are thermally activated phenomena whose kinetics are related to the self-diffusion of iron 

[39,127]. 

 

 

Figure 37: a) Evolution of the tetragonality ratio (c/a ratio), for the three tempering heat treatments of the 0.3C_WQ steel. b) 

Evolution of the mean dislocation density determined without (1Peak-1Function method) and with (1Peak-MultipleFunction 

method) for the three holding temperatures . 
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Regarding the difference between dislocation densities determined by the two methods, at 200 °C the 

difference falls into the resolution of the method. At 300 °C, even if the recovery kinetics seem similar 

for both determination methods the initial difference between the two methods, is lower at the end of 

the tempering (1.0 x 1015 1/m2 versus 6.7 x 1014 1/m2). Finally, at 400 °C the gap between the both 

methods is clearly reduced (from 1.0 x 1015 1/m2 to 2.4 x 1014 1/m2). It can be concluded that when the 

tetragonality correction is not used a slightly higher recovery is determined (lower saturation value) but 

the kinetics are rather similar. 

The gap between the two methods is however lower than uncertainty due to the choice of the parameter 

M as mentioned above. In the following only the 1Peak-1Function method was used even if it has been 

proved that the tetragonality evolves during tempering and could affect the measurements. 

Recovery modelling 

The recovery for the nine presented conditions has been modeled with Equation 9 (empirical model 

derived from the work of Kozeschnik [127]). Crec was set to 6 x 10-4 as in [127] for all the conditions. 

The diffusion as a function of the temperature was calculated as in [147] while the shear modulus was 

calculated using the work of Ghosh and Olson [148]. The Burgers vector is set constant equal to 2.5 x 10-

10 m. Only 𝜌𝑠𝑎𝑡 has been calibrated for each curve individually to reproduce the last value. 

Figure 38 presents the experimental recovery values as well as the ones obtained using the recovery 

model. The same subgraph structure that the one used in Figure 36 is applied.  

For the recovery at 200 ᵒC, the calculated kinetics for the three steels are slower than the experimental 

values. On the other hand, the recovery at 400 ᵒC presents a fast decrease of the dislocation density in 

good agreement with the experimental values. The model presents also a good agreement with the 

experimental values for the tempering at 300 ᵒC. The discrepancies between the model and the 

experiments may be partially due to the use of a fixed Crec. A better adjustment could have been obtained 

by considering Crec as a free parameter but at the cost of a loss in physical meaning. 

The adjusted saturation dislocation densities used for the calculations presented in Figure 38 are 

summarized in Table 7. The saturation values are in the order of the GNDs (cf. previous discussion), 

meaning that the recovery probably affect more the SSDs than the GNDs defining the lath (stable with 

the temperature).  

In order to be able to develop a fully predictive equation of the recovery, a linear extrapolation of the 

dislocation density at saturation is proposed as function of the initial dislocation density and of the 

tempering holing temperature. Therefore, the dislocation density at saturation can be estimated as: 

𝝆𝒔𝒂𝒕 = 𝟓. 𝟓 × 𝟏𝟎𝟏𝟒 + (−𝟑. 𝟎𝟔𝟒 × 𝟏𝟎−𝟑 𝑻 + 𝟏. 𝟐𝟗𝟔𝟑 )  ×  𝝆𝟎  Equation 21 
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Figure 38: Evolution of the experimental and simulated mean dislocation densities during tempering as function of the holding 

time. a), c) and e) effect of the holding temperature for the 0.1C, 0.2C and 0.3C steels respectively and b), d) and f) effect of 

carbon content at the three studied holding temperature. 

 

Table 7: Saturation dislocation densities for the nine studied tempering conditions (200, 300 and 400 ᵒC holding temperatures 

for the 0.1C_WQ, 0.2C_WQ and 0.3C_WQ steels). 

  𝝆𝐬𝐚𝐭 (x 1015 1/m2) 

Steel name 
𝝆𝟎 

(x 1015 1/m2) 
200 ᵒC 300 ᵒC 400 ᵒC 

0.1C steel 1.50 1.20 1.10 0.55 

0.2C steel 2.50 2.30 1.50 0.63 

0.3C steel 3.50 3.10 1.95 0.85 
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Equation 60 can be rewritten taking into consideration the relation between the nominal carbon content 

and the initial dislocation density as:  

𝝆𝒔𝒂𝒕 = 𝟓. 𝟓 × 𝟏𝟎𝟏𝟒 + (−𝟑. 𝟎𝟔𝟒 × 𝟏𝟎−𝟑 𝑻 + 𝟏. 𝟐𝟗𝟔𝟑 )  ×        

                                                              (𝟐 × 𝟏𝟎𝟏𝟒 + 𝟏 × 𝟏𝟎𝟏𝟔 𝒘𝒕. %𝑪)  
Equation 22 

 
 

Equation 22 will be useful to design the coupled recovery/segregation/precipitation model presented in 

Chapter III. 

The recovery of the mean dislocation density has been determined by in situ HEXRD experiments for 

the nine tempering conditions. Two stages were observed; a fast one followed a stagnant stage. The 

obtained results were modeled with an empirical model obtaining the required parameter (𝜌𝑠𝑎𝑡). By 

obtaining the parameters as function of the temperature, the empirical recovery model now is suitable 

to describe non-isothermal heat treatments including the heating section. The calibrated model will be 

used to calculate the recovery as function of the local dislocation density and the temperature in the 

following chapters.  

II.3.B.2 Local dislocation density distribution 

The recovery of the dislocation densities discussed in the previous section correspond in fact to a mean 

evolution which encompasses a spatial distribution of local dislocation densities. 

The method developed in this work grant access to the distribution of the local dislocation density at the 

initial state, i.e. as-quenched martensite. It is also possible to estimate the individual recovery kinetics 

in each martensite domains (with their own local dislocation density). To do so, we have to couple our 

estimation of the spatial distribution of dislocations (cf. Figure 35) and our model presented just above. 

The recovery model is applied with Crec, set to 6 x 10-4, and ρsat calculated by applying Equation 60, i.e. 

with ρ0 = ρlocal instead of assuming ρ0 = 𝜌̅. 

This approach is of course an extrapolation assuming that the model is correct also at a local scale. 

The evolution of local dislocation densities due to recovery is shown in Figure 39 for the 0.3C steel. 

Figure 39.a, Figure 39.c and Figure 39.e show the evolution of the experimentally determined mean 

dislocation density and the recovery model results as in Figure 38 with the evolution of the local 

dislocation density (each line represents 2 wt.% of martensite). At each step, the average of all local 

dislocation densities is calculated and is shown as an ‘average ρlocal’.  

As expected, the fraction of martensite containing higher densities of dislocations recovers faster than 

the one with densities lower than the average. Nevertheless, the average of the recovered local 

dislocation densities is almost juxtaposed with the results of the mean recovered dislocation density. 

This point validates in some extent the methodology. 

As soon as the local densities of each martensite increment can be tracked individually, the spatial 

distribution of the local dislocation densities can be calculated all along the tempering treatment. The 

spatial distribution of the local dislocation densities at the water quenched state (already presented in 
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Figure 35) and at different holding times (0, 30, 30 and 300s) for the three studied tempering 

temperatures are presented in Figure 39.b, Figure 39.d and Figure 39.f. These figures shows that the 

tempering obviously leads to a global decrease in the mean density as already discussed but also reduces 

the width of the distribution. For the 200 ᵒC tempering (Figure 39.b), the only observable change is at 

300s. In the case of the 300 ᵒC tempering, the process seems finished after 60s. Finally, even at 0s of 

holding in the tempering heat treatment at 400 ᵒC the distribution of local dislocation densities is already 

narrower than the one in the as-quenched condition. 

 

Figure 39: Evolution of the mean dislocation density (bold symbol), the modeled dislocation density (bold empty symbol), the 

modeled local dislocation densities (small symbol) and the average value of the modeled local dislocation densities (star) for 

the 0.3C alloy during tempering at 200 ᵒC in a), at 300 ᵒC in c) and at 400 ᵒC in e). The corresponding distributions of local 

dislocation densities at the water quench state and during the tempering after 0s, 30s, 60 and 300s are presented in b), d) and f) 

for the treatments at 200, 300 and 400 ᵒC respectively. 

 

The methodology presented in the present work allow to estimate by reasonable extrapolation the 

evolution of the spatial distribution of dislocation densities during the tempering heat treatments. A clear 

narrowing of the distributions is observed for the 300 °C and the 400 °C tempering treatments while this 

phenomenon is less pronounced for the 200 °C tempering. As a consequence, a decrease in the 

distribution of local yield strength at the microstructure scale is expected when tempering a martensitic 

steel.  
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II.4 Conclusions of the chapter 

This Chapter has shown that important metallurgical characteristics (density of dislocations, sizes of 

microtexture components) for the mechanical behavior of martensitic steels may exhibit large dispersion 

on a given microstructure. The width of these distributions depends on the carbon content of the steels 

but also on the manufacturing conditions (hardening or tempering speed).  

1) The application of the line intercept method on EBSD maps allows to determine the mean 

domain size as a function of a threshold angle for the three studied steels. After stereological 

corrections, the spatial distribution of the block sizes has been also obtained. Higher carbon 

content produces a decrease in the mean size and narrows the associated distribution. 

2) The mWH method (for the 0.1C, 0.2C and 0.3C steels) as well as TEM and EBSD (for the 0.2C 

steel) were used to characterize water-quenched samples at room temperature. The measured 

densities of dislocations are in good agreement with the literature. A new method was developed 

to deconvolute the tetragonality effect on the FWHM. The obtained ‘corrected’ values are in the 

dispersion reported in the literature.  

3) A new method is proposed to calculate the spatial distribution of the local dislocation density 

based on the evolution of the mean dislocation density with the transformed fraction. The 

calculated distributions of local dislocation densities widen with the C content. 

4) The evolution of the mean dislocation density due to recovery during tempering was also tracked 

by in situ experiments for the three studied alloys and using low holding temperatures (200, 300 

and 400 ᵒC). The kinetics fastens with the temperature. The heat treatments at 300 and 400 ᵒC 

present a stagnation of the recovery. The recovery was modeled using an empirical law, and the 

stagnation dislocation density was parametrized allowing to calculate the recovery as function 

of the holding temperature and the initial dislocation density (or carbon content). 

5) The recovery of local dislocation densities was calculated with the parametrized recovery model. 

The distribution of local dislocation densities was found to vary with the tempering narrowing 

in more severe tempering conditions. 
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This Chapter is part of an understanding of the formation and tempering mechanisms of martensitic 

microstructures, in order to be able to better predict their mechanical behavior. In this Chapter, particular 

attention will be paid to the state of carbon during tempering (including a possible autotempering), 

keeping in mind that this process also affects dislocation densities as seen in Chapter 2 and internal 

stresses, as we shall see in Chapter IV. 

As shown in the General Introduction, the precipitation of carbides during the tempering of martensitic 

steels has been extendedly studied in the literature. The nature of the carbides formed, their size, shape 

and their sequence of formation could be established, as well as the evolutions of the matrix phases 

(decomposition of austenite, recovery of dislocations, distribution of carbon). However, most previous 

studies considered relatively high carbon steels, usually above 0.4 wt.% C, and usually high 

temperatures of tempering, above 400 °C. This facilitates the characterization of carbides, because of 

the higher fraction. The lower Ms temperature also reduces the autotempering, which simplifies the 

study of first stages of the precipitation sequence. Considering high tempering temperature also 

enhances the growth and coarsening phenomena, thereby increasing the radius of carbides, facilitating 

their characterization by TEM and their detection by XRD. As a consequence, few studies in the 

literature combined experiments and modelling on low-carbon steels [149,150]. 

As the present study focuses on three industrial steels with carbon content lower than 0.3wt.%C, the 

literature provides a limited basis to interpret the microstructural evolutions which take place upon 

tempering of these steels. Some questions regarding low-carbon steels have not been fully answered yet. 

The segregation of carbon into defects has a critical importance in these steels, as a large part of the 

carbon is consumed by this process. Even if some segregation models have been developed in the 

literature, the consequences of carbon segregation on the precipitation sequence upon tempering have 

almost not been addressed, apart in a study by Shan et al. [127]. However, in this latter study, the only 

carbide phase considered was cementite, whereas we want to consider also the transition carbides. 

Indeed, it has been reported [38,103] that the segregation of carbon may enter in competition with the 

formation of these carbides. In this Chapter, we will combine experiments and modeling to study the 

competition between the carbon segregation and the formation of transition carbides, and its 

consequences on subsequent formation of cementite, by combining experiments and simulations.  

The experimental part of this work will raise some difficulties.  

The characterization of tempering in low-carbon steels is limited by the low fraction of the carbides, but 

also by the number of scales at which the different phenomena occur. This implies the use of different 

characterization techniques, which have specific limitations. The carbon segregation into microstructure 

defects occurs at a nanometric scale, while the sizes of the carbides range between 1 and 100 nm. A 

much higher volume has to be sampled to measure the fraction of the carbides. In this work, we will 

combine three different techniques, 3D atom probe tomography (3DAPT), TEM and in situ HEXRD, to 

characterize the microstructural evolutions upon tempering. 3DAPT has a spatial resolution at the 

nanometric scale and it allows chemical identification to study the segregation of carbon [50,71,151], 

but the volume sampled is small (dimensions ca. 200 × 60 × 60 nm3) and it is usually not statistically 

representative. To overcome this drawback, several samples will be studied for each condition. Although 

TEM allows to study the microstructure at an upper scale and, therefore, to characterize the size and 

nature of the carbides [149,152], it remains too local to determine the fraction of the carbides. HEXRD 
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experiments performed in synchrotron beamlines will allow to sample a volume of about 1 mm3 and to 

track in situ the mass fraction of the carbides and of the matrix phases (ferrite/martensite, austenite), as 

well as the chemical composition of the latter. 

In order to address specifically the segregation and precipitation phenomena and to understand their 

interaction, two characterization steps will be conducted. The segregation after quenching and aging at 

room temperature will be investigated by 3DAPT, by considering two cooling rates (gas quench, water 

quench). The precipitation of transition and cementite carbides will be studied by TEM and HEXRD, in 

water quenched samples, considering tempering treatments which include a heating at 10 °C/s followed 

by isothermal holding. The effects of the tempering temperature (200, 300 or 400 °C) as well as of the 

carbon content of the alloy (0.1, 0.2 or 0.3 wt.% C) will be investigated. It will be seen that the 

characterization techniques employed will not be sufficient to provide a comprehensive overview on the 

phenomena. This is why a modeling approach will be developed in order to go further in our analysis.  

A model for carbon segregation from the literature [153] will be coupled to a precipitation model 

previously developed in the laboratory, which predicts the kinetics of nucleation, growth and coarsening 

of epsilon and cementite carbides successively [39,154]. The main purpose of this modeling study will 

be to investigate by the simulation the consequences of the carbon segregation (heterogenous carbon 

concentration in the matrix) on the precipitation sequence. After calibration of model parameters on the 

basis of the experiments and assessment of its predictions, the model will also serve to estimate the 

influence of important parameters for our study: the dislocation density, which shows a high dispersion 

inside the investigated martensitic microstructures, but also the heating rate. Besides, this model will be 

necessary for our modeling study on the tensile behavior of these steels (Chapter IV), which will 

consider a large range of tempering conditions (time, temperature), that we could not examine all 

experimentally.  

The present chapter is composed of three sections. A focused state of the art on the tempering, followed 

by the experiments, and then the modeling. 

III.1 Focused state of the art 

The tempering of martensite has been an active subject in the metallurgical community which has 

produced several works related to it, with some complete reviews as [19,20]. The present state of the art 

will focus on following the carbon movement within and between phases during the tempering of low 

carbon martensitic steels at low temperature (not exceeding 500 °C).  

The different steps of the tempering sequence are detailed in the first section of this bibliographic state-

of-the-art, while the second one is dedicated to the modeling of the carbide precipitation as well as of 

the carbon segregation. The effect of the carbon segregation on the precipitation in low carbon steels 

will also be addressed in the first section.  

III.1.A Tempering sequence 

When obtained in low alloy low carbon steels, martensite is a metastable phase which tends to transform 

to more stable phases (ferrite and cementite) when heat is applied. With temperature and time carbon 
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atoms diffuse producing different structures and transition precipitates until the more stable carbide is 

formed.  

The tempering process can be separated in at least four different stages which usually can partially 

overlap. From room temperature up to ca. 100 °C the ‘zeroth stage’, also known as aging, occurs with 

carbon segregation into microstructural defects or/and spinodal decomposition. During the first stage, 

carbon concentration in the martensite decreases due to the formation of transition carbides. During the 

second stage, the retained austenite decomposes into ferrite and cementite. Finally, cementite 

precipitates at the expense of transition carbides during the third stage.  

It has to be mentioned that carbon redistribution and even carbide precipitation may occur  during 

quenching if Ms is high enough [38]. This phenomenon known as auto tempering is enhanced by slow 

cooling rates. Appendix B is dedicated to the comparison between the uncontrolled gas-quenched 

martensite and the water quenched one, from both, experimental and modelling, points of view. 

III.1.A.1 Zeroth stage of tempering (aging) 

Substantial changes in as-quenched martensite held at room temperature and up to 100 °C have been 

reported regarding mechanical properties (cf. Chapter IV for examples) and microstructural evolutions. 

A concomitant increase in electrical resistivity and of hardness when martensite is aged from -60 °C up 

to 100 °C has been reported by Winchell and Cohen [155] in 1962. An increase in electrical resistivity 

occurs during aging at even lower temperature (-196 °C), as has been described by Olson and Cohen 

[147] in 1983. Two different phenomena have been postulated as the main explanations of these 

increases, the first is a decrease in the degree of order in the martensite solid solution and the second 

one is a very first initial stage of precipitation [155]. A third explanation is postulated and discredited, 

the growth or spreading of stacking faults.   

During this stage, different phenomena might occur: spinodal decomposition, carbon segregation into 

microstructural defects as well as carbon clustering. Each of them will be discussed in the following. 

Spinodal decomposition consists of the formation of a modulated superstructure with carbon rich regions, 

with a local composition of ca. 10 at.%, and the corresponding carbon depleted regions. A variety of 

characterization technics have been employed to determine the spinodal decomposition: TEM [156–

158], XRD [159], Mössbauer spectroscopy [160],  differential scanning calorimetry (DSC) [161], 

electrical resistimetry [147,155], and recently atom probe tomography (APT) [20,72].  

The modulated superstructure has an initial wavelength in the order of 1 to 5 nm depending on the alloy 

carbon concentration [157]. Cluster formation is also commonly reported during this stage [72,162]. 

The formation of both structures have been reported to be controlled by carbon diffusion by DSC and 

Mössbauer spectroscopy [163,164]. 

The presence of C segregation into clusters and/or spinodal decomposition can be visually determined 

by TEM, as shown in Figure 40.a, and by the study of the diffraction patterns, as presented in Figure 

40.b. 3DAPT reconstructions can also be used to visually assert the presence of clusters and/or spinodal 

decomposition, as observed in Figure 40.c. Linear profile analysis of carbon concentration on linear 

segments, as shown in Figure 40.d, can evidence the modulated structure. From an experimental point 
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of view, carbon segregation into defects (planar and linear) has been recently well characterized by 

different APT studies [87,151,162,165,166]. The local carbon concentration, in so called ‘Cottrell 

atmospheres’ is found to be between 7 and 10 at.%. 

The formation of modulated microstructures has been mostly reported in low Ms steels (high carbon 

and high Ni concentration steels). On the other hand, for steels with high martensite start temperature, 

carbon segregation into defects may occur before the modulation and, therefore, carbon atoms are 

trapped and no modulated structure is obtained. 

The carbon segregation into defects, its kinetics and some of their consequences such as the inhibition 

of transition carbide precipitation (discussed in more detail later in the present section) has been a subject 

of study for at least 70 years from the pioneer work of Cottrell and Bilby [167] regarding the segregation 

kinetics. 

 

  

 

 

Figure 40: a) TEM dark field obtained on a Fe-15Ni-1C steel after room temperature aging for 5 hours, showing modulated 

structure. b) Diffraction pattern (axis [100]) obtained on Fe-15Ni-1C steel after room temperature aging for 26 min with spikes 

form the diffraction spots, revealing the modulated carbon concentration. c) Three-dimensional 3DAPT reconstruction of a 

0.39 wt.% C steel after quench by helium presenting a segregated structure. d) Linear profile of the carbon composition along 

a selected region of c). a) and b) taken from [158]. c) and d) taken from [74]. 
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Cottrell and Bilby [167] developed a model for the carbon segregation to a dislocation for short aging 

times described by: 

𝐟𝐬𝐞𝐠 = 𝟑 (
𝛑

𝟐
)

𝟏/𝟐

𝝆 (
𝑨𝑫𝒕

𝒌𝑩𝑻
)

𝟐/𝟑

 
Equation 23 

  

where fseg is the fraction of steel’s carbon content that is segregated, ρ is the dislocation density, D is the 

diffusion coefficient of carbon, t is the segregation time, T is the absolute temperature, kB
 is the 

Boltzmann constant and A is a parameter related to the interaction between the dislocation and the 

carbon atoms. More recently, Zhao et al. developed a model based on the same physical principle but 

considering a saturation [168]. 

In a recent work, the segregation kinetics into linear and planar defects has been modeled using the 

thermodynamic extremal principle by Svoboda et al. [153]. In this study, the authors calculated the total 

Gibbs free energy of the system by taking into account the carbon segregation into defects, which 

decreases it. Then, a derivation with respect of time is proposed, to estimate the rate of decrease of the 

Gibbs energy by knowing the rate of carbon diffusion and its energy of attachment with the defects. The 

kinetics of the carbon segregation can then be deduced. This model also predicts the concentration of 

carbon at saturation of the defects atmospheres (differently than in the Cottrell and Bilby model). 

As previously mentioned, the segregation of carbon on defects may suppress the formation of a spinodal 

structure but also the formation of transition carbides (first stage of tempering) [38]. This segregation 

can even prevent the formation of cementite (third stage of tempering) or induce its dissolution [105]. 

The possibility of inhibiting precipitation of transition carbides and/or of cementite has been analyzed 

in the pioneer work of Kalish and Roberts [103]. In the mentioned work, it is shown that a dislocation 

density of 2 x 1016 1/m2 can inhibit the precipitation of transition carbides for a 0.2 wt.% C steel. The 

third stage of tempering is suppressed for steels with lower carbon content and dislocation density higher 

than 5 x 1015 1/m2. These dislocation densities are higher than the ones usually reported for the carbon 

compositions of the steels used in the present study (cf. Chapter II). 

Morsdorf et al. [162] showed that the formation of carbon segregations in the dislocations atmospheres 

occurs in the same precipitation stage as the formation of carbon clusters/transition carbides. A 

competition between cluster and Cottrell atmospheres forming can then be expected. The clusters may 

act as nucleation facilitator of the transition carbides.  

Morsdorf et al. [162] interpreted as clusters the presence of local segregations with composition ca 

9 at.%, but in other studies the same identified “clusters” were interpreted as transition carbides [150].  

Even if in low carbon steels the presence of transition carbides can be suppressed by carbon trapped by 

segregation, it is commonly reported that for carbon contents higher than 0.2 wt.%  the precipitation of 

transition carbides occurs [38,103,169]. The precipitation of those carbides is discussed in the following. 
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III.1.A.2 First stage of tempering 

The precipitation of fine transition carbides (metastable) is the phenomenon that characterizes this 

tempering stage which usually occurs at temperatures between 100 °C and 200 °C. The nature and 

composition of the transition carbides is a subject of debate in the literature. 

Jack observed the presence of epsilon (ε) carbide (hexagonal, Fe2.4C) in high carbon martensitic steels 

[170]. This carbide presents a needle-shaped morphology with a high aspect ratio. Figure 41.a presents 

a TEM micrograph of a 0.8 wt.% C steel after a one hour holding at 200 °C in which epsilon carbides 

are observable [171]. The epsilon carbide is coherent with the matrix and its growth is in the minimum 

misfit direction [011̅0]||<211>α’ [172]. Hirotsu and Nagakura [173] discovered another type of transition 

carbide named eta (η) with orthorhombic structure and with Fe2C stoichiometry. This carbide was 

detected in high carbon steels as well as in steels with 0.3 and 0.5 wt.% C [174,175]. 

A third kind of transition carbide is the Hägg (χ) carbide (monoclinic, Fe5C2). This carbide may form as 

an intermediate step in the transition between ε/η and cementite (θ) [176,177]. 

 

 

  

 

Figure 41: a) TEM micrograph and diffraction pattern of epsilon carbide in a 0.8 wt.% C steel after tempering 1 hour at 250 °C 

from [171]. b) HEXRD diffractogram showing the presence of a transition carbide and the expected position for the different 

possible carbides reproduced from [51]. c) 3D reconstruction of an 3DAPT tip showing the presence of a carbide, extracted 

from [178]. 

 

a) 

c) 

b) 



Chapter III Segregation and carbide precipitation 

- 76 - 

It has been proved difficult to clearly determine the crystallography, stoichiometry  and as a consequence 

the nature of the transition carbides. The difference in crystallographic structure is small enough to be 

in the error of TEM and XRD characterization [51,179,180], as shown in Figure 41.b. The 3DAPT 

composition measurements cannot conclude on the stoichiometry of the carbide due to the error and low 

difference between Fe2C and Fe3C [178] (a reconstructed 3DAPT tip presenting a carbide is shown in 

Figure 41.c). Some 3DAPT measurements provided local carbon content lower than the expected ones 

for transition carbides. This is the case of Ning et al. who observed the presence of transition carbides 

in coarse lath after quenching by TEM and their characterization by 3DAPT results in a carbon content 

between 10 and 15 at.% [150]. The presence of transition carbides and its concurrence with the 

formation of carbon clusters has been discussed by Morsdorf et al. [162]. The authors postulate that the 

carbon clusters might act as precursors of the transition carbides. 

The nucleation of transition carbides is also a subject that is not totally set in the metallurgical 

community, some authors claimed that it is heterogenous [181] while others that it is homogenous [158]. 

As previously mentioned, the evolution of carbon clusters into transition carbides have been also 

postulated [162]. 

In the following of this Chapter, the transition carbide will be treated as epsilon carbide, especially in 

the model development. 

Let us mention that during the first stage of tempering, the carbon content of the matrix decreases with 

a decrease in the tetragonality of the matrix allowing to follow the transformation kinetics by in situ 

HEXRD [182]. It also can be followed by resistometry and by dilatometry [183] if carbon content is 

high enough. 

III.1.A.3 Second stage of tempering 

The martensite transformation is by nature incomplete, with a retained austenite fraction depending on 

the Ms temperature (which depends on the composition of the steel and on the PAGS [15,17,37,184]). 

The fraction of retained austenite also depends on the cooling rate below the Ms temperature [185,186]. 

For low-carbon lath martensitic steels, the retained austenite is found as thin films along the martensite 

laths. 

During the second stage of tempering the retained austenite decomposes into ferrite and cementite. The 

kinetics of this transformation can be followed by dilatometry [183,187], by resistometry [183], 

Mössbauer spectroscopy [188], by DSC [161,189] and by in situ HEXRD [166,178,182].  

III.1.A.4 Third stage of tempering 

This stage, from 200 °C to 450 °C, is characterized by the dissolution of the transition carbide (if present) 

and the precipitation of the cementite (Θ) carbide (orthorhombic, Fe3C). Cementite carbides present the 

often called ‘Bagaryatski’ orientation relationships: [001]θ || [1̅01]α′ , [100]θ || [111]α′  and [010]θ || 

[1̅21̅]α′ [22]. 
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Figure 42: a) TEM micrograph presenting long-needle shaped cementite carbides after a fast heating (100 °C/s) up to 550 °C, 

from [190]. b) TEM micrograph presenting more spheroidal cementite carbides after a 30 minutes holding at 600 °C taken 

from [191]. 

 

The nucleation mechanism is not totally resolved, in situ transformation of ε carbide on cementite is 

proposed by [179] while the hypothesis of independent nucleation of cementite and subsequent 

dissolution of the ε carbide/cluster is sustained by [162,171,190]. The cementite particles show an 

elongated shape at the beginning of their formation [190] followed by a spheroidization at higher 

time/temperature tempering heat treatments as shown by Wu et al. [191] and summarized in Figure 42.  

The cementite precipitation induces a third decrease of the carbon concentration in the matrix due to a 

lower solubility limit of carbon than the one presented by the ε carbide. However, it has been shown 

that at the early stages of the cementite precipitation the same composition among substitutional 

elements (u-fraction) is present in the matrix and in the carbides [39,192]. One frequently assumes that 

the cementite carbides grow under paraequilibrium regime. At high temperatures (i.e. 600 °C) and long 

holding times, substitutional elements partition from the carbides (e.g. Si, Al) and to the particles (e.g. 

Mn, Cr, etc.) [191,193]. 

III.1.B Tempering models 

The tempering sequence detailed in the previous section has a critical effect on the mechanical properties 

of the martensitic steels and, as a consequence, numerous models have been proposed in the literature. 

A recent review regarding the different approaches and their main goals has been performed by 

Deschamps and Hutchinson [194].  

In all the models, the system which is out of equilibrium (carbon supersaturation in the matrix) follows 

a sequence of metastable equilibrium states related to the stages of tempering. In the following a 

classification of the models based on the different scales, from more local to more global, is introduced. 

• Atomic scale: The nucleation stage of precipitates can be described by Monte Carlo simulations, 

by cluster dynamics methods (used e.g. in the Al-Li system) [195]. Ab initio calculations have 

been used to simulate carbon segregation [196]. However, due to limitations on the size neither 

carbide growth nor complex interactions can be simulated. Another limitation is that 

multicomponent systems are highly complex to model by these methods.  

a) b) 
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• Mesoscopic scale: Two main subfamilies of models are found at this scale, phase field method 

models and nucleation-growth models.  

The phase field method focuses on a good description of the interfaces as well as the description 

of the complex evolutions of the chemical compositions without any a priori assumption of the 

precipitate shape. These models, coupled with reliable databases, are able to describe growth 

and coarsening. Nucleation has been using the Langevin noise method (detailed in [197]) or 

the classical nucleation equation as mentioned by [198]. The detailed simulations and flexibility 

are related to a very high simulation cost. Dedicated reviews [199,200] regarding this 

simulation method present few results obtained with precipitation model results. 

Another approach is to describe the nucleation, growth and coarsening using assumed 

precipitates shape and some composition simplifications. These metallurgical and physical 

assumptions and simplifications allow to highly reduce the computational cost. The so-called 

nucleation-growth or mean field models predict several microstructural features including the 

fraction, the number density, the distribution and the mean size of the carbides. The 

composition changes of the matrix and of the carbides can be also tracked. The sequence 

nucleation-growth-coarsening can be described by this group of models even for coexisting 

precipitate types [39,154,201,202]. Lately, even carbon segregation into dislocations has been 

introduced into one model of this family [127]. 

For example, the precipitation of B2 precipitates in a high chromium-nickel martensitic steel 

have been simulated in [202]. The composition of the nuclei was calculated depending on the 

matrix composition, the fraction of carbides was also determined (function of the number of 

nuclei and their radius, considering growth kinetics). 

• Macroscopic scale: This last group of models aims to predict the global phase transformation 

kinetics with a low computational cost mainly by using the Johnson-Mehl-Avrami-

Kolmogorov (JMAK) approach [189,203]. Only the volume fractions of the phases are 

computed with neither physical description nor information regarding the size and number 

density of the precipitate as main drawbacks.  

As in this work the aim is to obtain a physical based model (crossing out the macroscopic models) but 

with a relatively small computational cost (one of the main drawbacks of the phase field model), the 

choice was between a very local model or a nucleation-growth one. We selected the last kind as it can 

consider a larger number of particles and also the interactions between them and the matrix (including 

dislocations).  

To the author knowledge two main commercial precipitation software are available for simulating 

tempering heat treatments with the nucleation-growth approach. TC-PRISMA, which is coupled to the 

ThermoCalc suite, has been recently published [204]. Some recent studies using this software are [205–

207]. The other commercial software is MatCalc [208] which is based on thermodynamic extremal 

principle (total description of the Gibbs energy and its derivate with time). Some of the recent works 

using this latter model are [90,127,149]. Evolution of the cementite composition at high tempering 

temperature has been achieved in [149], while the segregation of carbon into dislocations before 

precipitation in [127]. 
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Nucleation-growth models are also developed in different laboratories. The “in-house” models allows 

to control to all the hypothesis considered for the calculations, the numerical implementation and the 

physical parameters used [39,154,209].  

One of the main accomplishments of the mean field models is the prediction of the particle size 

distribution (PSD) by the utilization of the Kampmann-Wagner scheme. Computing the PSD allows to 

predict the sequence of nucleation-growth-coalescence in particle size and carbide number density. The 

PSD of each precipitate type can be followed independently. One drawback that has to be mentioned is 

that the use of the Kampmann-Wagner scheme and the classical coarsening theory produces a left-

skewed distribution while experimental PSDs are right-skewed. 

A model developed “in-house” in the laboratory will be used in the present work. The nucleation-growth 

model is mainly modified by coupling a segregation submodel, by changing the cementite precipitation 

environment and by modifying the dislocation recovery submodel implemented (with the one presented 

in Chapter II). The previously developed model [39,154] and the present modifications are presented in 

detail in Section III.3.B.  

To summarize the present state of the art and guide the rest of the present chapter, the main points to be 

kept in mind are: 

• In low carbon steels, as the ones studied in the present work, the carbon segregation into 

microstructure defects affects the precipitation sequence. If the carbon content is low and the 

dislocation density is high enough the precipitation of transition carbides might be inhibited.  

• In low carbon steels the experimental characterization is more complex than in the case of 

higher carbon content steels due to a lower precipitate fraction and, therefore, a lower signal. 

In some characterization technics the low temperature of the aimed tempering also affects the 

intensity of the signal. To overcome this problem and be able to characterize different scale 

phenomena, a triple-scale characterization will be performed. 3DAPT will be utilized to 

measure the segregation state, TEM the size of the carbides and in situ HEXRD the 

precipitation temperature range and fraction. 

• The kinetics of the carbon segregation into microstructural defects has been modeled in the 

literature [153,167] by different models. However, the coupling between this phenomenon and 

nucleation-growth model is almost inexistent in the literature. This point will be achieved in 

the present chapter. 

III.2 Experimental results 

As discussed above, the experimental description of the precipitation requires a set of characterization 

technics that allows to observe local phenomena such as carbon segregation and more global ones to 

observe the phase fraction evolution.  

The carbon segregation was characterized by 3DAPT and its results are presented in the next section. 

Then the determination by HEXRD of the carbides presence as well as the determination of the 

cementite fraction are introduced. The precipitation characterization section finishes with the carbide 
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size measurement performed by TEM. These different experimental technics have been detailed in 

Chapter II. 

III.2.A Carbon segregation 

As previously mentioned in Chapter I, 3D Atom Probe Tomography characterization was performed in 

order to observe the distribution of the carbon in the microstructure at the quenched state. Even  if the 

main objective of the 3DAPT characterization was to establish the segregation state especially around 

the dislocations, the carbon enrichment of an austenitic film was also observed (presented in Figure 

43.a). 

Two quenching conditions were analyzed for the 0.2C steel, “natural” gas quench (8 tips were studied) 

and water quench (5 tips were studied). The time between the heat treatment and the characterization 

was around 2 months.  

 

 

 

Figure 43: a) Reconstruction of a 3DAPT tip of a 0.2C_GQ sample presenting a carbon rich film, probably austenite. b) 

Reconstruction of another 3DAPT tip of the same 0.2C_GQ sample with a planar defect and a dislocation (marked zone with 

dashed lines). c) Closer reconstruction of the region marked in b). For all the cases 4 at.% C isosurfaces are shown, and the 

axes are in nanometers.  

 

b) 

a) 

c) 
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Two reconstructed tips of the 0.2C_GQ condition are shown in Figure 43. Carbon atoms are represented 

by red dots and isosurfaces of 4 at.% C are shown. In Figure 43.a, a carbon rich film is present between 

Z coordinates 40 and 10 nm and diagonal to the tip. In Figure 43.b a planar segregated region is observed 

(also diagonal to the tip between 175 and 75 nm in Z). A linear segregation is found in the same tip 

(marked with a dashed rectangle), a rotated close up is shown in Figure 43.c. Some globular volumes 

are found in the tip presented in Figure 43.b. If the carbon concentration selected to create the isosurfaces 

is increased over 10 at.% C these volumes are no more observable. 

Even if 8 tips have been characterized for the GQ condition, only in two of them the presence of 

dislocations has been established for sure. The reason behind this can be the local nature of the 

characterization technic coupled with a lower dislocation density than in the case of the WQ condition.  

A proxigram calculated using the isosurface of the carbon segregated film shown in Figure 43 is 

presented in Figure 44 (the definition of the proxigram is given in Chapter I). The carbon concentration 

far from the isosurface (distance equal to 0) in the matrix is ca. 1 at.%. It evolves near the isosurface, 

with values in the carbon rich region ranges between 6 and 8 at.% (1.25-1.5 wt.%). The latter values 

show a high dispersion and errorbar due to the low number of detected atoms at those distances. This 

carbon concentration is even higher than the one expected in a stabilized austenite by a quenching and 

partitioning heat treatment [210–212], the difference may be explained by the different 

martensite/austenite fraction ratio. No variations of the substitutional elements (Mn and Si) are 

observable between the carbon rich and carbon depleted regions. The Cr concentrations are not 

presented as their values are even smaller than the ones of the Si, for which no partition was observable 

either. Substitutional diffusion is much slower than the carbon diffusion and the time at high temperature 

during cooling may be not enough to produce a substitutional partitioning profile. 

 

Figure 44: a) Proxigram of C, Mn and Si calculated from the left isosurface limiting the rich carbon region in Figure 43.a. b) 

Same as in a) but using the right isosurface. Colors used in the present graph do not follow the chart presented in Section I.3. 

 

Some of the 3DAPT results of the water quenched condition are presented in Figure 45. The results 

presented are representative of the five observed tips. For this condition no planar segregation was 

detected and few small isolated globular isosurfaces are observed. Indeed, for the gas quenched sample, 
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only three dislocations were found while for the water quenched sample, 19 dislocations were found. 

Two tangles of two dislocations were clearly observed in the water quenched condition, (their 

observation is easier in three dimensions). Even if the number of linear segregations, related to the 

number of dislocations, was found higher in the  water quenched condition no quantification of the 

dislocation density could be performed due to the local nature of this characterization technic. 

Proxigrams of one linear segregation observed in a tip from the GQ and WQ conditions are presented 

in Figure 46.a and Figure 46.b respectively. In both cases the segregation profile can be well described 

by a gaussian distribution. It can be observed that most of the carbon excess is between -2.5 and 2.5 nm,  

 

 

 

Figure 45: a) Reconstruction of an 3DAPT tip of a 0.2C_WQ sample. b) Reconstruction of another 3DAPT tip extracted from 

the same 0.2C_WQ sample with several linear segregations. c) Close-up reconstruction of the region marked in b). For all the 

cases 4 at.% carbon isosurfaces are shown, and the axes are in nanometers.  

 

b) 

a) 

c) 
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Figure 46: Proxigram of a linear segregation and its gaussian best fit in a) GQ tip b) WQ tip. In both cases the equivalent carbon 

in excess is indicated.   

 

with a residual carbon excess up to 5 nm from the center. The influence radius of the dislocation 

seems to not change between both quenching conditions (and after aging at room temperature for two 

months). Similar profiles were found in all the detected linear segregations. 

For each linear segregation the excess carbon was calculated as explained in Section I.6. Table 8 presents 

the results for each 0.2C_GQ tip in which linear segregations were detected. For each sample the number 

of detected dislocations is presented as well as the carbon concentration far from the defect (Cmatrix), the 

carbon excess using as limits 7.5 and 2.5 nm. Finally, the constant carbon concentrations that will give 

a carbon concentrations equivalent to the ones calculated using a gaussian distribution (Rf=2.5 nm) are 

presented (Cequivalent). In an analogous table (Table 9), the results for the water quench condition are 

presented. 

Table 8: Gas quenched condition of the 0.2C steel: number of linear segregations analyzed per sample (in which at least one 

linear segregation is present). Average value per sample as well as total average of the carbon content in the matrix, excess of 

carbon calculated as in [77] using a gaussian profile and equivalent concentration using a uniform profile (Section I.6). 

Sample 

Number of 

linear defects 

Cmatrix 

(at.%) 

Cexcess (at/nm) Cequivalent 

(at.%) 7.5 nm 2.5 nm 

0.2C_GQ 1 2 1.2 180.0 86.4 8.2 

0.2C_GQ 2 
1 0.8 77.1 67.9 6.3 

Average - 1.1 145.7 80.2 7.6 

 

The average values of carbon in excess in the dislocation atmospheres for both conditions are in the 

same range, with slightly higher values in the water quenched condition (the difference may be in the 

errorbar). The 0.2C_WQ condition presents an excess of 99 at/nm and 156 at/nm with 2.5 nm and 7.5 nm 

limits respectively, while the average obtained values for the 0.2C_GQ condition are 80 and 146 at/nm 
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respectively. As a consequence, the equivalent carbon concentration for both quenching conditions are 

similar. The values of water quenched condition being slightly higher (7.6 for the gas quenched sample 

and 8.4 for the water quenched one with radius set at with 2.5 nm). These values are in good accordance 

with the Cottrell atmospheres reported in the literature [41,151,213], between 7 and 10 at.%.  Table 8 

and Table 9 also show the carbon concentration in the matrix. Despite the experimental uncertainty, it 

is lower in the water quenched condition than in the gas quenched one. 

Table 9: Analogous to Table 8 but for the water quenched condition (0.2C_WQ). 

Sample 
Number of 

linear defects 

Cmatrix 

(at.%) 

Cexcess (at/nm) Cequivalent 

(at.%) 7.5 nm 2.5 nm 

0.2C_WQ 1 2 0.4 115.8 88.8 7.6 

0.2C_WQ 2 7 0.2 118.4 83.4 7.0 

0.2C_WQ 3 4 0.4 184.5 111.3 9.4 

0.2C_WQ 4 1 0.3 244.3 125.8 10.5 

0.2C_WQ 5 3 0.4 204.5 118.5 10.0 

Average - 0.3 156.3 99.3 8.4 

 

Main outcomes of the 3DAPT characterization in the as-quenched states are:  

• Linear segregations, related to Cottrell atmospheres near dislocations were found in both 

quenching conditions (0.2C_GQ and 0.2C_WQ) with a similar segregation state. 

• The observed dislocation density is higher in the water-quenched sample than in the GQ one, in 

accordance with HEXRD results (cf. Chapter II). 

• The segregation radius is estimated at 10 times the Burgers vector (2.5 × 10-9 m), it was used to 

calculate the equivalent carbon content. 

• Both quenching conditions presented high segregation values, close to the Cottrell atmospheres 

usually reported in the literature, between 7 and 10 at.% [4,85,86]. 

Surprisingly, the carbon concentration inside the segregated zones is similar in both GQ and WQ 

conditions, despite the difference in cooling rate. This may signify that the carbon segregation is 

extremely fast even during water quenching (between -1000 °C/s and -5000 °C/s) or that carbon atoms 

firstly segregated during quenching and then they continued segregating at room temperature during the 

two months between the heat treatment and the characterization. This hypothesis will be evaluated by 

modeling the carbon segregation in III.3.A Carbon segregation model. 

The presence of small globular segregated volumes with carbon concentration lower than 10 at.% was 

observed, in a higher proportion in the GQ condition than in the WQ one. Their presence probably 

indicates the presence of carbon clusters in view of the size (thickness ca. 5 nm) which is in accordance 

with [162]. However, the presence of transition carbides in addition cannot be totally ruled out. Ning et 

al. proposed that similar globular concentrated carbon regions corresponded to the presence of transition 
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carbides [150]. The possible presence of transition carbides is also supported by the TEM 

characterization of the GQ condition (cf. Section III.2.B.1). 

An austenitic film was found in a 0.2C_GQ tip showing carbon partition from martensite to austenite 

and the absence of partition of elements Mn and Si. It can be concluded that some carbon partition may 

occur even during a not extreme quench. To the authors knowledge no previous evidence of this 

stabilization obtained by 3DAPT characterization is present in the literature.  

III.2.B Precipitation sequence 

The precipitation sequence during the tempering heat treatments is studied in the present section. In 

order to better understand the evolutions during the tempering, the initial state has to be characterized. 

The characterization of the initial state by HEXRD and TEM will compose a first subsection. Secondly, 

the precipitation kinetics during tempering will be tracked by in situ HEXRD experiments. Finally, the 

evolutions of the cementite size determined by TEM analysis will be presented. 

III.2.B.1 Initial state 

The initial states, i.e. quenched states, are analyzed in a first time by HEXRD. The diffractograms 

obtained for the three alloys (0.1C, 0.2C and 0.3C) quenched at the different cooling rates (-10, -50, -

100 °C/s and water quench) are presented in Figure 47. The positions of the usual martensitic peaks are 

indicated as well as the {321} diffraction peak due to the harmonic contamination [214]. The only peak 

observable of austenite, {200}, is also indicated. The diffraction positions expected for cementite are 

indicated as well as an angular window (areas in grey) in which several low intensity peaks are expected. 

The same represntation is used for the epsilon carbides. 

Retained austenite is present in all the samples. The {200} austenitic diffraction peaks intensity varies 

with the cooling rate: the higher the cooling rate, the lower the intensity, which indicates a variation of 

the austenite fraction at the end of the quench. The retained austenite weight fractions obtained by the 

Rietveld refinement are shown in Table 10.  

 

Table 10: Retained austenite weight fractions for the three studied steel compositions and different cooling rates.  

Steel 

Cooling rate 

-10 °C/s -50 °C/s -100 °C/s WQ 

0.1C 2.6 3.1 3.4 1.4 

0.2C 5.6 4.9 4.1 1.8 

0.3C 6.7 5.3 4.5 2.0 
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Figure 47: Diffractograms in the angular window used for the carbide detection for the four quenching rates  (controlled gas 

quench at -10, -50 and -100 °C/s and water quench) in the steel 0.1C in a), 0.2C in b) and 0.3C in c). The index ½ refers to the 

harmonic wavelength (lambda/2). 

 

For a given cooling rate, the increase of carbon content leads to an increase in the retained austenite 

fraction. This effect is well known and is mostly due to the decrease of the Ms temperature with the 

carbon content [37]. A second observation from Table 10 is the decrease of the fraction of austenite with 

increasing cooling rate. This effect has been previously reported in [185,186] and two main phenomena 

may be responsible, a lower autocatalytic effect at lower cooling rate and a higher chemical stabilization 

of the austenite, due to a higher carbon diffusion, at the lower cooling rates as proposed by [185]. This 

last point seems to be confirmed by the 3DAPT observations previously presented on the 0.2C_GQ 

sample. 

Neither transition carbides nor cementite are detected in any of the studied conditions as no changes in 

the expected diffraction positions are visible. The 0.1C_GQ_100Cs diffractogram shows a spike at ca. 

4.15 2θ, which can be due to a partial diffraction of the thermocouple (platinum) or of the inductor of 

the dilatometer (copper). Regarding the non-detection of carbides at the quenched state, it has to be kept 

in mind that the presence of carbides can be confirmed by HEXRD only if the diffraction peaks of the 

precipitates are actually detectable, while the non-detection does not rule out the presence of the phases. 

If the volumes of the precipitates are too small to diffract or it there is a high density of defects the 
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diffraction may be limited. Other characterization technics as dilatometry may detect global changes 

before the carbides are detectable by HEXRD as has been evidenced by Gaudez [39] during tempering, 

in the case of transition carbides. However, dilatometric analysis carried out in the steels of the present 

study did not show exploitable results during quenching probably due to a lower carbon content than in 

[39] (about 0.7 wt.% C).  

The 0.2C_GQ (“natural” gas quench, cooling rate ca. -20 °C/s) and the 0.2C_WQ conditions were also 

characterized by TEM and the results are shown in Figure 48. The gas quenched condition presents an 

abundant precipitation (Figure 48.a) while no carbides are observable for the water quenched sample 

with the same magnification (Figure 48.b) or even higher (500 000 X). Combining the present results 

and the results from APT, it is concluded that no carbides are present in the 0.2C_WQ condition. 

  

Figure 48: a) TEM micrograph of the 0.2C steel after a “natural” gas quench (between -10 and -50 °C/s), precipitates are 

observable in lighter grey level. b) Similar to a) for a water quenched sample, no precipitates are observable. 

 

The chemical composition of the carbides detected in 0.2C_GQ was characterized firstly by composition 

maps showing the carbon and substitutional elements distributions (Figure 49). The precipitates are 

thicker than the surrounding matrix as can be observed from the Fe map, due to a preferential chemical 

attack of the matrix during the preparation of the sample. The chemical composition of the precipitate 

marked with the yellow circle was calculated without considering the interstitial atoms (u-fractions) 

giving uMn = 2.1 %, uSi = 0.24 % and uCr = 0.25 %. Four additional carbides were analyzed with same 

results. These concentrations are close to those of the nominal composition of the steel. This indicates 

that at the quenched state no partition of substitutional elements occurred between the matrix and the 

precipitates. The absence of substitutional elements partition has also been previously observed during 

the cementite precipitation at low temperature tempering heat treatments [39,192,215]. It was ascribed 

to a growth regime under paraequilibrium mode. 

 

 

a) b) 
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Figure 49: On top left a close up of the Figure 48.a is presented. The other figures present the element distributions (C, Fe, Cr, 

Si, Mn). The colors used in the present figure do not follow the chart presented in Section I.3. 

 

The water quenched condition (in which at least for the 0.2C steel no carbides are observable by TEM) 

was the initial state chosen for the characterization of precipitation during tempering. Indeed, on expects 

that the precipitation sequence will be mode visible if more carbon is in solid solution in the initial state. 

The results are presented in the next section. 

III.2.B.2 In situ tracking of precipitation kinetics during tempering by 

HEXRD 

The analysis of the tempering heat treatments will be separated in two parts, on the heating and on the 

isothermal holding. The constant heating rate of all the presented heat treatments was 10 °C/s and the 

maximum holding time was 600 s at the three selected tempering temperatures, 200, 300 and 400 °C. 

The three steel compositions were considered; 0.1C, 0.2C and 0.3C.  

III.2.B.2.a Heating stage 

The diffractograms obtained during the heating part of the tempering of the 0.1C, 0.2C and 0.3C steels 

are shown in Figure 50, Figure 51 and Figure 52 respectively. Each diffractogram is shifted in intensity 

from the previous one to facilitate the interpretation. The diffraction positions shown for the martensitic 

and austenitic peaks correspond to the lattice parameters at room temperature while the ones for carbides 

were calculated on the basis of the lattice parameters presented by [39]. 

BF 250 nm
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The diffractograms of the 0.1C_WQ steel show small variations from room temperature up to 400 °C. 

The main change is the decomposition of the retained austenite starting around 225 °C and accelerates 

above 350 °C. No variations in the epsilon window are visible and a small change from the background 

is observable for the cementite diffraction peak at ca. 5.15 2θ at the end of the heating (better observed 

in Figure 53). The 0.2C_WQ sample presents a better-defined cementite peak at the latter mentioned 

position at the end of the heating. The retained austenite decomposition starts at 250 °C and shows fast 

decomposition from 325 °C. The 0.3C_WQ sample shows a similar temperature range for the austenite 

decomposition and an even better definition of the cementite diffraction peaks, as expected due its higher 

carbon content.  

The determination of the presence of epsilon in the 0.2C_WQ and 0.3C_WQ conditions by observation 

of the diffractograms is more difficult. It seems that some serrations in the epsilon angular window are 

present for the 0.3C_WQ condition from 300 °C up to 400 °C. A close-up is presented in Figure 53 for 

easier observation. All the diffractograms shown in this figure have been shifted in intensity to have the 

same intensity at the lower end of the angular window in order to facilitate the observations. Only one 

diffractogram each 25 °C is presented for better visibility. 

 

Figure 50: Diffractograms during the heating section of tempering until 400 °C of a 0.1C_WQ sample. 

 



Chapter III Segregation and carbide precipitation 

- 90 - 

 

Figure 51: Diffractograms during the heating section of tempering until 400 °C of a 0.2C_WQ sample. 

 

 

Figure 52: Diffractograms during the heating section of tempering until 400 °C of a 0.3C_WQ sample. 
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Figure 53: Different diffractograms (one each 25 °C) during the heating section of tempering of the 0.1C_WQ condition in a), 

of the 0.2C_WQ condition in b) and of the 0.3C_WQ condition in c).  

 

The 0.1C_WQ does not show any clear formation of epsilon as previously mentioned and the formation 

of cementite is observable from the 400 °C diffractogram. 

Altough the 0.2C steel also presents the expected cementite peak after 350 °C, the diffractogram 

adquired at 325 °C present a lower intensity in the epsilon anglar window. It could indicate the formation 

of the transition carbide.  

The presence of epsilon in 0.3C_WQ sample can be observed in Figure 53.c, for the diffractograms 

corresponding to 300, 325, 350 and 375 °C. At 375 °C a first disturbance at the cementite position is 

present. At the next shown diffractogram, 400 °C, no epsilon is observed and a better defined cementite 

peak is detected.  

Hence, to summarize, the epsilon carbides are not detected in the 0.1C steel. They are probably present 

in the 0.2C steel and their presence is clearly observable in the 0.3C steel. In both latter steels, the 

sequence of transition carbides formation followed by the formation of cementite which replaces the 

transition carbides (probably formed in the 0.2C steel) is visible by HEXRD. Conversely, in the 0.1C 

steel the cementite precipitates directly without a detectable prior stage of transition carbides. 

As presented in Section III.1.A.3, the presence of transition carbides in steels with carbon content lower 

than 0.2C may be canceled due to segregation into dislocations [103]. However, it is worth to recall that 

this calculation considers a dislocation density almost 10 times higher than those reported in the previous 
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Chapter (2 x 1016 1/m2 in [103] versus 2.5 x 1015 1/m2 in the present study). Thus, the presence of epsilon 

in small fraction during the tempering of the 0.2C_WQ condition seems consistent with the segregation 

of carbon with the determined dislocation density. In the 0.1C steel, all the carbon would be segregated, 

which would prevent the formation of the transition carbides. For the 0.3C_WQ, epsilon precipitation 

would be suppressed if the dislocation density was equal to or higher than 3 x 1016 1/m2
 which is also 

far higher than the measured dislocation density. Therefore, the presence of epsilon in this alloy is also 

in accordance with the literature [103]. 

Regarding the temperature range in which the transition carbide is detected, from 300 °C to 400 °C, it 

can be stated that it is higher than the epsilon precipitation temperature ranges usually reported in the 

literature (100-250 °C) [170,171]. The presence of epsilon up to 500 °C was observed by HEXRD in 

situ experiments in [39]. The fact to start detecting the transition carbides at a higher temperature range 

than the usual one is probably due to their small size. The epsilon carbides might be too small to be 

detected during the nucleation stage and the first moments of the growth stage. On the other hand, their 

detection up to 400 °C is a new outcome from HEXRD. 

III.2.B.2.b Holding stage 

In the following, the diffractograms for the isothermal section of the heat treatment on the 0.3C_WQ 

are presented. For the sake of clarity, only one diffractogram every 25 seconds is shown. The 

diffractograms corresponding to holding temperatures 200 °C, 300 °C and 400 °C are presented in 

Figure 54, Figure 55 and Figure 56 respectively. In some of the diffractograms, before 200s of holding, 

some spikes of the background are observable (as at 5.41° 2θ in the 400 °C holding). These spikes are 

due to an excessive correction of the collected image by the detector during the fast acquisition mode. 

During the 200 °C holding, no evidence of epsilon nor of cementite precipitation is observable in the 

HEXRD diffractograms. The retained austenite peak’s intensity remains constant, i.e. no austenite 

decomposition occurs. The evolutions during the holding at 300 °C present some differences. The 

retained austenite decomposes between the start of the isothermal holding and the first 50 seconds. 

Cementite precipitation can be observed after 125 seconds and presents a slow increase of the associated 

peaks’ intensities. At the end of the holding at 300 °C, the peaks are not enough defined to properly 

quantify this phase by the Rietveld refinement. 

The cementite precipitation is more clearly observable during the holding at 400 °C. The cementite 

diffraction peak at 5.14 2θ is already observable at start of the isotherm and it intensifies during the 

holding. Although in the cementite angular window between 4.28 and 4.48 2θ no cementite peaks are 

visible at the time 0, at the end of the holding some serrations are observable in this section of the 

diffractogram. At the beginning of the isotherm, no austenite peak is detectable as can be also observed 

in Figure 52 at the end of the heating. 
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Figure 54: Diffractograms during the isothermal section of tempering at 200 °C of a 0.3C_WQ sample. 

 

 

Figure 55: Diffractograms during the isothermal section of tempering at 300 °C of a 0.3C_WQ sample. 
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Figure 56: Diffractograms during the isothermal section of tempering at 400 °C of a 0.3C_WQ sample. 

 

The shape of the cementite carbides may explain the higher intensity of the diffraction peak at one 

position (5.14° 2θ) than in other diffracting positions (4.28-4.48° 2θ angular window, and 4.61 and 

4.85° 2θ). As will be shown in Section III.2.B.3 with TEM observations, the cementite carbides present 

a high aspect ratio up to ca. 9. Cementite growth is anisotropic due to anisotropic constants [216] and 

interface energies [217]. However, one should mention that with temperature and time, the cementite 

tends to decrease its aspect ratio, i.e. to spheroidize. Spheroidization was observed in [190,191] while 

the anisotropic growth rate decreases with the temperature, as was modeled by [218].  

The effect of the carbon content on the cementite precipitation is presented in Figure 57, by comparing 

the three studied steels at 0s of holding at 400 °C (end of the heating section, Figure 57.a) and at the end 

of holding (Figure 57.b). At the start of the isothermal holding, the presence of cementite is clear in the 

0.2C and in the 0.3C steels while in the 0.1C some noise is observed around the expected diffracting 

positions but it is not conclusive. Contrarily, at the end of the holding, the presence of cementite can be 

confirmed for all three alloys with higher intensities of the diffraction peaks with increasing carbon 

content of the steel. 
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Figure 57: Diffractograms of the 0.1C, 0.2C and 0.3C steel at the start of the 400 °C holding in a) and at the end of the 600s 

holding in b). 

 

The cementite fraction in the 0.3C steel was estimated by performing the Rietveld refinement in a 

manual mode, i.e. by changing the phase parameters until observing a reasonable agreement between 

the calculated diffractogram and the experimental one. Two main difficulties have to be mentioned, the 

first one is the low intensity of the cementite diffraction peaks and the second one is that not all the 

expected cementite diffraction peaks are present in the experimental diffractograms. One of the obtained 

modeled diffractograms is presented in Figure 57.b for the 0.3C steel. The results of this analysis are 

shown in Figure 58. For each time at which the cementite fraction was estimated two points are plotted, 

corresponding to the lower and to the higher fraction at which the calculated diffractogram was 

considered similar to the experimental one.  

The cementite fraction at 0s of the isothermal holding is around 1 wt.% and a fast increase is observed 

between 25s and 50s up to 2 wt.%. Then, the fraction continues to increase but at a slower rate. At the 

end of the holding the estimated fraction is between 3 and 3.5 wt.% which is lower than the fraction that 

would be expected if all the carbon of the steel was used to form cementite (4.7 wt.%). Although the 

usual error estimated in the Rietveld refinement is 1 wt.%, it can be considered much higher in the 

present case as the refinement was performed manually and not all the expected diffracting peaks are 

observed as previously mentioned. If the difference between the measured cementite fraction and the 

one expected is not caused by the characterization incertitude, the two main hypotheses can be postulated: 

some carbon stills remain in the matrix or that not all the carbides are diffracting and, thus, the measured 

fraction only corresponds to the diffracting fraction. This latter hypothesis is supported by the fact that, 

for example, the precipitates which were observable by TEM at the 0.2C_GQ condition were not 
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detected by HEXRD. The detection of carbides by 3DAPT and TEM and not by HEXRD has been also 

reported by [219]. 

 

 

Figure 58: Cementite weight fraction as function of the holding time during the 400 °C holding of a 0.3C_WQ sample.  

 

An indirect and complementary analysis of the precipitation could be performed by following the 

evolution of the tetragonality ratio during the tempering. However, the final c/a ratio determined by the 

Rietveld refinement at the end of the 400 °C holding is too high: it would indicate that more than 50 % 

of the carbon content in solid solution, which is unrealistic. The validity of the tetragonality determined 

by the Rietveld refinement is questioned in Appendix A. 

III.2.B.3 Cementite carbide size evolutions  

To determine the size of the cementite carbides, a statistical study by TEM has been performed at each 

condition (size distributions and mean values). As more than 300 carbides were measured at each studied 

condition (with ellipsoidal shapes as explained in Section I.5.B), any mixture of carbide populations 

(epsilon, cementite) must be avoided. It is for that reason that the cementite carbide size analysis was 

performed only in tempering conditions in which epsilon carbides were not present: different holding 

times during the tempering at 400 °C and at the end of the isotherm at 300 °C. As an example, a set of 

bright field TEM micrographs showing evolution of the cementite carbides during the holding at 400 °C 

of the 0.3C steel (0.3C_WQ_T400C) is presented in Figure 59. One micrograph of the 

0.3C_WQ_T300C is also presented. 

In the following, the analysis of carbide size is presented in the 0.3C_WQ_T400C300s condition by 

showing the distributions as well as the obtained mean values for this particular treatment. This will be 

followed by the presentation of the evolution of the mean values for the other tempering conditions 

(influence of time, temperature and carbon content of the steel). 
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Figure 59: Bright field TEM micrographs showing the evolution of the cementite carbides in the 0.3C steel during holding at 

400 °C at different holding times, 0, 30, 60 and 300 s from left to right. One bright field TEM micrograph of the 0.3C steel 

tempered for 300s at 300 °C is also presented. 

 

Figure 60 presents the distribution of the minor and major radii. Both distributions have a log-normal 

shape and the dispersion (defined by the parameter ϖ in the Equation 11 in Chapter II) is higher for the 

major radius (0.54 ± 0.03) than for the minor radius (0.44 ± 0.03). The mean values obtained by 

modeling them with log-normal functions are 12.4 nm for the minus radius (with 68% interval from 6.9 

to 17.8) and 51.9 nm for the major axis (with 68% interval from 27.8 to 75.8), the equivalent radius (req) 

calculated from both mean values is 19.9 nm.  

 

 

Figure 60: a) Distribution of a) the minor radius, b) the major radius of ellipsoidal cementite carbides in the 

0.3C_WQ_T400C300s steel. 
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Another analysis consist in calculating the equivalent sphere radius for each precipitate and to fit the 

obtain distribution. The result is shown in Figure 61. The distribution of equivalent radii also follows a 

log-normal distribution, with a mean value equal to 19.4 nm and ϖ equal to 0.41 ± 0.01, giving a 68% 

prediction interval between 11.4 and 27.1 nm. The dispersion parameter is thus lower than the ones 

obtained for the minor and major radius. The distribution shape is similar to the one presented by Gaudez 

et al. [39] and by [190,220,221]. 

 

 

Figure 61: Distribution of the equivalent radius obtained by measuring the carbides in the 0.3C_WQ_T400C300s steel. 

 

The mean equivalent radius obtained by the fit of the distribution of the equivalent radius is equal to the 

one calculated previously based on the means of the minor and major radius. Wu et al. [191] reported 

the average cementite radius obtained by a tempering at 400 °C and 300s holding time for a 0.1 wt.% C 

steel and a 0.4 wt.% C steel being ca. 16 nm and 24 nm respectively. The mean equivalent radius 

obtained in the present work is between both reported values giving confidence to the proposed method. 

The same analysis was performed for tempering at 300 °C and 400 °C  for different times and for 0.2C 

and 0.3C steels. The evolutions of the minor and major radius are presented in Figure 62.  

The effect of the tempering temperature can be discussed by considering the results for the 0.2C steel as 

typical example. At 400 °C, the minor and the major radii increase with the holding time while at 300 °C 

both radii remain constant or even present a small decrease. After 300s holding, both minor and major 

radii are smaller at 300 °C than at 400 °C, but the difference is in the confidence interval (accounting 

68% of the size distribution).  

Considering the effect of the carbon content (0.2C vs. 0.3C steels), the minor radius is higher in the 0.3C 

steel than the ones determined in the 0.2C steel at both holding temperature and whatever the holding 

time. Regarding the major radius, it increases in the 0.2C steel during the holding at 400 °C, whereas it 

is nearly constant in the 0.3C steel (although it might be overestimated at holding time 0s). The final 

major radius is similar in the 0.2C and in the 0.3C steel at the end of both isothermal holdings (300 °C 
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and 400 °C). For all the mentioned comparisons, the differences are within the confidence interval, 

indicated by errorbars. The actual error of each measurement and their average is much lower. 

Hence, for both steel compositions and both holding temperatures, the final major axis of the cementite 

carbides has a similar size, whereas the minor axis for the 0.2C steel is lower than for the 0.3C steel. 

 

Figure 62: Evolution of the minor radius (first column) and major radius (second columns) as function of the holding time in 

tempering heat treatments applied to the 0.2C_WQ condition (first raw) and to the 0.3C_WQ condition (second raw). The 

points have been slightly displaced in the x axis to avoid juxtapositions. 

 

As mentioned above, the evolution of the cementite mass fraction was estimated by HEXRD in the 0.3C 

steel and during the holding at 400 °C. It increased from ca. 1 wt. to 3 wt.% between 0s and 300s holding 

(cf. Figure 58). However, as shown above, the minor and major axes present small increasing variation 

for this treatment. Thus, the increase of the cementite mass fraction observed by HEXRD may be 

interpreted as an increase of the density of cementite carbides or by the increase of the thickness 

(evolution of the minor radius in the errorbar). If one considers that the point at 0s is the singular point 

in the curve (instead of the one at 30s), this means that the major axis clearly increases during holding 

at 400 °C in the 0.3C steel. 

The evolution of the equivalent radius and aspect ratio are presented in Figure 63. 

The equivalent radius is calculated as prolate carbides, the shape most frequently observable in the TEM 

images, which is also reported in low tempering conditions in literature [169,190,222]. As expected, 

these evolutions are in agreement with those obtained for the minor and major radii. The equivalent 

radius increases in the 0.2C steel during the holding at 400 °C, but it is nearly constant at 300 °C. For 

the 0.3C steel only a small increase is observed at 400 °C (which would be higher if the 0s holding was 
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considered as a singular point). At the end of the holdings at both temperatures, the equivalent radius is 

larger in the 0.3C steel than in the 0.2C steel, as in [191]. As seen above, this is due to the larger size of 

the minor axis (i.e. the cementite carbides are thicker but their length is similar). 

 

Figure 63: Evolutions of the cementite carbides equivalent radius and aspect ratio during the isothermal holdings at 300 °C and 

400 °C in the 0.2C and 0.3C steels. 

 

Regarding the tempering temperature effect, it can be observed that for both alloys the equivalent radius 

is higher at 400 °C than at 300 °C. The difference is clearly in the confidence interval, and higher than 

the actual error of the measurements. 

The aspect ratio shows two different behaviors in the 0.2C and 0.3C steels. In the 0.2C steel, it clearly 

increases at 400 °C (and seems to have the same behavior at 300 °C), which suggest that cementite 

carbides are growing. In the 0.3C steel, the aspect ratio is lower than in the 0.2C steel, and it remains 

nearly constant.  

Main outcomes of the cementite carbides sizes measurements are the following. As expected, the 

carbides are larger in the 0.3C steel, with higher carbon content than the 0.2C steel. They might be larger 

(more exactly thicker) after holding for 300s at 400 °C than at 300 °C, but the difference is inside the 

uncertainty of the measurements (defined as the standard deviation of the size distributions). Except for 

the 0.2C steel held at 400 °C, the length of the carbides is nearly constant (a small increase is observed 

also at 400 °C of the 0.3C if the 0s holding is considered as a singular point). This means that the carbides 

would have ready reached their final length at the end of the heating rate and that they mostly underwent 

thickening afterwards, during the isothermal hold. 
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III.2.C Summary of the microstructural characterization of 

tempering  

Here is a summary of the microstructural characterizations by APT, HEXRD and TEM.  The segregation 

of carbon of the 0.2C steel has been investigated by 3DAPT at the two quenched state, gas quenched 

(GQ) and water quenched (WQ) (after two months aging at room temperature), showing the segregation 

of carbon around the dislocations in both samples. In both conditions, the segregated zones have the 

same carbon concentration and the same size (radius of “influence” around the dislocations) despite the 

cooling rate. This may be ascribed to the segregation occurring at room temperature. The carbon 

concentration measured is in accordance with the literature (between 7 and 10 at.% [41,151,213]) and 

the radius of influence has been established to 10 times the Burgers vector (2.5 nm). The dislocation 

density is larger in the WQ condition than in the GQ state, which is in agreement with the HEXRD 

measurements.  Some globular carbon enriched volumes were also observed, in larger number in the 

GQ state. These are probably due to carbon clusters [162] even if the presence of transition carbide 

nuclei cannot be ruled out [150]. In the GQ sample, an austenitic film enriched in carbon was also put 

in evidence by 3DAPT, showing that the carbon has time to partition during GQ. 

The sequence of precipitation was partially established by combining in situ HEXRD experiments and 

TEM observations of the microstructure. At first, the initial state, corresponding to austenitization 

followed by cooling at different rates (WQ, -10, -50 and -100 °C/s) was characterized. No carbides could 

be put into evidence by HEXRD (whereas retained austenite is present) whatever the cooling rate. But 

an intense precipitation of (probably) transition carbides could be revealed by TEM after GQ (ca. -

20 °C/s). No carbides were observed in the WQ state. The non-detection of the GQ carbides by HEXRD 

is ascribed to their small size and the presence of defects.  

The WQ condition was chosen as the initial state to study the precipitation sequence, in order to enhance 

carbides precipitation during the tempering. Table 11 summarizes the detected carbides for the different 

alloys, the range of temperature in which they were observed and, if possible, an estimation of their 

fraction during the heating. As mentioned, the non-detection of carbides by HEXRD does not mean that 

these carbides are absent as they may be too small to be detected.  

At the end of the holding at 400 °C, all the studied steels present evidence of the presence of cementite. 

During the holding at 300 °C, cementite is observed to form in the 0.2C and 0.3C steels. For all the 

steels, no carbides were detected during the holding at 200 °C. 

The non-detection of transition carbides in the 0.1C steel is in accordance with the literature in which it 

is commonly stated that for nominal compositions lower than 0.2 wt.% no transition carbides 

precipitation occurs [20,103]. Indeed, the carbon would be segregated at defects, especially dislocations. 

Transition carbides are detected in the 0.2C and 0.3C steels. The temperature range in which the 

transition carbides were detected is higher than the usual range reported in literature (100-250 °C). This 

an outcome of the use of HEXRD. Indeed, in [39] the presence of epsilon up to high temperatures 

(500 °C) was also put in evidence. In fact, the transition carbides disappear only when the cementite 

precipitation occurs.  
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The formation of cementite was established for the three investigated steel compositions. It starts to 

form upon heating, at least in the 0.2C and 0.3C steels. The cementite fraction could be determined by 

the Rietveld refinement only in the latter steel. It was lower than the value expected by thermodynamic 

calculations at the end of the isothermal hold at 400 °C. The difference may be due to the incertitude on 

the measured value (higher than 1 wt.%) and, once again, due to the fact that small precipitates are not 

detectable by HEXRD [219]. 

The evolutions of cementite carbides sizes were measured from TEM micrographs in the 0.2C and 0.3C 

steels, during isothermal hold at 300 °C and 400 °C. In all cases, the carbides show an elongated shape 

with an aspect ratio higher than 4. Except in the one case (0.2C steel, 400 °C hold), the length of the 

carbides is nearly constant, whereas the carbides thicken during the isothermal holds.  The precipitates 

have higher equivalent radius in 0.3C than in 0.2C steel, and it may be slightly smaller at 300 °C than 

at 400 °C. 

Put together, these results conform to the usual sequence of precipitation: segregation followed by 

transition carbides and the cementite. Newest outcome regards the characterization of the segregation at 

the initial state. Its impact on the sequence is significant, as the transition carbide are probably 

suppressed in the 0.1C steel. As mentioned before, we exploited the HEXRD method at its limits, in 

view of the low carbon content of the steels. Nevertheless, an  

Table 11: Summary of the detected carbides, their temperature range and fraction for the three studied steels determined during 

tempering by in situ HEXRD experiments. 

 
 0.1C 0.2C 0.3C 

Epsilon 
Temperature (°C) - 300-350 (?) 300-375 

Fraction (wt.%) - - - 

Cementite 

Temperature (°C) 400 330-400 350-400 

Fraction(wt.%) after 

holding at 400 °C 

for 600s 

< 2 ca. 3 ca. 3.4 

 

interesting outcome is the persistence of the transition carbides up to high temperatures. The trends 

regarding the sequence are those expected and, combined with TEM data, this provides a set of data that 

will be used in the calibration and validation of the models detailed in the following. 

III.3 Modeling of tempering 

As shown in the literature survey (Section III.1.A.1) and in the experimental study based on 3DAPT 

(III.2.A), the phenomenon of carbon segregation to dislocations makes the composition of the matrix in 

carbon highly heterogenous. The experimental study on the precipitation sequence showed that the 

segregation of carbon inhibits the formation of transition carbides in the steel with the lowest carbon 

content. Our purpose in this part is to investigate by simulations the consequences of the segregation 
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phenomenon on the sequence of precipitation. To this aim, we will combine a model that predicts the 

kinetics of segregation to a model for the precipitation of transition and cementite carbides. In Section 

III.3.A, the model for segregation of Svoboda et al. [153] is presented and its parameters are selected on 

the basis of our experimental results and the literature. In Section III.3.B, this segregation model is 

coupled with an in-house precipitation model previously developed [39,154] and adapted for this 

purpose. Its predictions are also confronted to the experimental results (phase fractions, temperatures of 

formation and size of cementite), highlighting the impact of segregation on the precipitation sequence. 

III.3.A Carbon segregation model 

Different modeling approaches have been applied to understand the complex interactions between 

carbon atoms and the stress/strain fields around dislocation and the resulting segregation; from local ab-

initio [196], embedded atom methods [223] and Monte Carlo [213] simulations to mean field 

calculations based on the thermodynamic extremal principle [153]. In the present work, the method 

developed by Svoboda et al. [153] has been chosen for its low number of parameters, low computational 

cost, but keeping a sound physical basis. Also, it is mean-field approach, which is well adapted to be 

coupled to the precipitation model which will be used in Section III.3.B. In the following, the segregation 

model is re-introduced briefly and its parameters are calibrated. The model is then used to simulate the 

segregation kinetics for the experimental conditions studied in this work. 

III.3.A.1 Carbon segregation model implementation 

The method proposed by Svoboda et al. [153] to predict the kinetics of segregation is based on the 

thermodynamic extremal principle [224]. The total Gibbs energy of the system is calculated as a function 

of the amount of carbon segregated at dislocations and of the carbon concentration remaining in the 

matrix, far from the defects. This calculation takes account of the trapping energy for carbon at 

dislocations (∆E), which makes decrease the energy of the system, and which represents the driving 

force for the carbon diffusion from the matrix to the dislocations. The dissipation rate associated with 

the carbon diffusion in the matrix towards the dislocations is assumed to be equal to the rate of decrease 

of the total Gibbs energy of the system matrix + dislocations. The model is not fully re-introduced here, 

but the main equations and parameters are presented. 

The mass balance of the system and the resulting conservation law are written as: 

𝒇𝒅𝒊𝒔𝒍𝒐𝒙𝒅𝒊𝒔𝒍𝒐 + (𝟏 − 𝒇𝒅𝒊𝒔𝒍𝒐)𝒙𝒎𝒂𝒕𝒓𝒊𝒙 = 𝒙̅ Equation 24 

𝒇𝒅𝒊𝒔𝒍𝒐𝒙̇𝒅𝒊𝒔𝒍𝒐 = −(𝟏 − 𝒇𝒅𝒊𝒔𝒍𝒐)𝒙̇𝒎𝒂𝒕𝒓𝒊𝒙 Equation 25 

  

where fdislo denotes the volume fraction of traps for the carbon. The latter are schematized as cylinders 

of a given radius around the dislocations, inside which the carbon segregates with a local uniform 

concentration. 𝑥𝑑𝑖𝑠𝑙𝑜 is the carbon concentration in the traps, 𝑥𝑚𝑎𝑡𝑟𝑖𝑥 the carbon concentration in the 

depleted matrix and 𝑥̅ is the overall carbon concentration in the system matrix + dislocations. The dots 

denote time derivatives. 
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The volume fraction of the traps (fdislo) is expressed as: 

𝒇𝒅𝒊𝒔𝒍𝒐 = 𝝅𝒓𝒅𝒊𝒔𝒍
𝟐𝝆  Equation 26 

  

The whole system (matrix + dislocations) is represented by a single dislocation surrounded by a cylinder 

which contains the matrix. The radius of this cylinder, rmatrix, is related to the dislocation density by the 

equation:  

𝛑𝐫𝐦𝐚𝐭𝐫𝐢𝐱
𝟐 =

𝟏

𝛒
  ⇒ 𝒓𝒎𝒂𝒕𝒓𝒊𝒙 =

𝟏

√𝝅𝝆
  

Equation 27 

  

with ρ the dislocation density.  

The total Gibbs energy of the system is written as:  

𝐆 = 𝐆𝟎 +
𝐕

𝚮
(𝐉𝟏 + 𝐉𝟐 −

𝒙𝒅𝒊𝒔𝒍𝒐 ∆𝑬(𝒙𝒎𝒂𝒕𝒓𝒊𝒙, 𝒙𝒅𝒊𝒔𝒍𝒐)

𝑹𝒈𝑻
) 

Equation 28 

𝑱𝟏 =  (𝟏 − 𝒇
𝒅𝒊𝒔𝒍𝒐

) (𝑹𝒈𝑻(𝒙𝒎𝒂𝒕𝒓𝒊𝒙𝒍𝒏 𝒙𝒎𝒂𝒕𝒓𝒊𝒙 + (𝟏 − 𝒙𝒎𝒂𝒕𝒓𝒊𝒙) 𝒍𝒏 (𝟏 − 𝒙𝒎𝒂𝒕𝒓𝒊𝒙))) 
 

𝑱𝟐 =  (𝒇
𝒅𝒊𝒔𝒍𝒐

(𝑹𝒈𝑻(𝒙𝒅𝒊𝒔𝒍𝒐𝒍𝒏 𝒙𝒅𝒊𝒔𝒍𝒐 + (𝟏 − 𝒙𝒅𝒊𝒔𝒍𝒐)𝒍𝒏 (𝟏 − 𝒙𝒅𝒊𝒔𝒍𝒐))  

  

with G0 being the Gibbs energy independent of the carbon distribution in the system, H is the molar 

volume, V the volume of the system, Rg the gas constant and T the absolute temperature. The molar 

trapping energy (ΔE) can be considered independent of the temperature, but it can depend on xmatrix and 

xdislo due to carbon-carbon interactions [153]. Both the matrix and the segregation zones are assumed to 

be ideal solutions. 

By calculating the rate of total dissipation by carbon diffusion in the system (thanks to the simplified 

geometrical representation mentioned above) and by deriving the total Gibbs energy, one obtains the 

rate of increase of the carbon concentration in the Cottrell atmospheres [153]. If the dependence of the 

trapping energy with the carbon concentration either in the matrix or in the dislocation is neglected, the 

rate of increase of the carbon concentration in the Cottrell atmospheres can be calculated as:  

𝐱̇𝐝𝐢𝐬𝐥𝐨 =
𝟐𝐃

𝐫𝐝𝐢𝒔𝒍
𝟐 (𝒍𝒏  (

𝒓𝒎𝒂𝒕𝒓𝒊𝒙
𝒓𝒅𝒊𝒔𝒍

) −
𝟑
𝟒)

𝒙𝒎𝒂𝒕𝒓𝒊𝒙 (𝒍𝒏  
𝒙𝒎𝒂𝒕𝒓𝒊𝒙(𝟏 − 𝒙𝒅𝒊𝒔𝒍𝒐)

𝒙𝒅𝒊𝒔𝒍𝒐(𝟏 − 𝒙𝒎𝒂𝒕𝒓𝒊𝒙)
+

𝜟𝑬

𝑹𝒈𝑻
 ) 

Equation 29 

  

with D being the diffusion coefficient of carbon in matrix. 
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In the previous equation, some parameters come from our experiments: the dislocation density (which 

determines the parameter rmatrix) and the “dislocation radius”, rdisl. The former was obtained from 

HEXRD experiments and the modified Williamson-Hall method (cf. Chapter II). The latter is set to 10 

× b, b being the Burgers vector (2.5 x 10-10 m), on the basis of 3DAPT results presented above. 

The carbon diffusion coefficient as a function of the temperature is calculated with D0 set equal to 

3.56 × 10-6 m2/s and the activation energy to 90.7 kJ/mol. These values were obtained from the 

thermodynamic and mobility databases TCFE9 and MOBFE2 from ThermoCalc for the ferrite with the 

composition of the 0.2C steel. Let us mention that other values for the diffusion coefficient can be found 

in the literature for the diffusion of carbon in ferrite [192,225] or in martensite. For the latter, carbon 

diffusivity is lower than in ferrite because of the tetragonal structure [18,226,227]. But the HEXRD 

study showed that the tetragonality is low in the investigated steels, because of their low carbon content. 

Moreover, if the tetragonality is accounted for, one should take account of its decrease upon tempering, 

as the matrix will be depleted in carbon. This is why the carbon diffusion coefficient in ferrite was 

chosen for the simulations. The value given by Thermocalc’s databases for bcc ferrite ranges between 

those reported by Tapasa et al. [225] and Ghosh and Olson [192]. 

The parameter related to the trapping energy (∆E) is a determining factor for the kinetics of carbon 

segregation at dislocations and for the concentration inside the Cottrell atmospheres. Different values of 

∆E have been obtained by simulations and/or experiments in the literature. Clouet et al. presented a 

summary of the reported values, which depend on the type of dislocation considered (edge/screw), along 

with the methods used for the estimations [223]. ∆E ranges between 0.41 and 0.78 eV. 

As the segregation model presented above considers a unique value of trapping energy for all the 

dislocation affected volume (i.e. without dependence on the distance between the carbon atom and the 

dislocation, inside the denoted rdisl), an average value of ∆E has to be estimated.  

In Figure 64, ∆E is plotted as function of the distance from the dislocation core according to [228]. 

 

Figure 64: Trapping energy as a function of the distance from the dislocation core,  according to the formula proposed by Kalish 

and Cohen [228] as well as the average calculated over a distance of 10 times the Burgers vector, considering the highest and 

lowest trapping energies presented in [223]. 
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The formula proposed by Kalish and Cohen in [228], considers that ∆E decreases hyperbolically with 

the distance from the dislocation radius. Even if from the 3DAPT proxigram it is not possible to obtained 

the ∆E value and its dependence with the radius, a fast decrease has been observed justifying the use of 

the formulation proposed by Kalish and Cohen. 

Two values of ∆E at the dislocation core (at radius 1b) have been assumed: 0.78 eV or 0.41 eV, i.e. the 

highest and the lowest values reported in [223]. This allows to calculate an average value (represented 

by the dashed lines), of 0.20 eV and 0.11 eV respectively. The average is calculated over a distance of 

10b, the radius of influence of the dislocations (rdisl) which was estimated on the basis of our 3DAPT 

observations. These two values give the range inside which the average trapping energy ∆E should be 

selected.  

Finally, the criterion to select the average value of ΔE is based on our 3DAPT experiments: the 

concentration of carbon segregated at the dislocations should be in agreement with the measurements. 

In order to select the appropriate value, a precipitation model a parametrization study was performed. 

The segregation kinetics was calculated for different values of ∆E. The dislocation radius, rdisl, was set 

to 10 × 2.5 x 10-10 m, the dislocation density to 3.5 × 1015 1/m2 and the simulations were performed at 

temperature 200 °C, taken as an example.  

After some time, the carbon concentrations in the matrix (xmatrix) and at the dislocations (xdislo) stabilize. 

The evolution of both concentrations varying average value of ΔE as function of time are shown in 

Figure 65. The kinetics of the carbon segregation are faster at higher ΔE and the stagnation values are 

higher as well.  

Figure 66 shows both final concentrations as function of ∆E. Hereafter, these final concentrations will 

be termed as “equilibrium” concentration as these correspond to the minimum of the Gibbs energy of 

the system (matrix + dislocations). 

xdislo increases as the trapping energy increases while xmatrix decreases, as expected. For ∆E = 0.11 eV, 

xdislo is equal to 10.34 at.% and xmatrix equal to 0.76 at.%, while for ∆E = 0.2 eV, xdislo  = 18.58 at.% and 

xmatrix = 0.17 at.%. 

When increasing the trapping energy, xdislo eventually stabilizes around 20 at.%. According to out 

3DAPT measurements (III.2.A Carbon segregation) the carbon concentration in the Cottrell 

atmospheres ranges between 7.6 and 8.4 at.%, after 2 months tempering at ambient temperature. 

According to the literature, the dislocation carbon content of the Cottrell atmospheres is expected to be 

around 8 at.% [151,220] and even 10 at.% at 0 Kelvin [229]. On this basis, we have chosen the lower 

limit of the value range mentioned above for the average ∆E=0.11 eV, which corresponds a maximum 

trapping energy of 0.41 eV at the dislocation core. Taking a higher value would lead to overestimate the 

amount of carbon which will segregate to dislocations.  
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Figure 65: Carbon concentrations at the dislocations (xdislo) (in a)) and in the matrix (xmatrix) (in a)) as function of the time during 

a holding at 200 °C varying the trapping energy (ΔE) at a 0.05 eV step.  
 

 

Figure 66: “Equilibrium” carbon concentration as function of the trapping energy at 200 °C in a) in the segregated dislocation 

atmosphere (xdislo); b) the matrix (xmatrix). The green and red dots correspond to average trapping energies 0.11 and 0.20 eV. 

 

0.05 eV 

0.45 eV 
+ΔE 

0.45 eV 

0.05 eV 

+ΔE 

a) 

b) 



Chapter III Segregation and carbide precipitation 

- 108 - 

As shown in Equation 27 and Equation 29, xdislo and xmatrix also depend on the dislocation density.  The 

effect of the dislocation density was thus investigated, as there is a large dispersion of this feature inside 

the martensitic microstructure (cf. Chapter II). As an example, the equilibrium values of xdislo and xmatrix 

were calculated with the segregation model for the 0.3C steel with the average dislocation density at the 

water-quenched condition (3.5 × 1015 1/m2) as well as with two times this value (7.0 × 1015 1/m2). xdislo 

and xmatrix are plotted in Figure 67. In a first time, it can be observed that xdislo decreases with the 

temperature. This is expected, as the efficiency of the dislocations as traps for carbon decreases as the 

temperature increases. Indeed, as seen with Equation 10, the concentrations xdislo and xmatrix converge, 

after sufficient time, to values related by the relationship below [153] (similar to McLean equation [230]): 

𝒙𝒎𝒂𝒕𝒓𝒊𝒙

𝟏 − 𝒙𝒎𝒂𝒕𝒓𝒊𝒙
=

𝒙𝒅𝒊𝒔𝒍𝒐

𝟏 − 𝒙𝒅𝒊𝒔𝒍𝒐
× 𝒆𝒙𝒑 (−

𝜟𝑬

𝑹𝒈𝑻
 ) 

Equation 30 

  

A higher dislocation density leads to a lower value of xmatrix, as more carbon traps are present (this can 

be deduced from Equation 24 and Equation 30). The concentration of carbon inside the segregated 

atmospheres (xdislo) decreases also, as the carbon is distributed among more dislocations. These trends 

are reproduced by the simulations.  

 

Figure 67: xdislo (a) and xmatrix (b) at equilibrium as a function of the temperature for the 0.3C steel with low (continuous line) 

and high (dashed line) dislocation density. 

 

Finally, it remains to discuss the effect of the martensite composition (with thus different initial 

dislocation densities). The equilibrium carbon concentration in the matrix (xmatrix) was calculated for the 

three studied steels (0.1C: 0.1 wt.% C and ρ=1.5 × 1015 1/m2, 0.2C: 0.21 wt.%C and ρ=2.5 × 1015  1/m2 

and 0.3C: 0.31 wt.%C and ρ=3.5 × 1015  1/m2). Figure 68 shows the results of segregation calculations 

as a function of the temperature.  
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The carbon concentration in the matrix increases with the temperature for the three steels as the trapping 

efficiency becomes lower, as mentioned above. Even if the dislocation density is higher when increasing 

the carbon content of the steel (which tends to decrease xdislo and xmatrix), the carbon concentration in the 

matrix increases with the carbon content of the alloy at a given temperature. Hence, the effect of the 

nominal carbon content is higher than the pinning effect of the dislocation density 

 

Figure 68: Equilibrium carbon concentration as function of the temperature for the three studied steels, by taking account of 

the steel carbon content and dislocation density. 

 

III.3.A.2 Results of the segregation model 

The segregation model is used here to study the segregation kinetics in the 0.2C steel, during either 

water quench (WQ) or gas quench (GQ), followed by aging for 2 months at room temperature (which 

were the conditions characterized by APT). The calculated concentration of carbon segregated are 

compared with the experimental ones in order to validate the model and its parameters. For the 

calculations, the dislocation densities measured by HEXRD are used: 2.0 × 1015 1/m2 for GQ and 

2.5 × 1015 1/m2 for WQ.  

The simulations results corresponding to both conditions are plotted in Figure 69. Figure 69.a shows the 

evolutions of temperature, Figure 69.b shows xdislo and Figure 69.c xmatrix. The simulations encompass 

the cooling and the aging at room temperature (25 °C). Both simulations start at 350 °C, which 

corresponds to ca. first 20 wt.% of martensite formed upon cooling. Hence, the simulations focus on the 

segregation phenomena that will occur in this part of the martensitic microstructure. 

For both cooling rates, a fast segregation of carbon to the dislocations is predicted, in less than 10-2 s 

after the start of the simulations. The concentrations xdislo and xmatrix reach the values fixed by the 

temperature at the start of the simulation (350 °C) and by the respective dislocation densities. This fast 

segregation kinetics at the start of the simulations is due to the fast diffusion of carbon at high 

temperatures and to the high driving force coming from the small difference between xdislo and xmatrix.  
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In the GQ condition, a second regime is visible with further segregation at a moderate rate (between 300 

and 75 °C). In the WQ condition, this second regime is also detectable at low temperature but less 

obvious. In both cases, this second regime is due to the decrease of the temperature, which increases the 

efficiency of the dislocations as traps for carbon (as shown by McLean equation). At the end of the 

quench treatments, the carbon concentration in the dislocation atmospheres (xdislo) in the GQ condition 

is 9.55 at.% while after the WQ condition it is 6.96 at.%. This result of the simulations confirms that the 

segregation of carbon is significant during auto-tempering, even in the case of the water-quenched 

martensite.  

The cooling rate has also a significant influence on the degree of tempering after the quench and before 

the aging at 25 °C. These simulation results are in good agreement with the observations just after the 

quench reported in the literature. Carbon segregation into matrix defects or spinodal decomposition [165] 

and even the formation of transition carbides [231] (which requires more carbon diffusion) have indeed 

been reported. Badinier found a clear effect of the cooling rate on the carbon segregation (with a 

relatively homogenous carbon distribution in the water-quench sample as by [87]) but in a higher carbon 

steel, which has a lower Ms temperature [74]. 

 

Figure 69: Evolution of the carbon concentration at the dislocations and in the matrix after quench by gas and in water and 

aged 2 months at room temperature. a) Temperature-time curves used for the simulations while b) presents the carbon 

concentration in the dislocations (xdislo) and c) in the matrix (xmatrix). 
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The carbon segregation continues during the aging at room temperature but at a lower rate. After 2 

months aging, xdislo is equal to 15.5 at.% and 13.5 at.% in the GQ and WQ conditions respectively. The 

difference is due to the dislocation density. The comparison with the experimental results (7.6 and 

8.4 at.% C concentration for the 0.2C_GQ and 0.2C_WQ respectively) and the literature values 

[41,151,213] shows that the model predicts an excess of segregation, although we used the lowest 

trapping energy reported in the review of [223], 0.41 eV. Let us mention that lower values (0.2-0.25 eV) 

of trapping energy were actually envisaged, e.g. in [232]. So one could consider to reduce the average 

value of ΔE in our simulations. In addition, in the present simulations, only the segregation into 

dislocation atmospheres was considered while segregation at planar defects such as lath boundaries 

could also be considered, as done by the simulation by Svoboda at al. [153]. 

The comparison of calculated xmatrix with 3DAPT measurements is more difficult, due to the lack of 

precision of these experiments regarding the matrix. The measured matrix carbon concentration in the 

0.2C_GQ samples was measured equal to 1.1 at.% and in the 0.2C_WQ samples, it was equal to 0.3 at.%. 

This latter value is in good agreement with the simulation while the first one is too high (but it is even 

higher than the nominal composition of the steel).  

To highlight the importance of segregation during cooling, the same simulation was done (with the 

dislocation density of WQ condition, 2.5 × 1015 1/m2 and ΔE set to 0.1 eV), but considering only the 

aging for 2 months at 25 °C (green curves in Figure 69). One can see that several hours are necessary to 

reach the carbon concentrations which were obtained at the end of the cooling, when the cooling stage 

was accounted for. This simulation also shows that the in usual experimental conditions (i.e. when one 

waits significant time between the quench and further experiments), the same degree of segregation will 

tend to be reached, whatever the quench method, provided that this time is longer than a few hours. All 

the simulations reach the same values of xdislo and xmatrix, which correspond to the equilibrium at 25 °C, 

imposed by ΔE and the dislocation density. 

III.3.B Precipitation model 

The precipitation model used in the present study allows to predict the nucleation, growth and coarsening 

coupled kinetics of epsilon and cementite carbides by using a mean-field approach. It is based on 

previous versions developed at IJL [39,154]. Its main features are briefly recalled here, while the new 

developments done for this study will be presented in the next section. The nucleation kinetics is 

calculated with the classical nucleation theory. The growth and dissolution rates of the precipitates are 

limited by the diffusion of the carbon in the matrix. Coarsening is driven by the Gibbs Thomson effect. 

Both epsilon and cementite carbides are assumed to form without partition of the substitutional elements, 

due to the relatively low tempering temperature and short duration of the holding times. The absence of 

partition of substitutional elements for similar tempering treatments is well established in the literature 

(e.g. [191,192,215,233]). Other similar simulations work [234,235] also assumed that the carbides form 

under paraequilibrium conditions. The thermodynamic data necessary for the epsilon carbides are taken 

from [236]. These consist of a solubility limit as a function of temperature established in binary Fe-C 

system (but without accounting of the presence of other alloying elements). 
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As for the cementite, it is assumed to grow or to dissolve under paraequilibrium conditions at the 

interface cementite/ferrite. The thermodynamic data necessary for cementite (nucleation driving force, 

solubility limit) were calculated by using Thermocalc software and the TCFE9 database.  

The epsilon carbides are considered to nucleate homogenously in the matrix [39,158,171] and as this 

type of carbide is coherent with the matrix, an elastic strain energy must be added to the nucleation 

barrier. The effect of the elastic strain energy on the thermodynamic equilibrium between the epsilon 

carbide and the matrix is also considered [237]. The epsilon/matrix interface energy influences the 

nucleation barrier. Due to the Gibbs-Thomson effect, it also changes the solubility limit, and thus the 

growth and dissolution rates. 

The cementite is assumed to nucleate heterogeneously, on dislocations. As a consequence, the nucleation 

barrier is multiplied by a parameter (named ς in the present work) lower than 1. The cementite/matrix 

interface energy affects the nucleation and the growth/dissolution like for the epsilon carbide. But, as 

the interface with the matrix is incoherent, there is no elastic strain energy. 

Each precipitate is assumed to have a spherical shape. Its growth or dissolution is calculated with the 

steady-state Zener equation. The model calculates size distributions for the epsilon and the cementite 

carbides by using a Kampmann-Wagner scheme modified by Myhr and Grong [238,239]. The classes 

are discretized by size and the flux between each class is computed, following an Euler-like approach. 

This method allows to predict the precipitation sequence (epsilon followed by cementite) and also the 

successive stages of nucleation, growth and coarsening. 

The model equations of latest model version are fully presented in [39]. The modifications introduced 

in the present study are detailed in the next section. 

III.3.B.1 Precipitation model implementation 

In the present study, several modifications were implemented in the previously introduced model. The 

first one is that the thermodynamic data related to cementite have been calculated using ThermoCalc 

and the TFCE9 database for the three studied alloys compositions. (The data related to the epsilon 

carbides still come from reference [236]). 

The most significant modification is the introduction of the carbon segregation into dislocation 

atmospheres (with the model for carbon segregation previously presented). The importance of this 

modification is related to the low carbon content of the steels investigated in the present work (from 

0.1 wt.%C to 0.3 wt.%C). As shown in a previous section, a significant proportion of the carbon 

segregates to dislocations and this hinders the formation of transition carbides. Conversely, in the 

previous versions of the model, the considered steels had a carbon content of 0.8 wt.% C [171] and 

0.67 wt.% C [39]. Even if carbon segregation also occurs, the precipitation of transition carbides remains 

possible in those high-carbon steels. 

The expected precipitation sequence considering the carbon segregation into dislocations is schematized 

in Figure 70. The initial state consists of ferrite and dislocations with homogenous carbon concentration, 

both inside the matrix and near the defects. The next stage, corresponding to the zeroth stage of 

tempering, consists in the segregation of carbon from the matrix to the dislocations atmospheres. Next 
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stage consists in the epsilon carbides nucleation and growth inside the depleted matrix, if the carbon 

concentration remaining in the matrix after the segregation is high enough to promote the precipitation 

of epsilon carbides. Finally, the last stage consists in the nucleation, growth and coarsening of cementite. 

Any epsilon carbides previously formed before will dissolve concomitantly with the formation of 

cementite, by transfer of carbon from epsilon to cementite via the matrix. As mentioned, the cementite 

carbides nucleate heterogeneously on dislocations. The local higher carbon concentration due to the 

segregation is taken into account in the model, as will be elaborated below.  

 

Figure 70: Schematic representation of the precipitation sequence. From left to right: initial state with homogenous 

supersaturation of carbon, carbon segregation from the matrix to the dislocation atmospheres, nucleation and growth of epsilon 

in the depleted matrix, and nucleation of cementite in the segregated dislocation atmospheres and its growth. The dashed lines 

represent the growth environment: the carbon depleted matrix for the epsilon carbides and the carbon-enriched atmospheres 

for the cementite carbides. 

 

Hence, the main modification in the sequence consists in the addition of the segregation stage (zeroth 

stage). As a result, the matrix becomes heterogenous in carbon composition. The mass balance has to 

be modified in consequence, as well as the treatment of the carbide’s nucleation and growth.  

In the previous version of the model, in presence of epsilon and cementite carbides, the carbon balance 

was calculated as:  

𝒙̅𝑪 = 𝒇𝜺𝒙𝜺
𝑪 + 𝒇𝜣𝒙𝜣

𝑪 + (𝟏 − (𝒇𝝐 + 𝒇𝜣))𝒙𝒎𝒂𝒕𝒓𝒊𝒙
𝑪  

Equation 31 

  

where x̅C is the nominal carbon concentration (molar fraction) of the alloy (previously referred as x̅), xε
C

 

and xΘ
C  are the carbon concentration in the epsilon and cementite carbides respectively, xmatrix

C  is the 

carbon concentration in the matrix and 𝑓ε and 𝑓𝛩 are the volume fraction of the epsilon and the cementite 

respectively. Molar volumes of all phases are assumed to be equal for the sake of simplicity 

The latter carbon balance is modified when carbon segregation is taken into account. The new carbon 

balance is written as: 
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𝒙̅𝑪 = 𝒇𝒅𝒊𝒔𝒍𝒐𝒙𝒅𝒊𝒔𝒍𝒐
𝑪 + 𝒇𝜺𝒙𝜺

𝑪 + 𝒇𝜣𝒙𝜣
𝑪 + (𝟏 − (𝒇𝝐 + 𝒇𝜣 + 𝒇𝒅𝒊𝒔𝒍𝒐))𝒙𝒎𝒂𝒕𝒓𝒊𝒙

𝑪  
Equation 32 

  

with 𝑓𝑑𝑖𝑠𝑙𝑜 calculated by Equation 26 and 𝑥𝑑𝑖𝑠𝑙𝑜
𝐶  by Equation 29.  

Nucleation and growth of the epsilon carbides is treated like in [39,154]. The only difference is that the 

carbon concentration in the matrix now takes account of its depletion due to the segregation of the carbon 

into dislocation atmospheres. The nucleation driving force of epsilon is calculated by assuming that it 

takes place inside the matrix with concentration 𝑥𝑚𝑎𝑡𝑟𝑖𝑥
𝐶 . The growth/dissolution rate of epsilon carbides 

is calculated with the following equation, giving the velocity of the epsilon/ferrite interface:  

𝐯 =
𝐃𝐂

𝐫𝛆

𝐱𝐦𝐚𝐭𝐫𝐢𝐱
𝐂 − 𝐱𝛂/𝛆

𝐂

𝐱𝛆
𝐂 − 𝐱𝛂/𝛆

𝐂
  

Equation 33 

  

where DC is the carbon diffusion coefficient in the matrix, rε is the radius of the spherical epsilon carbide, 

xα/ε
C  is the carbon composition in the matrix at the interface, xε

C is the carbon concentration in the epsilon 

carbide (29.5 at.%). Note that the molar volumes of the matrix and the precipitates are again assumed 

to be the same. Otherwise, the latter equation should be modified as presented in [238]. 

This calculation of the growth/dissolution rate assumes that the epsilon carbides grow inside the matrix 

(as represented in Figure 70). This means there is no direct interaction between the epsilon carbides and 

the Cottrell atmospheres. However, the epsilon carbides will consume the carbon of the matrix upon 

growth, and this will make decrease the carbon concentration inside the Cottrell atmospheres, as seen in 

the part on the segregation model. Hence, the carbon concentrations in the matrix and in the Cottrell 

atmospheres will undergo complex coupled evolutions, as a consequence of the combined effects of 

segregation, and of epsilon or cementite growth/dissolution. This will be discussed when presenting the 

simulation results.  

The nucleation and growth of cementite is treated differently. As the cementite carbides are assumed to 

nucleate on the dislocations, the higher local carbon concentration due to segregation has to be accounted 

for. This is done as follows to calculate the nucleation driving force for cementite. Assuming that there 

is no partition of substitutional elements in the cementite nucleus, the nucleation driving force per unit 

volume, ΔGΘ reads: 

Δ𝑮𝜣(𝒙𝒅𝒊𝒔𝒍𝒐, 𝑻)

=
𝑮𝜣

𝑷𝑬(𝑻) − (𝒙𝜣
𝑪 𝝁𝒎𝒂𝒕𝒓𝒊𝒙

𝑪 (𝒙𝒅𝒊𝒔𝒍𝒐, 𝑻) + ∑ 𝒙𝜣
𝒊 𝝁𝒎𝒂𝒕𝒓𝒊𝒙

𝒊 (𝒙𝒅𝒊𝒔𝒍𝒐, 𝑻)𝒊∈𝒔𝒖𝒃𝒔 )

𝑽𝜣
 Equation 34 

  

where GΘ
PE is the molar Gibbs energy of the cementite having the same composition in substitutional 

elements as the matrix (nominal u-fractions of the steel), VΘ is the cementite molar volume and 𝑥𝛩
𝑖  are 

the molar fractions in the cementite and 𝜇𝑚𝑎𝑡𝑟𝑖𝑥
𝑖  the chemical potential in the matrix of element i.  
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The carbon segregation in the dislocation atmospheres will also affect the growth/dissolution rate of 

cementite. The cementite carbides will evolve in a matrix having a heterogenous concentration in carbon 

(higher near the dislocations, lower in the matrix). We introduce xnon−prec
C , the average carbon 

concentration inside the segregated carbon atmospheres and in the depleted matrix. It also corresponds 

to the carbon which is not inside epsilon or cementite carbides. For the sake of simplicity, one assumes 

that the growth rate of the carbides can be calculated by using this concentration. The velocity of the 

cementite/matrix interface is calculated as: 

v =
𝑫𝑪

𝒓𝜣

𝒙𝒏𝒐𝒏−𝒑𝒓𝒆𝒄
𝑪 − 𝒙𝜶/𝚯

𝑪

𝒙𝜣
𝑪 − 𝒙𝜶/𝚯

𝑪
  

Equation 35 

  

where 𝑟𝛩 is the radius of the spherical cementite carbide, 𝑥𝛼/Θ
𝐶

 is the carbon composition in the matrix 

at the interface, 𝑥𝛩
𝐶 is the carbon concentration in the cementite (25 at.%). 

𝑥𝛼/Θ
𝐶  is tabulated as a function of temperature by using Thermocalc and TCFE9 database, assuming the 

cementite growths/dissolves under paraequilibrium mode. The Gibbs-Thomson effect is also accounted 

for to modify 𝑥𝛼/Θ
𝐶  (c.f. [39]).  

Besides the changes to the model related due to the segregation, another modification has been carried 

out, regarding the recovery of dislocations. 

In a previous precipitation model version, a Friedel type recovery model was used [39]. In the present 

work, we use the recovery submodel and the parameters presented in the Chapter II. Let us mention that 

the most important phenomena involving dislocations are the segregation and the heterogenous 

nucleation of cementite. As will be seen, both phenomena occur at relatively low temperature, before 

the start of significant recovery of dislocations. Therefore, few interactions between recovery and 

segregation/precipitation were found, and this will not be discussed in this Chapter. 

The model calculates precipitates sizes, from which volume fractions for each phase are calculated. 

Under the assumption of equal molar volumes, these volume fractions are assumed to be equal to the 

molar fractions, for simplicity. In some cases, these molar fraction will be converted to mass fractions 

for comparison with XRD results. 

III.3.B.2 Model parameters 

All the calculations were performed with the parameters presented in Table 12. The thermodynamic data 

are not detailed. The radius step (dr) corresponds to the discretization of the size distribution. The epsilon 

misfit (𝛿𝜀) is the lattice mismatch between the epsilon carbide and the matrix (see [154]). 

Some parameters are not known with precision: the interface energies of epsilon and cementite carbides, 

the misfit of the epsilon carbide (𝛿𝜀) and the parameter 𝜍Θ which is used to calculate the heterogeneous 

nucleation energy barrier of cementite. The values selected for these parameters are in the range reported 

in literature. Although these parameters are adjusted, it will be seen that the model is able to simulate a 

large range of conditions (thermal treatment, steel composition and initial state…) without changing the 
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selected values. For the sake of brevity, the procedure to adjust these unknown parameters will not be 

presented here. Reference [171] presents such procedure in detail.  

Table 12: Precipitation model parameters. 

Parameter Value 

Time step (dt) 
If T = 25 °C (aging), dt = 1 s 

If T > 25 °C, dt = 1 × 10-4 s 

Radius step (dr) 0.5 × 10-9 m 

Ferrite lattice parameter (𝒂𝜶) 2.865 × 10-10 m 

Ferrite molar volume (𝑽𝜶) 7.09 × 10-6 m3/mol 

Epsilon interface energy (𝜸𝜺) 0.139 J/m2 

Epsilon misfit (𝜹𝜺) 0.027 

Epsilon molar volume (𝑽𝜺) 8.56 × 10-6 m3/mol 

Cementite interface energy (𝜸𝚯) 0.99 J/m2 

Cementite heterogenous nucleation (𝝇𝚯) 0.016 

Cementite molar volume (𝑽𝚯) 7.83 × 10-6 m3/mol 

Dislocation trapping energy (𝚫𝑬) 0.1 eV 

C diffusion coefficient (𝑫𝜶
𝑪) 

D0 = 3.95 × 10-6 m2/s and 

Q0 = 9.07 × 104 J/mol [TCFE9] 

Fe bulk coefficient diffusion (𝑫𝜶
𝑭𝒆) 

D0 = 1.9 × 10-4 m2/s and 

Q0 = 2.39 × 105 J/mol [226] 

Fe pipe coefficient diffusion (𝑫𝜶
𝑭𝒆) 

D0 = 3.0 × 10-5 m2/s and 

Q0 = 1.34 × 105 J/mol [147] 

Young modulus (Y) 

If steel is 0.1C, ct = 7.903 

If steel is 0.2C, ct = 7.842 

If steel is 0.3C, ct = 7.793 

Y =  ct × (1 − 0.488 × (
T

1043
)

2
+

0.1265 × (
T

1043
)

3
) × 1010 Pa [148] 

Poisson’s ratio (v) 0.3 

 

The interface energy selected for the epsilon carbide in the range reported in the literature (from 0.06 to 

0.394 J/m2 [154,240]). The same misfit for the epsilon carbide (𝛿𝜀) as in [171] has been considered. One 

should mention that this value is based on the assumption that the epsilon carbides nucleate inside 
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carbon-enriched regions of the matrix, resulting from spinodal decomposition process. Without this 

assumption, the misfit would be too large and the elastic strain energy of the epsilon would be higher 

than the driving force. 

The selected cementite interface energy (0.99 J/m3) is higher than the values usually reported in the 

literature in modeling works, ca. 0.7-0.74 J/m3 [154,241], but it corresponds to the order of magnitude 

expected for an incoherent interface. Also, the cementite is assumed to nucleate inside carbon-rich 

Cottrell atmospheres in current version of the model which may affect the interface energy.  

The Young modulus is calculated with the formula proposed by Ghosh & Olson [148] for the martensite 

in which the first parameter (denoted ct in Table 12) varies with the chemical composition of the steel.  

III.3.B.3 Precipitation model results 

The results of the precipitation model as well as their comparison with the experimental ones are 

presented in the following. Firstly, the simulations of the tempering at 400 °C of the 0.2C steel 

(isothermal tempering preceded by heating the 10 °C/s) will be presented. This example is chosen to 

show how the model “behaves ” and its potentialities. Secondly, the model is used to evaluate, in the 

same 0.2C steel, the impact of different parameters on the precipitation sequence. We will consider 

successively the influence of the tempering temperature, of the natural aging before tempering (which 

changes the initial amount of carbon segregated to dislocations), of the initial dislocation density, of 

more complex thermal path during heating (baths heat treatments, see Figure 7.b in the Chapter I). 

Finally, the results related to the other two steels (0.1C and 0.3C) will be introduced and the effect of 

the carbon content will be analyzed. As our study is focused on tempering, no results are shown here 

regarding auto-tempering (evolutions upon water quench or gas quench). However, the related 

simulations results are presented in Appendix B. 

The precipitation model presented above has coupled a recovery model as previously mentioned. The 

evolutions of the dislocation density during tempering are not again presented in the following as those 

results have been previously presented in Chapter II. 

III.3.B.3.a Detailed analysis of one simulation of tempering (0.2C, 400°C) 

The tempering treatment considered in this section consists of a heating from room temperature at 

10 °C/s up to 400 °C followed by 10 min of isothermal hold, applied to the 0.2C steel. The 

corresponding heat treatment is presented in the Chapter I, Figure 7.b with a previous 2 months aging at 

room temperature (25 °C) for the 0.2C steel. For the simulations, the initial dislocation density is set to 

2.5 × 1015 1/m2, on the basis of the measurements by HEXRD (in Chapter II). 

During the experiments, this thermal treatment was preceded by austenitization, water quench and two 

months of aging at room temperature (25 °C). This led to the segregation of carbon at dislocations, as 

shown in Section III.2.A, but to the absence of any carbide precipitation. This initial state of carbon 

segregation has to be accounted for in the simulation by considering, before tempering treatment itself, 

the segregation kinetics upon cooling and aging at 25 °C. The quenching was actually not considered in 

this prior simulation of segregation because, as shown in III.3.A Carbon segregation model (Figure 69) 
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simulating only the aging for 2 month at 25 °C allows the concentrations xmatrix and xdislo to reach the 

“equilibrium” value at 25°C, the same values as if the cooling had been accounted for. 

Figure 71 shows the simulation results (left column: heating; right column: isothermal hold at 400 °C). 

Second row shows the carbon concentrations, xmatrix and xdislo. At the start of heating, the matrix is 

depleted and Cottrell atmospheres have formed, because of the aging at 25°C. The precipitation of the 

carbides will take place inside this matrix heterogenous in carbon, and this will make evolve the carbon 

concentrations xmatrix and xdislo, as will be seen hereafter. 

 

Figure 71: Simulation for tempering of 0.2C steel upon heating at 10 °C/s up to 400 °C (left, as function of temperature) 

followed by isothermal hold at 400 °C (right, as function of time). The evolutions of the carbides’ fractions are presented in 

the first line, while the carbon content evolution in the second line, the carbide radii in the third line and the number density in 

the last line. The concept of diffracting cementite will be clarified in the text (precipitate larger than 13 nm in the calculated 

distribution). 

 

First row shows the fractions of epsilon and cementite carbides. The epsilon carbides start to form at ca. 

140 °C and the cementite starts to precipitate at abound 150 °C. The maximum epsilon fraction, 2.1 wt.% 

is reached at 205 °C. Then, the transition carbide fraction decreases as the cementite fraction increases, 

the latter reaching its maximum at ca. 300 °C. The formation of the cementite shows two stages. First 

one, up to ca. 225 °C is concomitant with the formation of epsilon. In this stage, the most part of the 

carbon in the matrix and at the dislocations is consumed by both carbides simultaneously (as shown by 

the decrease of xmatrix and xdislo). The second stage of cementite formation corresponds to the dissolution 

of epsilon carbides. In this stage, the cementite takes the most part of its carbon from the dissolving 
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epsilon carbides. This is a slower process, but which accelerates with the increase of the temperature. 

Final fraction of cementite 3.75 wt.% is reached at ca. 300 °C.  

Hence, the simulation predicts the concomitant precipitation of cementite and epsilon, which may be 

unexpected, because both carbides form sequentially in the usual reported sequence, according to both 

experiments [38,166,242] and simulations [39,154,171,209,243], especially those from previous 

versions of this model [39,154]. This comes from the fact that, unlike previous versions of this model, 

the precipitation of each carbide is assumed to occur in a different environment inside which carbon 

concentration is different (the carbon-depleted matrix for the transition carbides and the Cottrell 

atmospheres for the cementite). In current model’s version, the cementite precipitates earlier than in the 

previous versions, because of the high carbon concentration inside the Cottrell atmospheres. Despite the 

concomitant start of the precipitation of epsilon and cementite, the epsilon carbides eventually dissolve 

to the benefit of the cementite. In that sense, the usual precipitation sequence is respected. The 

mechanism described by the model consists of a transfer in carbon from the epsilon to the cementite 

carbide through the matrix.  

The precipitation sequence is also revealed by the evolutions of carbon concentration, presented in the 

second raw of Figure 71. As mentioned above, the simulation starts with the carbon already segregated 

to the dislocation atmospheres, whereas the matrix is depleted, because of the aging at 25 °C. Figure 71 

also shows the equilibrium value of the carbon concentration in the matrix (dashed line). It corresponds 

to the equilibrium which would be established between the matrix and the dislocation, if there were no 

carbides. It was calculated as presented in the part on the segregation model (Section III.3.A, Figure 68).  

During heating up to ca. 150 °C, the carbon concentration in the matrix (xmatrix) becomes lower than the 

equilibrium value, which increases because the trapping of the carbon by the dislocations becomes less 

efficient. xmatrix then reaches again the equilibrium value, because of the faster diffusion of carbon. The 

precipitation of epsilon and cementite induces a decrease of the carbon content in the matrix and at the 

dislocations. The solubility limit of epsilon (from [236]) is not reached because of the Gibbs-Thomson 

effect and the coherency elastic strain energy. The end of the epsilon dissolution and the formation of 

cementite induces a new decrease of xmatrix  , which approaches the solubility limit related to cementite, 

but with some difference because of the Gibbs-Thomson effect. During the holding section of the 

tempering, the only change in the carbon concentration curves is a small decrease of the carbon 

concentration in the matrix approaching the predicted solubility limit related to cementite, because the 

radius increases and the Gibbs-Thomson effects decreases. 

The third raw of the Figure 71 shows the evolution of the cementite and epsilon radius during the 

tempering heat treatment. Upon nucleation of epsilon stating above ca. 100 °C, the initial size is equal 

to 0.5 nm. This initial size is imposed by dr, the discretization step of the size distribution. The epsilon 

carbides grow up to ca. 210 °C to reach a size of 4.2 nm. The growth of epsilon carbides is concomitant 

with the increase of their fraction. Hence, it does not come only from the nucleation of new carbides.  

Then, the epsilon radius remains nearly constant up to 350 °C, due to combined growth and dissolution. 

The cementite growth presents two stages related to the evolution in two stages of the fraction of 

cementite mentioned above. After heating up to 400 °C, the final size of the cementite carbides is slightly 

larger than 8 nm. The cementite radius also increases during the holding due to coarsening.  
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The evolution of the number density of both carbides is presented in the last row of Figure 71. A fast 

increase of the epsilon number density occurs above 100 °C to reach a maximum of ca. 5.5 × 1022 1/m3 

while the maximum cementite number density is 1.3 × 1022 1/m3. The difference is mainly due to the 

number density of nucleation sites (homogenous for epsilon, at dislocations for cementite). For both 

carbides, there is some overlap of nucleation and growth stages (as seen with previous figures, between 

ca. 175 °C and 200 °C). It shows that a large part of the increase of the fraction of the carbides comes 

from their growth, more than the nucleation, according to these simulations. At 220 °C the epsilon 

number density starts to decrease indicating its dissolution. During the isothermal holding at 400 °C the 

cementite number density decreases because of the coarsening phenomenon.  

Few experimental results are available to assess the model predictions regarding the epsilon carbides. 

The experimental study presented previously in this work (Section III.2.B) is not fully conclusive 

regarding whether or not the precipitation of epsilon actually occurred in the 0.2C steel. If it is present, 

it may have been detected during the heating, around 325 °C (Table 11). This is above the range of 

temperature predicted by the model. But in view of the lack of accurate measurements of transition 

carbides formation kinetics, it was chosen to not adapt the model parameters accordingly.  

Regarding the cementite, the radius predicted is in good agreement with the values measured by TEM, 

upon the isothermal holding stage at 400 °C (Figure 71). However, the temperature range predicted for 

the cementite formation upon heating (start at 150 °C, maximum value reached at 275 °C) is clearly 

below the range established experimentally by HEXRD (starting at 330 °C). This discrepancy may be 

related to the lack of detection by HEXRD of the smallest carbides, as will be discussed below.  

In addition to the evolutions of the mean radius, the precipitation model also predicts the size distribution 

of each carbide. Figure 72 presents the cementite experimental size distribution of the 0.2C_WQ steel 

tempered at 400 °C 300s, its log-normal modelized curve, along with the same distribution obtained 

from the simulation. Although experimental and modeled distributions show a close mean value, the 

width and the skewness are different. The experimental distribution is left-skewed (positive skewness) 

as previously reported in the literature [39,149,207], while the modeled one is narrower and slightly 

right-skewed (negative skewness) as predicted by the classical coarsening models from the LSW theory 

[244,245]. Some of the larger carbides measure might correspond to inter-lath cementite which may 

have another growing kinetics. 

The size distribution is used to calculate the fraction of diffracting cementite. It corresponds to the 

cementite carbides having a radius higher than some preestablished critical value, 13.3 nm). In order to 

determine experimentally this critical size, an interrupted tempering treatment was performed by heating 

at 10°C/s up to 350°C, i.e. slightly above the temperature at which cementite was firstly detected by 

HEXRD in the 0.2C steel. The maximum size of the cementite measured by TEM at the end of this 

treatment was equal to 13 nm.  
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Figure 72: Experimentally determined distribution of the cementite equivalent radius at the 0.2C_WQ_400C300s condition as 

well as the radius distribution obtained from the precipitation model for the same condition. 

 

The evolution of the cementite diffracting fraction is plotted in Figure 71 (dashed line). According to 

the simulation, the diffracting cementite would start to be observable only during the isothermal holding. 

At the end of the holding, 600s, the predicted diffracting cementite fraction remains lower than the total 

fraction. Hence, the simulation now predicts that the cementite will start to be detected by HEXRD 

significantly later than the actual observation. However, this attempt shows at least that the size of the 

carbides should be accounted for in the predictions.  

III.3.B.3.b Influence of the tempering temperature 

Simulations of tempering at 200, 300 and 400 °C are presented in Figure 73, still considering the 0.2C 

steel and a heating rate of 10 °C/s. Let us mention that to really investigate the influence of holding 

temperature, the heating stage should have been skipped, i.e. considering “instantaneous” heating, but 

such analysis was already done [39,171]. We focus here on simulations that can be compared with our 

experiments, and which will be used for the mechanical modeling presented in Chapter IV. 

As the heating rate is the same for the three simulations during the heating section, one single curve is 

plotted for this stage.  

In fact, for the tempering at 300 °C and 400 °C, most of the microstructural evolutions occur during the 

heating, according to the simulations, and these were already commented in last section. New outcome 

though is the fraction of diffracting cementite which is equal to zero upon isothermal hold at 200 °C and 

300 °C. This is consistent again with the difficulty to detect these carbides by HEXRD during these 

treatments.  

During the holding at 200 °C, the simulation predicts the dissolution of epsilon to benefit of the 

cementite, as seen from the evolutions of both carbides fractions and carbon concentrations xdislo and 

xmatrix. The formation of cementite upon holding at 200 °C could not be confirmed from the experiment, 

even in the 0.3C steel which has more carbon. But this may be due to the too small size of the carbides. 

The epsilon carbides mean size remains nearly constant (like for the simulation at 400 °C, when the 
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epsilon carbides underwent simultaneously growth and dissolution). The cementite carbides sizes were 

measured upon isothermal hold at 300°C and 400°C, and the agreement with the simulation is 

satisfactory in terms of magnitude and influence of the temperature. 

 

Figure 73: Simulation of precipitation kinetics for the 0.2C_WQ steel upon heating at 10 °C/s and isothermal hold at 200, 300 

and 400 °C. The figure is composed as Figure 71. 

 

III.3.B.3.c Influence of dislocation density  

The dislocation density is an important microstructural input parameter for the model. The local carbon 

concentration in the dislocation atmospheres increases if the dislocation density is lower (Section III.3.A 

Carbon segregation model). The carbon concentration in the matrix decreases when the dislocation 

density is increased. The second effect of the dislocation density is to change the number density of 

cementite nucleation sites. 

Previously in this work (in Chapter II), it has been shown experimentally that the dislocation density in 

the martensite is highly heterogenous with local values ranging, for 0.2C steel, between 7.5 × 1014 1/m2 

and 2.58 × 1015 1/m2. During the cooling, the first formed and the last formed martensite have 

respectively the lowest and the highest dislocation density. In the following, we will consider the 10 first 

and the 10 last percent of martensite, by estimating the average dislocation density inside these 

respective fractions of the martensitic microstructure.  

In the 0.2C alloy, the average dislocation density is 1.2 × 1015 1/m2 in the first 10 wt.% formed 

martensite and 3.4 × 1015 1/m2 in the last 10 wt.%. The results of the precipitation model using these two 
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values as input are presented in Figure 74. The results for low and high dislocation density are shown 

with thin lines/small symbols and thick lines/large symbols respectively.  

The precipitation of epsilon is favorized with the lower dislocation density: it starts at lower temperature 

and a higher fraction is reached (2.6 wt.% versus 1.2 wt.% for the high dislocation density). Conversely, 

for cementite, the precipitation in hindered when the dislocation density is decreased. It still occurs in 

two stages (as described in Section IV.3.B.2.a). The first stage is concomitant to the formation of epsilon. 

With the lower dislocation density, the fraction of cementite reached in this first stage is much lower. 

This is due to the lower carbon concentration segregated at dislocations and the lower density of 

available nucleation sites (the dislocations). The second stage, which is concomitant with the dissolution 

of epsilon, is shifted to higher temperatures. The dissolution of epsilon is achieved at ca. 280 °C with 

the higher dislocation density and at 300 °C with the lower dislocation density. The final fraction of 

cementite is the same for both simulations. 

 

Figure 74: Effect of the dislocation density on the precipitation sequence according to the simulation in the 0.2C steel during 

heating at 10 °C/s up to 400 °C as holding temperature. Low and high dislocation density: thin and thick lines. 

 

Regarding the effect of the dislocation density on the carbon concentrations during tempering, similar 

tendencies as established in previous Section III.3.A are observed.  

The size reached by the epsilon is lower for the simulation with lower dislocation density (ca. 4 nm, 

when the fraction of epsilon is maximum) than the one with higher dislocation density (5 nm). This is 
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due to more intense nucleation of epsilon carbides, because of the higher carbon concentration in the 

matrix, which increased the nucleation driving force.  

Regarding the cementite size, in the simulation with lower dislocation density the cementite carbides 

are smaller during the first stage and larger at the end of the second stage. In first stage, this is due to 

larger amount of carbon consumed by epsilon. In second stage, it is due to the lower density of cementite 

carbides, related to the lower dislocation density. Upon holding, the cementite carbide size related to 

both simulations will converge (results are not presented). This is the behavior expected upon coarsening. 

These simulations show that the dislocation density has a significant impact on the sequence of 

precipitation, even when considering the range of dislocation density that can exist inside one single 

martensitic steel. Hence, one can expect that local precipitation state (size, fraction of carbides) and thus 

the local precipitation hardening (and carbon solution hardening) will differ between regions with lower 

and higher dislocation density. However, the most important differences between the high and the low 

dislocation density simulations were found during the heating, mostly upon epsilon carbides 

precipitation and dissolution. But once all the cementite is precipitated (end of heating, isothermal hold), 

the influence of the dislocation density becomes less important, and it eventually fully disappears. This 

results will serve to explain the observed mechanical trend in Chapter IV. 

III.3.B.3.d Influence of the alloy carbon content  

The effect of the alloy carbon content on the precipitation sequence was evaluated by performing 

simulations for the three studied steels, 0.1C, 0.2C and 0.3C, with the parameters detailed in Table 12. 

The dislocation density was changed for each alloy (0.1C: 1.5 × 1015 1/m2, 0.2C: 2.5 × 1015 1/m2 and 

0.3C: 3.5 × 1015 1/m2) in order to compare the simulations to the experiment. As explained in Section 

III.3.A, this changes the solubility limits related to segregation at dislocations (c.f. Figure 68). As the 

composition of each steel in substitutional elements is different (c.f. Chapter I, Table I), the solubility 

limit related to cementite in paraequilibrium with the ferrite was calculated for each steel. The solubility 

limits are plotted in Figure 75 as a function of temperature.  

The simulations results are presented in Figure 75 for the three steels and considering a heating at 10 °C/s 

up to 400 °C. The evolutions of the epsilon carbide fraction show a clear effect of the carbon content. 

The maximum epsilon fraction are 0.13 %, 1.9 % and 4.2 % in the 0.1C, 0.2C and 0.3C steels 

respectively. It can be directly seen that this fraction is not simply proportional to the carbon content of 

the steel. Conversely, the maximum fraction of cementite is nearly proportional to the steel carbon 

content. Hence, in the 0.1C steel, the formation of epsilon carbides is hindered, compared to the 

cementite. 

It is thought that the precipitation of epsilon carbides is hindered in the 0.1C steel because of the carbon 

segregation into the dislocations. The segregation phenomenon is illustrated by the evolutions of the 

carbon concentration in the matrix, which are plotted in Figure 75.  
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Figure 75: Evolutions of phase fraction as well as carbon concentration in the matrix for the three studied steels (0.1C, 0.2C 

and 0.3C) during a linear 10 °C/s heating up to 400 °C. A closeup of the carbon concentration in the matrix between room 

temperature and 175 °C is also presented. 

 

For all the three steels, it remains constant up to 100-125 °C upon heating (with increasing concentration 

as carbon content of the steels is increased). Then, as diffusion is activated, it increases to reach the 

dislocation/matrix equilibrium value. The higher the carbon content of the steel, the higher equilibrium 

value. As a result, the nucleation driving force for epsilon nucleation is lower for the 0.1C steel than for 

the other two. It is too low for the 0.1C steel, and sufficiently large for the 0.2C and 0.3C steels. The 

situation is different regarding the cementite nucleation, because it occurs inside the Cottrell 

atmospheres located at the dislocations. The carbon concentration in the dislocation atmospheres also 

increases with the carbon content (9.7 at.%, 13.5 at.%, and 15.7 at.% for the 0.1C, 0.2C and 0.3C steel 

respectively). But even for the 0.1C steel, it is high enough to promote the precipitation of the cementite.  

The nominal carbon content, the matrix carbon concentration as well as the concentration of the 

dislocation atmospheres at 150 °C (temperature at which epsilon carbide formation is observable in 

Figure 75) for the three studied steels are presented in Table 13. 

 

Table 13: Nominal carbon content, the matrix carbon concentration as well as the concentration inside the dislocation 

atmospheres at 150 °C (temperature at which epsilon formation is observable in Figure 75) for the three studied steels. 

Steel 
Nominal carbon 

content (at.%) 

Matrix carbon 

content (at.%) 

Dislocation carbon 

content (at.%) 

0.1C 0.5 0.28 7.43 

0.2C 0.96 0.51 9.74 

0.3C 1.4 0.71 11.17 
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The effect of the carbon concentration in the matrix and, therefore, of the segregation on the epsilon 

carbide nucleation rate is presented in Figure 76 (considering the temperature of 150 °C, about which 

nucleation of epsilon is predicted). The driving force (Figure 76.a) increases (in absolute value) with the 

carbon content as expected. The carbon content in the matrix after segregation, xmatrix, is represented in 

grey for the 0.1C, 0.2C and 0.3C steels. Even if the difference of driving force seems low between the 

three steels, it has a strong effect when the nucleation rate is calculated. The nucleation rates (accounting 

for the Gibbs-Thomson effect and the elastic strain effect) are presented in Figure 76.b. Their variation 

spans several orders of magnitude for the 0.1C, 0.2C and 0.3C steels. The nucleation rate of the 0.2C 

steel is ca. 60 times higher than the one of the 0.1C steel. This is why in the latter steel, the epsilon 

carbides have not enough time to form, before the cementite. 

 

Figure 76: a) Driving force for the nucleation of epsilon as function of the carbon composition at 150 °C. b) Nucleation rate of 

the epsilon carbide as function of the carbon composition at 150 °C based on a) and accounting for the Gibbs-Thomson effect 

and the elastic strain.  

 

Let us mention that in a previous version of the model without accounting the segregation of carbon into 

the dislocation atmospheres the mitigation of the epsilon carbide could not be found by the simulation, 

even for the 0.1C steel (whatever the model parameters). For all three steels, fast formation of epsilon 

carbides were predicted. This is probably due to the fact that in the this previous version, the nominal 

carbon content of the steel was considered to calculate the nucleation rate of the epsilon carbides. The 

corresponding concentration are represented (yellow dashed lines) in Figure 76.b. The concentration of 

all three steels is inside the composition range in which the nucleation rate is significant (above ca. 

0.5 at.%). For example, nominal composition of the 0.1C steel is close to the matrix composition (xmatrix, 

grey dashed line) of the 0.2C steel after segregation.  

The evolution of the carbides radii during the heating and holding at 400 °C are presented in Figure 77. 

Whatever the steel composition the epsilon carbide radius reaches a size around 5 nm. Conversely, the 

cementite radius at the end of the heating depends strongly on the carbon content. It increases for 

increasing carbon content as one may expect: about ca. 7 nm, 8 nm, and 15 nm for the 0.1C, 0.2C and 

0.3C steel respectively. But this tendency changes during the holding at 400 °C. The cementite radius 
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of the 0.2C steel becomes the smallest one, while the one for the 0.1C steel is intermediate between the 

0.2C and the 0.3C steels values. Hence, the size of the cementite carbides at the end of the holding is 

not simply correlated to the steel composition.  

 

Figure 77: Evolution of the epsilon (empty symbols) and cementite (full symbols) radius during heating at 10 °C/s up to 400 °C 

followed by an isothermal holding for the three studied steels. 

 

The unexpected evolutions of cementite carbides sizes as a function of the steel carbon content can be 

interpreted by considering the number density of the carbides, presented in Figure 78. The 0.2C steel 

has the highest number density of cementite during the heating and the isothermal holding, whereas one 

could expect the 0.3C steel to have the highest density. This is explained by the chronology of the 

precipitation sequence in 0.2C and 0.3C steels. In the latter steel, the epsilon carbides form earlier than 

the cementite nucleation. This makes decrease the carbon concentration (both in matrix and in 

segregated atmospheres). Conversely in 0.2C, the precipitation of epsilon occurs at the same time as the 

nucleation of cementite. 

 

Figure 78: Evolution of the epsilon (empty markers) and cementite (full markers) number density during the linear tempering 

at 400 °C for the three studied steels (identified by the markers shape). 

 



Chapter III Segregation and carbide precipitation 

- 128 - 

Hence, according to the simulations, the size and density of both carbides epsilon and cementite do not 

depend simply on the carbon content. It depends both on the accounting of the carbon segregation to 

dislocations and on the precise chronology of the precipitation sequence. The trends predicted by the 

simulation could only be partly assessed by experiments. As shown before, HEXRD only provide partial 

information on the precipitation kinetics. Besides, the cementite carbide sizes were measured by TEM 

in 0.2C and 0.3C steels (Section III.2.B.3). The comparison with the experiment is shown in Figure 77b. 

At the start of the holding, the size prediction is satisfactory, in terms of the radii predicted and effect of 

temperature. However, predicted coarsening rate seems too fast. Main adjustable parameter is the 

interface energy, which is not known with precision. The analysis of TEM micrographs may also be 

reconsidered, as the actual shape of the carbides is between the oblate and the prolate one. Indeed, if the 

equivalent radius of cementite carbides is calculated presupposing an oblate shape instead of a prolate 

shape, then the equivalent radius at 300s at 400 °C of the 0.3C steel is 32.5 nm which is closer to the 

model’s prediction. 

III.3.C Conclusions of the segregation and precipitation models 

In this modeling study, the full sequence of tempering, from the segregation of carbon to the 

precipitation of transition and cementite carbides, has been simulated. To this aim, two models of the 

literature have been combined: the first one, introduced by Svoboda et al. [153], on the segregation and 

the second one on the precipitation of the carbides, which had been developed previously in this 

laboratory [39,154].  

By using data from literature (carbon diffusion coefficient and trapping energy of carbon at dislocations), 

the simulations of segregation kinetics show that the segregation of carbon is already well advanced 

before the tempering treatment, at the end of the quench which follows austenitization, and whatever 

the considered cooling rate (gas quench, water quench). The segregation continues during aging at room 

temperature for two months. The concentrations predicted in the segregated carbon atmospheres are in 

good agreement with the experiment. The effect of different parameters has been examined: increasing 

the dislocation density, the temperature or decreasing the carbon content of the steel make decrease the 

amount of carbon segregated to the Cottrell atmospheres.  

The previous precipitation model was modified to examine the consequences of the segregation on the 

precipitation sequence upon tempering. The segregation makes the matrix heterogeneous in carbon, with 

the enriched Cottrell atmospheres on the one hand and the depleted matrix on the other hand. In the new 

version of the model, this is accounted for by treating the nucleation and growth of the carbides as a 

function of their environment (poor or rich in carbon for epsilon and cementite respectively). 

Original outcomes of this modeling study regard the accounting of the segregation to dislocations. First, 

increasing the dislocation density tends to retard the precipitation of epsilon and to decrease its fraction. 

This is due to the higher amount of carbon segregated, which reduces the carbon content of the matrix, 

and thus the nucleation driving force for epsilon. Similar conclusions were reached in [103,127]. The 

simulation also predicts a retardation of the epsilon nucleation when a pre-aging is applied before the 

tempering heat treatment, as the carbon concentration of the matrix becomes lower. As shown in Chapter 

II, the dislocation density is highly heterogeneous in martensitic microstructures, and this will have to 

be accounted for in the modeling of mechanical behavior, in Chapter IV.  
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One of the most important effects of the segregation captured by the precipitation model is that it hinders 

the formation of the transition carbides. The latter are almost fully suppressed in the lowest carbon steel 

(0.1C) and their maximum fraction is limited in the 0.2C steel. This has an impact on the formation of 

cementite which occurs afterwards, and this results in complex evolutions of its sizes and densities as a 

function of the steel carbon content. The quasi suppression of epsilon in 0.1C steel is not simply related 

to the selection of the model parameters (e.g. the interface energy of epsilon).  If the segregation is not 

accounted for, fast formation of epsilon is predicted for 0.1C, 0.2C and 0.3C steels, whatever the model 

parameters selected in realistic range. This was the behavior shown in previous versions of the model 

[39,171], and in simulations not presented in this work.  

Apart from these effects of the carbon segregation, the model predicts the usual sequence of epsilon 

carbides precipitation followed by their dissolution to the benefit of cementite. It also predicts the usual 

effects of heating rate and tempering temperature on precipitation kinetics and carbides sizes.  

A study of the influence of the room temperature aging on the precipitation sequence is presented in 

Appendix C. In Appendix D, the effects of the heating rate are analyzed. 
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III.4 Conclusions of the chapter 

The precipitation sequence in low-carbon low-alloyed martensitic steels was investigated with special 

focus on the carbon atoms migration from the supersaturated matrix to defects atmospheres, as well as 

its consequences on the precipitation of transition carbides and cementite which occur afterwards. 

Several experimental approaches (3DAPT, TEM, in situ HEXRD) were combined to overcome the 

difficulty to track the carbon distribution in the microstructure (segregation, carbides), which is related 

to the low carbon content of the investigated steels (0.1, 0.2, 0.3 wt.% C). However, a complete 

characterization of the segregation/precipitation sequence could not be established experimentally. This 

is why the simulation was essential to complete our analysis.  

1) A specific study of the segregation was conducted, because of its expected impact on the 

precipitation sequence. Observations by 3DAPT of the segregation state were combined to 

simulations by using the model introduced by Svoboda et al. [153]. The segregation already 

starts during the quench and the aging at room temperature, which precede the tempering. This 

makes the matrix heterogeneous, with carbon-rich Cottrell atmospheres at dislocations and 

carbon - depleted matrix. This depletion of the matrix is increased when the dislocation density 

is increased.  

2) The precipitation sequence was established by in situ HEXRD experiments combined to TEM 

observations. A previous model for precipitation was coupled to the model for segregation, 

whose impact on the precipitation sequence was evaluated. Main outcomes are: 

a. To show that in the lowest-carbon steel (0.1C), the segregation almost fully inhibits the 

formation of transition carbides. It is mitigated in 0.2C steel, and there is limited impact 

in 0.3C steel.  

b. The dislocation density has key role in the precipitation sequence: at high values, the 

transition carbides are at a disadvantage compared to cementite. This is because the 

transition carbides form in a matrix which is more depleted in carbon, whereas the 

cementite nucleates at the dislocations, which are always enriched in carbon, because 

of  the Cottrell atmospheres.  

c. The temperature ranges at which the carbides precipitate differ sometimes from usual 

observations. Upon heating at 10 °C/s, transition carbides have been observed up to 

375 °C, whereas the simulation predicts that cementite can start to form at 150 °C, along 

with the transition carbides.  

These results highlight the importance of the first stages of tempering on the overall precipitation 

sequence: the segregation of carbon to defects and the formation of transition carbides, especially in 

low-carbon steels. If the segregation seems well understood at the end of this work, further work is 

required regarding the transition carbides. The model developed here assumed some mechanisms and 

the simulation were conform to experimental trends. However, the mechanism of transition carbides 

formation still needs to be clarified, as our 3DAPT observations and the literature suggest the formation 

of carbon clusters as precursors. Also, other mechanisms can be actually envisaged to explain the 

inhibition of the transition carbides by the segregation as boundary segregation. 
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As previously stated, one objective of the present work was to understand and model the tensile behavior 

of martensitic steel on physical basis. To do so, the microstructure key features have been quantified 

and their strengthening phenomena now must be understood.  

The present chapter aims at presenting our physical-based micromechanical model accounting for all 

previously described microstructural features, already disclosed in the previous chapters, and their 

respective hardening mechanism. The specificity of this model is to describe the behavior of martensite 

as an extended elastic-plastic transition, which require as an input the spatial distribution of the 

mechanisms and not only their mean contributions. The model will be compared to the experimental 

tensile behavior of the studied steels.  

In the following, the model will be calibrated on the studied steels on the basis of four main contributions; 

the dislocation density, the segregation/precipitation state of carbon, the microstructure effective size 

and the internal stresses. At the as-quenched state, each of them presents a spatial distribution due to the 

sequential nature of the martensitic transformation. The carbon contribution may be considered constant 

if quench is fast enough. The combination of these contributions produces a combined distribution of 

flow stress governing the tensile behavior related to the martensitic microstructure.  

The tempering heat treatments that may be applied to the as-quenched state have several effects on the 

microstructure. The dislocation density is reduced by the recovery phenomenon (presented in Chapter 

II). The carbon supersaturated matrix will decompose in carbides and in a matrix with a lower carbon 

content (presented in Chapter III). The internal stresses may relax and if the heat treatment is performed 

at high enough temperature changes in the microstructure sizes may occur. All these effects affect the 

distribution of local yield stresses and in turn the macroscopic tensile behavior. 

The present chapter is thus divided in three sections: 

• A focused state of the art recalling the fundamentals about the mechanical behavior of 

as quenched/tempered martensitic steels. It includes experimental results but also 

modeling strategies.  

• The experimental tensile tests on the studied steels are presented and discussed at the 

light of the literature.  

• The basis of the micromechanical model are presented. The model is then calibrated on 

the basis of our experimental findings and its performance is discussed in comparison 

with models from the literature. 

IV.1 Focused state of the art 

For many years the macroscopic martensitic tensile behavior has been described by the effects of the 

mean values of the microstructural features (size, dislocation density) as well as by the nominal carbon 

content of the steels. The evolution of the martensitic tensile behavior as a function of the tempering 

was also treated as function of the evolution of the mean values. Some of the important works presenting 

those results are the works of Krauss, Leslie, Thomas among others [98,99,155,246–249].  
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It’s hard to be comprehensive on that and we hope the forgotten will forgive us. Excellent literature 

reviews have been also produced as [9] and the ICOMAT/ESOMAT lecture series show that the subject 

of the martensitic steels remains very topical. 

More recently, the focus of the investigations has switched to a more local scale considering the 

heterogeneities of the microstructure, its internal stresses state and the local deformations. We will focus 

in particular on these issues. 

The present state of the art is divided in two sub-sections, the first one is about the experimental findings 

about the link between the microstructure and mechanical properties of the martensitic steels and the 

second one focuses on the modelling approaches. 

IV.1.A Experimentally determined martensitic mechanical 

properties  

The behavior of martensitic steels has been the subject of numerous reviews of literature and synthesis, 

such of those [9,19,250]. So, there is no question of revisiting this subject in detail. It is well admitted 

that the mechanical properties of the as-quenched martensite are affected by different metallurgical 

features as the chemical composition (mainly the nominal carbon content of the steel) [246], by the 

PAGS [98,251], by the dislocation density [251]. The effect of the PAGS may be indirect and related to 

the hierarchical organization of the microstructures packets and blocks, whose size are known to scale 

with the PAGS [252]. The mechanical behavior of the as-quenched martensite can also be tailored by 

tempering treatment. The variations produced by this treatment are highly dependent of the temperature 

and holding time. 

IV.1.A.1 Effects of the carbon content 

One of the most determinant alloying elements in steels is carbon and its effects on the hardness and 

nanohardness of the martensitic steels has been reported by [169,253] among others. Figure 79 presents 

the evolution of the Vickers hardness with the carbon content with results obtained from the literature 

and from the herein studied steels. The relation between the hardness and the carbon content can be 

expressed as [254]: 

𝑯𝑽 = −𝟖𝟐𝟎 × (𝒘𝒕. %𝑪)𝟐 + 𝟏𝟓𝟓𝟐 × 𝒘𝒕. %𝑪 + 𝟏𝟔𝟕 
Equation 36 

  

The hardness of the three studied steels calculated with Equation 36 are 328 HV, 457 HV and 569 HV 

for the 0.1C, 0.2C and 0.3C steels respectively. The experimental values are higher than the calculated 

ones for the three studied compositions.  

An early work of Muir [255] studies the carbon effects on the tensile behavior as well as a more recent 

one presented by Saeglitz and Krauss [246]. An increase of the yield strength with the carbon content is 

also observed.  
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Figure 79: Vickers hardness as a function of the carbon 

content for the three alloys studied in the present work 

as well as values from the bibliography compiled by [9]. 

 

As reported by Krauss [9] from [99], the 0.2 % offset yield strength has a linear correlation with the 

square root of carbon content in as-quenched martensite as illustrated in Figure 80.a. At low carbon 

content a deviation of the linear correlation is observed due to the presence of polygonal ferrite in the 

microstructure as the hardenability becomes very low. The reason to this tendency is not totally clarified 

after [99].  

  

Figure 80: a) Yield strength (0.2 % offset) as function of the square root of the carbon content, from [9] based on [99]. b) 

Tensile curves of four tempered martensitic steels with different carbon contents (range 0.2 - 0.5 wt.%, ca. 2 wt.% Ni, ca. 2 

wt.% Cr,), from [19]. 

 

For one side, the contribution due to solid solution in as-quenched martensite increase with the carbon 

content. However, as previously presented in Chapter II, the microstructure size decreases with the 

carbon content of the steel [92] as well as the dislocation density increases [27,92]. The evaluation of 

a) 
b) 
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the respective contributions of these hardening feature has not been discussed in detail in [99] and will 

be addressed in the present chapter. The real difficulty is that all the microstructural characteristics are 

in fact more or less linked in martensitic steels. 

The carbon content has also an effect on the ultimate tensile strength (UTS) as can be observed in Figure 

80.b. This trend was attributed to those of the yield strength evolution with the carbon content. This 

trend is not surprising as the hardness is  known to be correlated to the ultimate tensile strength  by the 

Tabor relationship (UTS = 3 Hv). 

A possible interpretation of this sensibility of the YS is related to the strengthening by carbon in solid 

solution. It can be estimated by the Friedel’s theory as [256]: 

𝝈𝑪 =
𝑪𝑻𝝁

𝟑𝟎
(𝟏 −

𝑻

𝑻𝑪
)

𝟑/𝟐

√𝑿𝑪   
Equation 37 

  

where CT is the Taylor constant, T is the absolute temperature, TC is the temperature at which the carbon 

solid solution strengthening is zero (estimated to 620 K) and XC is the carbon atomic fraction. Krauss 

proposed also a square root law between the YS and the carbon content [9], but Winchell and Cohen a 

cube root [155]. So there is absolutely no consensus on the subject in the literature.  

In the present work, if all the carbon atoms are in solid solution and contributing to the strengthening, 

carbon contribution to the YS is calculated as 208 MPa for the 0.1C steel [256]. In 0.3C steel the same 

contribution is 350 MPa [256]. Note that the observed relationship presented in Figure 80.a is linear. 

Therefore, other microstructural contributions also have to be considered. Although Rodriguez and 

Gutierrez proposed a linear equation between the carbon content and the strengthening [257], an 

overestimation of the carbon contribution is usually obtained by their relationship (758 MPa for the 0.3C 

steel). 

As presented in Chapter II, the size of the microstructure domains (blocks or packets ) is dependent on 

PAG size which is in particular related to the austenitization conditions among others (as carbide 

pinning). The increase of the hardness with the decrease of the PAGS has been reported by [258] while 

the linear effect of the block and packet sizes (related to the PAGS) on YS is reported by [86].  

In Chapter II, the dependence of the dislocation density with the carbon content in low-carbon as-

quenched martensite has been shown. In this case, a linear relationship was found. The strengthening 

due to dislocations predicted by the Taylor law presents a square root relationship with the dislocation 

density.  

IV.1.A.2 Effect of the tempering treatments 

The carbon in solid solution, the dislocation density and residual internal stresses would evolve during 

the tempering treatments. Hence, martensite behavior would evolve as a consequence. 

The effects of the tempering heat treatments have been characterized by the evolution of the hardness 

by Speich and Leslie [169]. The authors showed a constant or increasing tendency up to 200 °C followed 
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by a decrease if the hardness at higher temperatures. A second increase may arise if the precipitation of 

secondary carbides occurs. A similar conclusion was found by Ohmura et al. [259] revealing the 

evolution of the microhardness and the nanohardness with the tempering. The decrease of the 

nanohardness with the tempering has been also reported by Tanaka et al. [260]. 

The evolution of the mechanical behavior including the tensile behavior due to tempering heat 

treatments has been studied for instance by Saeglitz and Krauss [246] and by Winchell and Cohen [155]. 

The latter focused on the effect of the carbon content as well as low tempering aging while the former 

focused on higher temperature tempering conditions. In their study, they show that the UTS decreases 

linearly with the Hollomon-Jaffe parameter2 for three steels with different carbon contents as presented 

in Figure 81.a. In Figure 81.a, the linear correlations depend on the carbon content of the steels. A more 

complete analysis is presented for one of the 4340 alloys, with ca. 0.4 wt.% C, in Figure 81.b. The UTS 

of the steel decreases with the tempering temperature as previously observed while the yield strength 

presents an increase from the as-quenched state up to 150 °C, followed by a decreasing tendency.  

In Figure 81.b, the difference between the UTS and the yield strength decreases with the temperature, 

which can be correlated with a decrease in the work hardening. The evolution of the tensile behavior of 

martensitic steels after different tempering conditions has been also studied more recently by Wang et 

al. [222]. In their steels, the yield strength decreases slowly up to 400 °C and then rapidly above. On the 

contrary, the decrease in their UTS is more regular versus the Hollomon-Jaffe parameter without any 

stages to put into evidence.  

 

 

Figure 81: a) Evolution of the UTS with the Hollomon-Jaffe parameter for three steels with different carbon contents. b) 

Evolution of the UTS, YS, total elongation and area reduction of a 4340 steel tempered 1 hour at different temperatures, from 

[246]. 

 

In the same work the evolutions of the so-called microstrains related to the FWHM of diffracting peaks 

during tensile tests are presented, Figure 82. The authors observed that for non-tempered conditions and 

for tempered conditions (up to 300 °C) a decrease of the microstrain occurred during the tensile test. 

                                                        
 

2 The Hollomon-Jaffe is an empirical parameter describing the severity of a heat treatment with a time/temperature couple. It 

serves to compare different tempering heat treatments with an implicit equivalence between the time and the temperature.  

a) b) 
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However, this tendency is not present for severely tempered conditions as 400, 500 and 600 °C. The 

first behavior is interpreted as a relaxation of internal stresses phenomenon while at higher tempering 

temperatures the distribution of local yield strengths and internal stresses effects are removed. At 500 

and 600 °C, the microstrain increases with the deformation possibly due to a dislocation storage related 

mechanism. The evolution of the FWHM of diffracting peaks during the tensile test of the water-

quenched state of the 0.2C steel is presented in Appendix E. 

 

Figure 82: Evolution of the microstrain measured by X-Ray diffraction as a function of the macroscopic strain for an as-

quenched condition and four tempered conditions for a 0.25 wt.% C, 2.4 wt.% Mn steel, from [222]. 

 

V.1.A.3 Local heterogeneities during mechanical testing  

The lath martensitic microstructure presents a high complexity with several kinds of boundaries, 

different orientations of the sub-microstructure elements with different sizes, dislocation densities, 

tempering states and internal stresses. As a consequence, it is likely that all the sub-structure elements 

present different mechanical behaviors. In order to reveal these heterogeneities, local characterization 

technics must be employed. 

In [45], nanohardness measurements were performed on a martensitic structure and correlated to the 

size of the studied domain and the proximity to the boundaries [45]. It appears, as expected, that the 

hardness in coarser sub-structures is lower than the one obtained in thinner ones. 

Another largely used characterization technic is the digital image correlation (DIC). It allows to track 

the local strains at the scale of the microstructure during mechanical test.  

In Morsdorf et al. [261], strain maps were obtained by DIC at different states of the tensile curve. The 

deformation response of martensite laths depends on three factors; the slip system orientation affecting 

the in-plane-slip, the interface orientation and the local characteristics of the microstructure (dislocation 

density, size and carbon distribution). Figure 83 presents a summary proposed by [261]. In the same 

work, it is also concluded that the nano-scale film austenite present before the deformation early 

transforms and, therefore, it might not contribute effectively to the overall plastic process. This last point 

as well as the high dislocation density presented in Chapter II challenge the theory proposed by Maresca 
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et al. [142,262]. Sugiyama et al. [263] also reported by DIC the strain heterogeneities in martensite at 

the microscale. 

 

Figure 83: Schematic representation of the observed deformation response of the martensite at the microstructure scale (on the 

left) as a superposition of different deformation mechanisms depending on the slip system orientation, the interface orientation 

and the initial yield strength (function of microstructural features), from [261].  

 

Tanaka et al. [260] combined DIC characterization with finite element modelling (FEM) and 

nanohardness measurements. The authors observed that with higher tempering temperatures the 

deformation of martensite becomes more homogenous and the distribution of nanohardness decreases, 

both indicators of a more uniform yield strength at the microstructure scale. The effects of tempering in 

the nanohardness are presented in Figure 84, showing a decrease of the mean values and of the 

dispersions with harder tempering conditions. 

 

Figure 84: Nanohardness box plots at different tempering states (100, 200, 300 and 400 °C) of a 0.2C-2.0Mn steel, from [260]. 

 

Applying a different approach Harjo and Ungar et al. [42,115] observed the evolution of the diffracting 

peaks of martensite by neutron diffraction during a tensile test in order to deduce the evolution of the 
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dislocation density. The authors concluded that the observed behavior could be explained by considering 

the martensite as a bi-constituent aggregate. One constituent named as “soft-oriented” plasticizes before 

and its dislocation density decreases by in-plane-slip, while the other one named “hard-oriented” is not 

favorized and its dislocation density increases during the tensile test.  

The martensite present an interesting phenomenon when it is submitted to a tensile test, a narrowing of 

the diffraction peaks (observed in the AQ curve in Figure 82). This phenomenon has been reported in 

the literature by several authors [42,264–266], in relation also with Figure 82. Different interpretations 

have been proposed to explain the described behavior. While some authors proposed a fast mechanical 

recovery [42,264,265], others proposed instead a relaxation of internal stresses [266,267]. 

In conclusion, the link between microstructure and the mechanical properties of martensitic steels has 

been thoroughly studied in the last 50 years, highlighting the specific role played by the carbon content 

of the steel as well as the tempering conditions.  

More recent studies have highlighted the short-coming of the previous works to describe the observed 

local behavior heterogeneities at the microstructure scale. This is the reason why new kinds of 

micromechanical frameworks have been designed to overcome such additional complexity.  

IV.1.B Models for martensite tensile behavior  

At least two different approaches are found in the literature regarding the modeling of the tensile 

behavior of martensite. The first one focuses on the prediction of the sole 0.2 % offset yield strength due 

to its importance for structural calculations (aircraft or automobile parts are supposed to work in the 

elastic regime). The aim of the second ones is to predict the work-hardening in the plastic regime and, 

thus, the whole tensile curve (up to necking at least). These latter are nevertheless less numerous. One 

of the underlying reasons is that the uniform elongation of martensitic steels is low. However, the study 

of the behavior of a material must should not be limited to this range of uniform deformation because 

material continues to deform in the neckings. Thus, the prediction of true behavior beyond this uniform 

elongation is necessary, especially to understand the behavior until the rupture. Martensitic steels also 

show in that senses excellent fracture deformation, in particular tempered steels. 

IV.1.B.1 Yield strength calculation 

One of the most recurrent values extracted from a tensile curve is the 0.2 % offset yield strength (in the 

following usually referred as ‘YS’) as it is admitted to correspond to the beginning of the macroscopic 

plasticization of a material. The prediction of this important value from a technological point of view is 

a key subject. 

In 1972, Malik and Lund proposed a simple equation to calculate the YS of a 0.4C tempered martensitic 

steel taking into account the precipitation and the dislocation density [268]. A more complex equation 

was proposed by Norström in 1976 [109] introducing additional size effects: 

𝝈𝒀𝑺 = 𝝈𝟎 + 𝝈𝒊 + 𝒌𝒚𝑫−𝟏/𝟐 + 𝒌𝒔𝒅−𝟏/𝟐 + 𝒌𝒅𝒊𝒔𝒍𝒐𝝁𝒃𝝆𝟏/𝟐 +
𝟐𝝁𝒃

𝑳
   

Equation 38 
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where σ0 is the friction stress for pure iron (Peierls barrier), σi the strengthening of alloying elements in 

solid solution, D the grain size related to high-angle boundaries, d the grain size due to low-angle 

boundaries and ky and ks are coefficients. The last two terms refer to the dislocation strengthening (with 

kdislo the dislocation-strengthening coefficient, μ the shear modulus, b the Burgers vector and ρ the 

dislocation density) and the last one to the precipitation strengthening (with L the mean distance between 

cementite particles). A similar equation is proposed by [269] for bainitic and martensitic structure with 

the exception that the size effect is not in a classical Hall-Petch formulation. 

This formulation already made possible to integrate the contributions that we considered key in our work, 

modulo the effect of the  internal stresses. Many formulations exist in the literature, and we have detailed 

this model as representative of the different works on YS prediction.  

The Peierls stress is the minimum external stress required to overpass the lattice friction and drive a 

dislocation in a perfect and infinite crystal. There have been several estimations of this value reported 

in the literature for a BCC structure with values varying between 40 and 50 MPa at room temperature 

[270–273].  

The substitutional solid solution strengthening depends on the concentration of the considered elements, 

their atomic size, the difference between their elastic modulus and the one of the iron and their electronic 

structure [171]. The total strengthening by alloying elements can be calculated as the linear sum of the 

contributions. The strengthening coefficients for the most common substitutional elements in a ferritic 

matrix are presented in Table 14. 

Table 14: Effect of alloying elements on the YS for 1 wt.%, from [274]. 

 Mn Si Cr Ni Mo 

σs 80 60 60 45 - 

 

The strengthening by carbon in solid solution is much stronger due to the fact that it is an interstitial 

element in the iron matrix. It can be calculated by the Friedel’s theory as presented in IV.1.A.1 Effects 

of the carbon content. In the mentioned model a homogenous distribution of carbon is considered. This 

last hypothesis is probably not totally true due to carbon segregation into defects (cf. Chapter III). Ansell 

proposed in his seminar work a model considering the carbon segregation produced in the austenite 

before the martensitic transformation [41]. The relationships proposed by [9,155] are not used in the 

present framework as they proposed a correlation between the carbon content and the YS and not the 

strengthening by solid solution.  

The strengthening due to dislocations depends on the kdislo constant which is the product of the constant 

of Taylor (CT) and a geometrical parameter describing the dislocation interactions called αdislo which 

usually varies between 0.25 and 0.45 at room temperature. 

The size contribution can be considered using a Hall-Petch law as proposed by Norström [109] or as the 

inverse of the effective size as proposed by Bhadeshia and Young [269]. Zhu et al. [131] performed a 

study searching to determine the ksize constant on the bainite structures with a law as the one proposed 

by [269] and trying to define the structure size (as discussed in Chapter II).  
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The microstructure boundaries controlling in fact dislocation mobility and, thus, the plastic deformation 

of the lath martensitic structure does not reach consensus in the literature.  The very local behavior of 

the lath structure has been studied by different authors combining micro-tensile test and crystal plasticity 

models. Although Kwak et at. [275] observed that the sub-block boundaries have not a significant effect 

on the yield strength, Du et al. [276] concluded than the sub-block boundaries are only slightly less 

effective that the block boundaries. On the contrary, Shamsujjoha [89] as well as HajyAkbary et al. [88] 

considered the block boundaries as the most effective and they applied a classical Hall-Petch equation 

to model the YS of their steel considering the block size. The Hall-Petch constant proposed by Shibata 

et al. for a block boundary and later used by HajyAkbary et al. was 210 MPa × μm1/2 which is higher 

than the value expected for a ferritic steel (190 MPa × μm1/2) [277]. Recently, Kwak et al. determined 

that the ksize constant related to block boundaries is independent of the carbon content [278]. 

Regarding the precipitation strengthening encountered in tempered martensitic structures, different 

formulations are found depending on the considered precipitate/dislocation interactions (shearing or 

Orowan looping). In the previous mentioned work of Malik and Lund [268], the precipitation hardening 

is calculated as function of the mean planar spacing of carbide particles depending on the fraction and 

number of particles. Deschamps and Bréchet [279] calculated the precipitation strengthening for both 

mechanisms as well as Hirsch and Humphreys [280]. These contributions are both functions of the 

fraction and the size of the carbides. If the shearing mechanism is activated, the strengthening increases 

with the average particle radius. If looping is the activated mechanism the strengthening decreases with 

the average particle radius. The mechanism that is activated is the one that requires the lowest stress. 

Therefore, a critical radius permitting to minimize the hardening can be identified between both regimes.  

The shearing possibility of transition carbides which are coherent with the matrix is an accepted fact but 

an open question remains regarding the shareability of the cementite. In a recent study [281], 

dislocations pile-up have been found at the cementite/ferrite interface proving their effectiveness to 

hinder obstacles for dislocation motion. Despite of being an incoherent precipitate, dislocations have 

been found inside some cementite carbide indicating that shearing mechanism is also possible.  

If two kinds of carbides are present, i.e. transition carbides and cementite, it is also open to discussion 

whether the sum of both precipitation contribution should be linear of by a root sum of square laws. If 

both contributions are in a same order, meaning that dislocations encounter both carbides with a similar 

probability, the quadratic mean is preferable [282–284].  

It is worth to mention that in the literature some non-linear sum of YS contributions are proposed as in 

the work of Galindo-Nava et al. [92]. In the mentioned work, the dislocation contribution as well as the 

size one are linearly sum. Then, a root sum of squares is performed with the precipitation hardening. A 

similar approach is used by HajyAkbary et al. [88] to determine indirectly the dislocation density based 

on the 0.2 % offset yield strength and the other microstructural strengthening mechanisms. 

IV.1.B.2 Work-hardening models 

The work-hardening curves of the martensite present key of characteristic features. First, the martensitic 

steels show a rather constant and relatively low microplasticity (around 400 MPa). The threshold of the 

microplasticity has been found independent of the carbon content [40]. Secondly, an initial high work-

hardening rate was found for the martensitic steels [222], which increases with the nominal carbon 
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content [40], contrary to the conventional YS after 0.2% plastic strain which already depends on the 

work-hardening. The work-hardening curve present a soft decrease from the elastic regime (equal to the 

Young modulus) down to values close to 1 × 105 MPa at 4 % strain [222]. The higher work-hardening 

with the higher carbon content is sustained up to the end of the uniform elongation. 

The work-hardening behavior of conventional steels is often interpreted as an isotropic hardening due 

to the increase in the SSD density. This is the reason why it could be modeled judiciously with a 

Mecking-Kocks-Estrin (MKE) approach. An example is the work of Bouaziz et al. observing the effect 

of size refinement in ferritic steels [81] or the one of Bonadé et al. [285,286] for tempered martensitic 

steels. These classes of model calculate a balance between defect creation and dynamic recovery. They 

could include strong interactions with grain boundaries with additional terms describing the SSDs but 

they are effective within the grain limit of few microns. 

Two different model families have been developed in the literature to capture the as-quenched 

martensitic tensile behavior as well as the tempered one. In the first group the crystal plasticity method 

is based on MKE while in the second one the plastic behavior of martensite is interpreted as an extended 

elastic/plastic transition considering a polycrystalline aggregate.  

The crystal plasticity models study the activity of the dislocations on each slip system, with its activation, 

possibility of change of slip system, formation and annihilation. A review of this method is presented 

by Roters and al. [287]. This method was applied to model lath martensite as by [275,288,289]. Sun et 

al. [289] showed that the width of the macroscopic slip band is related to the number of packets in the 

prior austenitic grain. Kwak et al. [275] showed that the effect of subblock boundaries is not very 

significant to increase the YS. The main disadvantages of this type of models are a higher computational 

cost as well as the need to a relatively high number of parameters to be calibrated. The results of this 

kind of model have to be revisited as Robertson showed that the plasticity mechanisms in lath ferrite 

(bainite/martensite) may differ from the conventional ones due to their size and orientation relationship 

[290]. It shall also be highlighted that the maximum strain hardening due to dislocation storage 

mechanism is about Y/100 (Y being the Young modulus) in BCC metals, according to [65]. As the 

measured strain hardening of the martensite upper-bounds this value, the strain hardening of martensite 

cannot be explained by a dislocation storage mechanism reasonably.  

The second group of models are based on the distribution of internal stresses [266,267] and/or of  

distribution of local yield strength due to its sequential transformation [45]. The models based on the 

distribution of deviatoric internal stresses consider a distribution of the orientation of the internal stresses 

[266] or the magnitude of them [267]. One of the main achievements of this kind of models is the 

prediction of a decrease of the FWHM during the tensile test in accordance with the experimental results. 

The model based on a volume distribution of local YS are based on the seminal work of Masing [46]. 

One of the first recent models using this approach is the continuum composite approach (CCA) proposed 

by Allain et al. [40]. The CCA model considers that the martensite is an heterogenous composite of 

phases with a distribution of local YS (called stress spectrum) as shown in Figure 85.a. It also supposes 

all the constituting phases of the composite are elastic-perfectly plastic. The distribution of YS is 

modeled empirically with an Avrami type distribution law, in which the width of the distribution 

increases with the carbon content. The localization conditions in is managed thanks to a single parameter 

law as:  
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β = − 
𝜮 − 𝝈

𝑬 − 𝜺
   

Equation 39 

  

where Σ and 𝐸 are the macroscopic stress and macroscopic strain respectively while 𝜎 and 𝜀 are local 

stress and strain respectively3. β is a fixed parameter adjusted to reproduce the strain heterogeneities 

observed in the literature (between different domains). It permits to tune the scale transition model 

between Voigt and Reuss bounds (iso-strain and iso-stress respectively). A previous version of the a 

model based on a YS distribution was postulated by Polak and Klesnil for the iso-strain condition [291]. 

The CCA model allows to predict with good accuracy different important characteristics of the 

martensite behavior, Figure 85.b. The first one is the low microplastic yield strength (around 400 MPa) 

which seems to be independent of the carbon content. The second one is the high work hardening which 

increases with the carbon content (consequence of the wider YS distribution). To explain such effect the 

width of the stress spectrum should also increase with the carbon content, revealing that the local 

stress/strain heterogeneities should also be more intense.  

 

 

Figure 85: a) YS distribution as a function of the carbon content for different steels necessary to explain the work hardening of 

martensitic steels. b) The experimental tensile curves as well as the ones obtained with the distributions of YS shown in a) and 

the CCA model, from [40]. 

 

Third, the decrease in the strain hardening is due to the fact that as the macroscopic strain increases the 

plasticized fraction increases and as a consequence a higher fraction deforms plastically and a lower 

phase fraction (which remains elastic) continues to load. 

The CCA model has been modified lately to considerer not only the carbon content but also the 

manganese content in the YS distribution [292]. Another modification was lately incorporated by 

Cupertino et al. to modify the YS distribution as a function of tempering heat treatments [293]. 

Mathevon proposed in his thesis a modification to account for the tempering effects, introducing a 

parameter reproducing the narrowing of the YS distribution due to recovery and a precipitation 

hardening module [44]. Even if the CCA original model and its modifications allow to predict the tensile 

                                                        
 

3 In the present chapter the symbol 𝜀 will refer to the last definition, local strain, and the transition carbide epsilon will be 

referred as eps. 

a)  b)  
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behavior of a wide range of martensitic microstructures, the presupposed YS distributions had no 

microstructural foundations.  

A new model recently published by Wang et al. [43] takes into account a microstructural yield strength 

distribution, based on the CCA model, and an internal stress distribution, as assumed by Hutchinson et 

al. [266]. The so-called “integral composite model” (ICM) considers a YS distribution with a 

symmetrical gaussian shape as shown in Figure 86.a. This distribution presents a different shape 

compared to the original CCA model. ICM uses a uniform distribution regarding the deviatoric internal 

stresses presented in Figure 86.b. Although in this case no effective expansion of the yielding surface is 

produced, the starting stress of the element varies and thus the distance to the yielding surface changes, 

inset in Figure 86.b. 

The apparent YS distribution is obtained by the combination of both distributions (microstructure and 

stresses). During the solicitation, the microstructure YS distribution, Figure 86.a, does not varies while 

a relaxation of the internal stresses occurs. The relaxation is calculated with a single parameter (in [43] 

called αr). By considering the evolution of the apparent YS due to the variation of the deviatoric internal 

stresses distribution, this model is able to better capture the Bauschinger effect than the CCA model. 

 

  

Figure 86: a) Local YS distribution with a gaussian type distribution, the different yielding surface in the insert. b) Uniform 

distribution of deviatoric internal stresses and its effect on the yielding. The presented figures are taken from [43]. 

 

One important drawback of the ICM is that as the probability distribution of the apparent YS varies, its 

integral does not remain constant and equal to one. This effect is clear in figures 8 and 9.a of [43]. The 

second one is that as well as in the original CCA model the YS distribution is presupposed and/or 

calibrated to obtain the experimental tensile curves. 

The micromechanical model developed in this work will be based on the last introduced model taking 

into consideration both drawbacks. Special attention will be paid to the evolution of the probability 

densities during the simulations. The microstructural YS distribution will be based on measured 

microstructural features previously presented in this work.  

In conclusion, martensitic steels have been known and used for millennia now, but the origins of their 

strength and work hardening have remained a source of controversy. Since few years, the understanding 

of their mechanical behavior is changing paradigm. Many researchers have put into evidence the interest 

a) b) 
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not to describe lath martensite as a homogeneous microstructure but more than as a multiphase aggregate, 

a composite. The multiphase aggregate is the result from the sequential nature of the phase 

transformations at low temperature. According to such new stochastic schemes, the martensite behavior 

is controlled by the microstructural heterogeneities, i.e. the spatial distribution of lath sizes, of 

dislocations, of carbon segregations and of the carbides and not only by their mean values. To these 

observable microstructural elements are added large distributions of hydrostatic and deviatoric internal 

stresses resulting from the transformation strains. This work contributes to this new movement by 

providing a quantitative description of these distributions in as-quenched and further tempered 

martensitic steels and their impact on their mechanical behaviors thanks to a complete micromechanical 

approach.  

IV.2 Results: tensile behavior of the studied steels 

In this section, we will present and discuss the results of the tensile tests on the studied steels in the as-

quenched (water quenched) and tempered conditions. 

Two tensile tests were performed for each studied condition considering the three studied alloys and the 

different tempering temperatures and holding times. The results were similar in both cases considering 

possible scattering due to the experimental configuration (excellent reproducibility of the experiments) 

as shown in Figure 87. In the following only one curve per condition will be shown as a consequence.  

 

Figure 87: Duplets of true tensile curves at the water-quenched state and after heating upon 200 °C of the 0.2C steel. 

 

In order to facilitate the present analysis as well the future comparison with model results, all the curves 

were normalized with an equal Young modulus set equal to 200 GPa. To do so, the apparent elastic 

behavior of each curve was determined between 200 and 500 MPa and, then, the elastic deformation 

was subtracted to all the tensile curves. Finally, an elastic contribution was reintroduced mathematically 

with the imposed Young modulus. 

In the first following subsection the measured tensile curves are presented and compared pointing out 

the effect of carbon content, and the tempering effects. The evolution of the work hardening is also 

analyzed in the mentioned subsection. 
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IV.2.A Tensile curves of as-quenched state 

The measured tensile curves of the as-quenched state of the three studied steels are shown Figure 88.a. 

Figure 88.b presents the work hardening rate for the three mentioned conditions. The tensile curves of 

the 0.1C and 0.3C steels present microplasticity in the range between 480 MPa and 550 MPa (more 

easily identified in Figure 88.b), which is in accordance with a low microplastic yield strength (around 

400 MPa) almost independent of the carbon content, as reported in [40]. The 0.2C steels seems to 

presents microplasticity at higher stresses. 

 

Figure 88: a) Tensile curves of the as-quenched state of the three as-quenched steels. The elastic behavior is represented by a 

dashed line b) Related work hardening curves. The grey region highlights the stress level corresponding to the start of their 

microplasticity ranges. 

 

The work hardening rate of the three steels is high, higher than the maximal one due to dislocation 

storage mechanism [294] and it increases with the carbon content as described in [40]. 

IV.2.B Effect of tempering on the tensile curves  

In Figure 89 the tensile curves of all the studied conditions are presented. In the first column the tensile 

curves are grouped by carbon content, 0.1C, 0.2C and 0.3C from top to bottom. In the second column 

the tensile curves are grouped by tempering temperature, 200, 300 and 400 °C from top to bottom. As 

previously, the 0.1C steel is marked with circles, the 0.2C with squares and the 0.3C with triangles. The 

200 °C tempering heat treatments are represented in blue, the 300 °C ones in green and the 400 °C in 

red (the water quench samples in a light blue). The different time holdings are represented by different 

linestyles (WQ and 0s lines are solid lines, 30s are dashed, 60s are dash-point and 300s are dotted). 

Firstly, the evolution of the YS is not strongly affected by the severity of the tempering. The evolution 

of the YS is more complex due to the presence of Lüders plateau at all the conditions treated at 400 °C 

and in the ones treated at 300 °C by 300s. The tensile curves of the tempering treatments at 300 °C for 

a shorter time do not present a discontinuous yielding but a shoulder 
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Secondly, for a given carbon content the work hardening rate and, thus, the maximal stress decrease 

with the severity of tempering. Higher maximum stresses in the tempered states are observed when 

increasing the carbon content. This last effect is an heritage of the as-quenched state.  

Finally, a higher effect of the tempering is detected on work hardening rate and, thus, on the maximum 

stress when increasing the carbon content. The tensile curves of the 0.1C steels present low evolution of 

the maximum stress with the tempering (ca. 250 MPa) while the ones of the 0.3C steel present a variation 

of around 600 MPa. 

 

 

Figure 89: Tensile curves of all the tempering conditions plus the water quenched condition for the three studied steels in the 

first column. In the second column, same tensile curves at a given tempering temperature (200, 300 and 400 °C from top to 

bottom) for the different holding times for the three studied steels.  
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At the highest tempering temperatures the UTS decreases for all the carbon contents. However, the 

holding time does not present a clear effect in the 0.1C steel contrarily to the effect observed in the 0.2C 

and 0.3C steels in which longer holding times also induces a decrease in the UTS.  

It is worth mentioning that in the tensile curves obtained after tempering at 400 °C, the elongation seems 

to decrease with the carbon content of the alloy and increase with the holding time.  

The work hardening curves deduced from curves presented in Figure 89 have been calculated applying 

a moving average (a window of 20 points was selected) and represented in Figure 90. The structure of 

Figure 90 is the same of the one in Figure 89. The first column presents the results regrouped by steel 

while the second column is composed by three graphs regrouping the curves as function of the tempering 

temperature. 

 

Figure 90: Work hardening rate as a function of the true stress, of each tensile curves presented in Figure 89. The same code 

applies.  

 

All the curves regrouped by carbon content present a similar behavior for the three steels. The as-

quenched condition (cf. Figure 88) presents an early yielding  with a continuous decrease as the 
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macroscopic stress increases. As the temperature increases, the plasticity begins at higher stresses and 

the work hardening presents a faster decrease.  

The main difference due to the carbon content is the start of the yielding. The slopes afterward depends 

only on the tempering but not on the steel. 

In the work hardening curves obtained from the samples treated at 400 °C a fast decrease down to around 

zero is observed, corresponding to the Lüders plateau, followed by an increase and soft decrease up to 

the fracture. The work hardening curves from the samples treated at 300 °C also present a relatively fast 

decrease (slower than the ones presented at 400 °C) but then a second peak is observed, with a value 

around 2.5 × 104.  

The micromechanical model developed in the frame of the present work has as goal to predict the 

evolution of the tensile behavior of the different studied steels at the different tempering conditions. As 

a consequence, the evolution of the conventional YS and UTS as well as the work hardening could be 

calculated. 

IV.3 Tensile behavior model 

The micromechanical model developed in the present work seeks to understand and predict the tensile 

behavior of martensitic steels based on their main microstructural features, their distribution and the 

internal deviatoric stresses. Both contributions are essentially different as the first one expresses a 

distribution of local yield strengths at the microstructure scale (i.e. the threshold stress to trigger the 

plastic deformation) and the second one will be added locally to the applied stress state.  

Making an analogy with the J2 theory, the first contribution would be more of an isotropic nature and 

the second one of a kinematical nature. The analogy ends there in that the CCA approach is based on 

the Masing’s thesis as it considers that the material consists in different components with different 

elasticity limits (microstructural YS) and in mechanical interaction. The co-deformation of this multi-

component material generates a macroscopic work hardening of kinematical nature based solely on the 

internal stresses between these components without any isotropic work-hardening at the component 

scale.  

The proposed approach is in fact similar to the one developed by Wang et al. [43] (based on [40,266]) 

with two main additions: 

- The distribution of the local Yield Strength related to the microstructure (later called 

microstructure YS distribution) will be predicted on the basis of the experimental observations 

presented in the previous chapters. The contributions of the dislocation densities, the 

microstructure sizes, the precipitates will be assessed separately and combined judiciously to 

describe the as-quenched and tempered states within a single framework. Contrary to 

Mathevon’s approach, the evolution of these contributions with tempering will be described on 

a physical basis and not calibrated using JMAK functions. 

- The model to predict relaxation of the internal stresses and, thus, the evolution of the related 

stress distributions have been reviewed to keep a more realistic sense of the density probability 

functions. 
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Like the models of Wang or Mathevon, the main interest of the approach is to propose a unified 

framework for treating both as-quenched and tempered steels, which makes it an extremely powerful 

prediction tool. 

Our numerical simulation tool is a mean field multiphase aggregate approach considering numerous 

elements in interactions (typically more than 15000) with a simple localization law (same as [40]). These 

elements represent small volumes of our steel and have different individual mechanical behaviors. These 

behaviors are probabilistically dependent to the distributions of microstructural YS and internal stresses. 

The purpose of this section is to propose quantitative estimations of these distributions and to show how 

to combine the hardening contributions to predict the respective flow stresses of each constitutive 

element. 

Figure 91 presents an schematic representation of the micromechanical model considering a 

microstructural Yield Strength distribution (left) and an internal stresses one (right). The microstructural 

Yield Strength of each element depends on the dislocation density (see color scale), the microstructural 

size (hatch spacing) and the precipitation state (dots). The internal stresses distribution is represented 

with a another color scale. 

 

Figure 91: Schematic diagram of the micromechanical model considering a microstructure Yield Strength distribution (left) 

and an internal stresses distribution (right).  

 

For instance, in the schematic diagram, elements 1 and 5 have a low dislocation density and larger 

microstructure (with precipitates) leading to a relatively low YS. However, the elements 3 and 8 have a 

high dislocation density and a finer microstructure and, therefore, a higher YS.  

Even if the element 3 and 8 present a similar microstructural YS, they could present opposing internal 

stresses (left section of Figure 91). As a consequence, they will present different flow stresses. 
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IV.3.A Microstructure YS distributions and internal stresses 

The microstructure YS is the local strength necessary to trigger plastic event in the microstructure, in an 

element of the aggregate. Or in other words, the stresses needed to make a dislocation move inside the 

martensite structure (lath, block, …) taking into account all the microstructure obstacles hindering its 

movement. 

This strength can be calculated as the sum of different contributions [109,269]; the Peierls barrier, the 

solid substitutional and interstitial solution strengthening, the size strengthening (related to the mean 

path of dislocations in between two “hard” boundaries), the dislocation density strengthening as well as 

the precipitation hardening, as discussed in the focus state of the art.  

In the proposed model, these contributions for a given metallurgical state will be kept constant during 

the simulation of the tensile test. In fact the sole contribution which is expected to increase is the 

dislocation densities (at small plastic deformation). As discussed in [40] (CCA model), the initial 

dislocation densities in the martensite are so huge that a further increase during plastic deformation is 

unlikely. The possible increase is surely limited by dynamical recovery and the local work-hardening of 

a given element is also limited. 

Note that as considered by [43], the presence of deviatoric internal stresses may affect the flow stress as 

a consequence they will be considered as a special contribution. The specificity of the internal stresses 

contribution comes from the fact that they evolve during the tensile test. As presented above, this 

kinematic contribution to the work-hardening will be considered. 

IV.3.A.1 Lattice friction strength and solid solution strengthening 

In the present work the Peierls barrier of the martensite is considered as a constant in each constitutive 

element and has been set equal to 50 MPa as in [92,272]. The substitutional solid solution strengthening 

(𝜎𝑠𝑠) have been calculated for each steel as [274]:  

𝝈𝒔𝒔 = 𝟖𝟎 × 𝐰𝐭. % 𝐌𝐧 +  𝟔𝟎 × 𝐰𝐭. % 𝐒𝐢 + 𝟔𝟎 × 𝐰𝐭. % 𝐂𝐫   
Equation 40 

  

Substitutional solid solution strengthening has been calculated equal to 183 MPa, to 171.5 MPa, and to 

107 MPa for 0.1C, 0.2C and 0.3C steel respectively. They are considered as constant. The main 

difference is due to the lower Mn content in the 0.3C steel. This second component of the microstructure 

YS is also supposed to be uniformly distributed (no Mn segregation between elements for instance). 

IV.3.A.2 Size strengthening  

The contribution to YS due to the mean free path of dislocations is calculated with the microstructure 

sizes determined in the Section II.2.B. As a reminder, the mentioned sizes have been determined by the 

line intercept method on SEM-EBSD micrographs. One has to keep in mind the importance of working 

with the spatial distribution and not with the occurrence distribution. The spatial distribution for the 

0.1C, 0.2C and 0.3C steels with a misorientation angle threshold of 14° are presented in Figure 92.a. 
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The presented misorientation is higher than the misorientation expected between laths and sub-blocks, 

and would be related to the high angle boundaries (blocks, packets, PAGs) and, thus, to the more 

efficient boundaries in the microstructure to hinder dislocation motion and to provoke dislocations pile-

ups (even if it is difficult to observe experimentally such mechanism), as discussed in the state of the 

art. 

The strengthening induced by the size effect (σsize) has been calculated with a Hall & Petch like model, 

even if the considered size are rather small: 

𝝈𝒔𝒊𝒛𝒆 =
𝒌𝒔𝒊𝒛𝒆(𝒎𝒊𝒔𝒐𝒓𝒊𝒆𝒏𝒕𝒂𝒕𝒊𝒐𝒏 𝒂𝒏𝒈𝒍𝒆)

√𝒅
   

Equation 41 

  

where d is the effective size and ksize is a constant depending on the considered misorientation angle. In 

the present study ksize has been set equal to 350 MPa×μm1/2 which is higher than the value reported by 

Shibata et al. for a block boundary (210 MPa×μm1/2) [34] determined by microtesting and with a block 

size two times the one obtained in the present work.  

As a consequence, the mean size hardening is 262 MPa for the 0.1C steel, 346 MPa for the 0.2C steel 

and 413 MPa for the 0.3C steel. With a higher carbon content a finer microstructure is obtained and, 

therefore, a higher size strengthening. This is the reason why it is often difficult to decorrelate the 

strengthening contributions in the martensitic steels. 

Figure 92.b presents the calculated size strengthening distribution for each studied steels when applying 

the proceeding law to all the possible sizes found in the micrography. It can be observed that with a 

higher carbon content the mean value is not only higher but the distribution also widens. The minimal 

size strengthening in the 0.1C steel is 25 MPa meanwhile in the 0.3C it is 75 MPa. Only 2 vol.% of the 

0.1C microstructure have a size strengthening higher than 700 MPa, while 3.6 vol.% of the 0.2C 

microstructure presents at least that hardening. In the case of the 0.3C steel the proportion is 7 vol.%. 

These contributions will, then, serve to fix local properties of each constituting element of the aggregate 

using a stochastic approach. 

In the present work, the size distribution is considered constant during the tempering because of the low 

temperature and the short holding times. Microstructure evolutions were reported by [100,101] but in 

the case of more severe tempering. 
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Figure 92: a) Size weighted distributions of domain size with critical misorientation set equal to 14° for the three studied steels. 

b) Distributions of  size strengthening calculated from a) with Equation 41. The colors used in the present figure do not follow 

the chart presented in Section I.3. 

 

IV.3.A.3 Dislocation density strengthening  

In Chapter II it has been shown that the dislocation density is not homogenously distributed in the 

microstructure. As a consequence, the dislocation strengthening of each element of our structure are 

potentially different.  

The strengthening caused by the dislocation forest (σdislo) can be calculated by the Taylor law as: 

𝝈𝒅𝒊𝒔𝒍𝒐 = 𝜶𝒅𝒊𝒔𝒍𝒐𝑪𝑻𝝁𝒃√𝝆𝒍𝒐𝒄𝒂𝒍   Equation 42 

  

where αdislo is a parameter related to the dislocation arrangement [83], CT the Taylor constant, μ the shear 

modulus, b the Burgers vector and ρlocal the local dislocation density. In the present work αdislo is set 

equal to 0.3, CT equal to 3, b equal to 2.5 × 10-10 m and μ was calculated for each steel composition as 

by [148]. The αdislo parameter for an as-quenched steel was reported to range between 0.17 and 0.3 with 

tensile strain, and between 0.33 and 0.44 for a 500 °C tempered condition by Dannoshita et al. [83]. 

Ungar et al reported 0.23-0.27 for cell-forming dislocation distribution and 0.45-0.47 for homogenous 

distributions [295]. The value herein utilized (0.3) is in the range of the reported values, and it is 

considered constant with the strain and for all tempering conditions.  

IV.3.A.3.a As-quenched martensite  

As for the size strengthening, the spatial distribution of dislocation strengthening is calculated from the 

spatial distribution function of the local densities (Figure 93.a). The results of this calculation are shown 

in continuous lines in Figure 93.b using a binning step of 25 MPa. The integral of the distribution is of 

course normalized as it corresponds to a density possibility function.  
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In order to smooth the experimental scattering and ease further calculations, the experimental 

distributions were modeled with reflected log-normal distributions functions, presented in Figure 93.b 

in dashed lines. The parameters of these empirical function have been calibrated with a least square 

method. The choice of this function will be justified later but its shape permit to describe well what 

happens during tempering.  

The strengthening distributions of the 0.3C_WQ is better described than the one of the 0.1C_WQ steel. 

In this latter case, the fraction between 0 MPa and 550 MPa is overestimated while the one between 650 

MPa and the maximum is slightly underestimated.  

 

Figure 93: a) Distribution of local dislocation densities for the three studied steels. b) Distributions of dislocation strengthening 

calculated from the curves presented in a) (continuous curves) as well as the modeled reflected log-normal distributions (dashed 

curves). 

 

Figure 93.b shows that the dislocation strengthening distributions are shifted to higher strength when 

the carbon content of the steel increases. The carbon content also leads to a widening of the distributions.  

To exemplify, in the case of the 0.1C steel the proportion of martensite with a dislocation strengthening 

higher than 750 MPa is 10 % while in the case of the 0.2C it is 95 % and in the case of the 0.3C steel it 

is 99 %. 

The dislocation strengthening of the softest and hardest possible elements are presented in Table 15 as 

well as the gap between both values.  

The present calculations show that the dislocation strengthening is a significant contribution to the YS 

of as-quenched martensitic steels. If the mean value of the presented distributions are considered, then 

the dislocation density strengthening accounts for more than 0.7 times the conventional YS values (717 

MPa over 1020 MPa for the 0.1C steel, 950 MPa over 1280 MPa for the 0.2C steel, and 1100 MPa 

over 1400 MPa for the 0.3C steel). HajyAkbary et al. found for instance a contribution ratio ca. 0.5 [88], 

and Shamsujjoha close to 0.66 [89]. 
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Table 15: Lowest and highest dislocation strengthening for the three studied steels as well as the difference between both values. 

Steel Lowest σdislo (MPa) Highest σdislo (MPa) 

Δ σdislo  

(MPa) 

0.1C 460 760 300 

0.2C 475 1045 570 

0.3C 575 1180 610 

 

The second important conclusion is the fact that a high dispersion of strengthening is obtained and, 

therefore, the dislocation strengthening is an important contribution of the microstructural YS 

distribution [40,43,44]. 

IV.3.A.3.b Tempered martensite  

The distributions of local dislocation densities evolves with recovery during the tempering heat 

treatments, as previously presented in Figure 39 of Section II.3.B.2. Such mentioned distributions 

produce in turn a decrease in the dislocation strengthening. In Figure 94.a the distribution of the local 

dislocation densities of the 0.2C_WQ steel is presented as well as the ones obtained at different holding 

times at 300 °C. During the first 30 s the mean values decrease and the distributions narrow, then a 

slower evolution is observed with almost no change between 60 s and 300 s of holding.  

 

Figure 94: a) Distribution of local dislocation densities of the 0.2C_WQ steel tempered at 300 °C during different holding times 

(0, 30, 60 and 300 s) and in the as-quenched state. b) Dislocation strengthening for the distributions presented in a).  

 

The corresponding evaluations of the strengthening distributions are shown in Figure 94.b. As expected, 

the statistical spread of the dislocation strengthening decreases with the holding time reaching a stagnant 

state after 60 s. The dispersion of the microstructural strengthening thus evolves with the tempering. In 

the case of the presented 300 °C tempering the largest spread is 530 MPa at 0s of holding, 320 MPa at 
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30s, 290 MPa at 60s and 280 MPa at 300s while in the initial water-quenched condition is was 570 MPa. 

In Figure 94 the calibrated log-normal functions are not presented for the sake of readability (the 

maximal reduced chi-square is 9 × 10-7). 

The same kinds of calculation have been carried on the three studied steels for all studied tempering 

conditions. The case shown here is just an example of the applied methodology.  

IV.3.A.4 Strengthening due to carbon: interstitial solid solution 

strengthening and/or precipitation strengthening 

Carbon atoms in solid solution occupy interstitial sites introducing lattice deformation which increases 

the strengthening of the material due to a higher resistance to the dislocation motion. Different 

mechanisms have been proposed to describe such interactions. As a consequence, the solid solution 

strengthening of carbon can be calculated by different equations found in the literature which presents 

different dependencies to the carbon concentration. In the present work, we propose to use also the 

Friedel’s theory discussed in the state of the art (Equation 37). 

The carbon atoms segregated on defects atmospheres could also induce a strengthening effect. The 

expected contribution should be similar to the strain ageing mechanism [296]. An extra stress is needed 

to unpin the mobile dislocations from their Cottrell’s atmosphere. Nevertheless, when freed, the 

dislocations can move freely, the carbon in the former segregations only contributes to the solid solution 

(except that the carbon atoms are not strictly randomly spread). This is the reason why we will consider 

in the following that the calculated segregated carbon also contributes to the solid solution hardening, 

according to Equation 37. As a consequence, our modeling approach is not suitable so far to predict the 

possible Lüder’s plateau that could appear in severe tempering conditions (cf. Figure 89) (300 °C and 

above). 

Carbon can also form more stable precipitates during tempering. The precipitated carbides act as 

obstacles affecting the dislocation motion and two classical mechanisms are often involved to explain 

how the dislocations may overcome them; the shearing mechanism and the Orowan’s looping. 

Depending on the local process, the precipitation strengthening can be calculated as: 

𝐒𝐡𝐞𝐚𝐫𝐢𝐧𝐠:          𝝈𝒔𝒉𝒆𝒂𝒓 − 𝒊 = 𝑲𝒔𝒉𝒆𝒂𝒓−𝒊√𝒇𝒊 × 𝒓𝒊  Equation 43  [279] 

  𝐁𝐲𝐩𝐚𝐬𝐬𝐢𝐧𝐠:          
𝝈𝒃𝒚𝒑𝒂𝒔𝒔 − 𝒊 = 𝟎. 𝟒𝑲𝒃𝒚𝒑𝒂𝒔𝒔−𝒊𝑪𝑻 𝝁 𝒃

𝒍𝒏(
𝟐𝒓𝒊

𝒃
)

𝑳𝝅√𝟏−𝝂
    Equation 44 [280] 

 with 𝑳 = 𝒓𝒊(√𝝅/𝒇𝒊 − 𝟐)  
 

  

where 𝐾𝑠ℎ𝑒𝑎𝑟−𝑖 is a parameter related to the resistance of the precipitate to be sheared, ri and fi are the 

radius (nm) and fraction of the i precipitate, CT is the Taylor factor (set equal to 3), μ the shear modulus 

(depending on the composition [148]) and ν the Poisson ratio. A parameter (𝐾𝑏𝑦𝑝𝑎𝑠𝑠−𝑖 ) has been 

introduced to take into consideration that not all the carbides are allocated in the matrix but a fraction of 

them is precipitated at boundaries with a different strengthening effect.  
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In the presence of both types of carbides (epsilon and cementite), the strengthening of each kind is 

calculated by Equation 43 and Equation 44 and then it has to be combined. If the dislocation obstacles 

are producing a relatively similar strengthening then a quadratic mean is used to calculate the combined 

precipitation strengthening (𝜎𝑝𝑟𝑒𝑐) [282].  

In the present model, the solid solution strengthening (including segregated carbon) and the precipitation 

strengthening are calculated during the tempering simulations for each element of the aggregate as both 

are affected by the density of dislocations. As a consequence, the strengthening contribution of carbon 

is not uniform at the microstructure scale and could depend on its state (solid solution, segregation, 

precipitates). However, in the as-quenched state, as the carbons atoms are either randomly distributed 

or segregated in the worst scenario, the contribution is thus considered as uniform (and calculated with 

Equation 37) before any tempering treatment.  

The calculated strengthening by carbon in solid solution is 207, 288, and 351 MPa for the 0.1C, 0.2C 

and 0.3C steels respectively. The strengthening by precipitation would be calculated later as it is function 

of the carbide fractions and sizes.  

IV.3.A.5 Deviatoric internal stresses 

The specificity of the martensitic transformation is to be displacive and associated to a significant strain 

(shear and volume strain according to Bain theory). This characteristic explains that huge internal 

stresses (both hydrostatic and deviatoric) are built progressively at the microstructure scale between all 

the microstructure features. The presence of self-accommodating variants is not sufficient to relax the 

whole. As a consequence, different internal stresses are expected to be found in the elements of our 

micromechanical model, as sketched in Figure 91. 

These internal stresses must be considered independently of the local microstructure YS which depends 

on the local microstructure size, carbon state, dislocation densities. 

In fact, the yield strength of a material is usually calculated based on microstructural features as proposed 

by Norström et al. and Bhadeshia and Young [109,269]. However, if deviatoric internal stresses are 

present, then the material may be closer (or farther) of a flow surface as schematized in Figure 96. If the 

deviatoric stresses (σint str) are aligned with the tensile direction (direction of the wide arrow), then they 

will be facilitate the yielding and a opposite effect occurs in the case of nonaligned stresses.  

The main issue we have faced in this work is the description of this internal stress state. We have not 

been able to identify in the literature any sufficiently convincing experimental data or numerical 

simulation results to predict this state, except perhaps at the scale of a few blocks or PAGS [30,297,298].  

The mean hydrostatic internal stress of the austenite can be obtained from the lattice parameter as in 

[138] with values up to 1 GPa in compression. From it, the mean hydrostatic stress of the martensite can 

be calculated (knowing the fractions and a neutral total stress state). However, no information about the 

deviatoric component of the stresses or their distribution can be obtained by this method.  

As a consequence, as Wang et al., we have been obliged to presuppose a statistical and spatial 

distribution of these stresses. Although Wang et al. utilized a distribution of deviatoric internal stresses 

and the yield strength [43], the distribution of deviatoric internal stresses was considered as uniform. In 
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the present work a gaussian distribution will be considered as it seems more realistic. In fact it is unlikely 

that the same fractions of martensite are be summitted to the maximum tensile/compression state and to 

with a neutral internal stresses state.  

 

 

Figure 95: a) Uniform distribution of deviatoric internal stresses utilized by [43], from same work. b) Gaussian distribution 

proposed in the present work.  

 

The deviatoric internal stresses produces a displacement of the stress state of the element, as represented 

in Figure 96. A positive deviatoric stress would reduce the gap to the flow surface while a negative one 

would increase it.  

 

 

Figure 96: Effect of deviatoric internal stresses on a material, 

displacing the initial state with respect the yielding surface. 

 

The local triggering of the plastic deformation is reached at the flow stress (𝜎𝑓𝑙𝑜𝑤) which is calculated 

as the linear sum of the local microstructural YS (𝜎𝑌𝑆) and the local deviatoric internal stresses (𝜎𝑖𝑛𝑡 𝑠𝑡𝑟) 

as: 

a) b) 
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𝝈𝒇𝒍𝒐𝒘 =  𝝈𝒀𝑺 + 𝝈𝒊𝒏𝒕 𝒔𝒕𝒓   
Equation 45 

  

IV.3.A.5.a As-quenched martensite 

The distributions of the deviatoric internal stresses of the three steels at the as-quenched state were 

calculated with a gaussian probability distribution function. The standard deviation was set equal to 

400 MPa for the three steels. The calculated distribution is presented in Figure 95.b. The analysis of the 

effect of the distribution of internal stress on the modeled tensile tests will be presented in Appendix F. 

IV.3.A.5.b Tempered martensite 

During tempering the internal stresses should relax progressively. This mechanism has been modeled 

using a Zener-Wert-Avrami function. The thermal residual stress relaxation can be calculated as [299]: 

𝝈𝒊𝒏𝒕 𝒔𝒕𝒓 = 𝝈𝒊𝒏𝒕 𝒔𝒕𝒓
𝟎 𝒆𝒙𝒑(−(𝑨𝒕)𝒎)   

Equation 46 

           with                         𝑨 = 𝑩 𝒆𝒙𝒑(−𝚫𝑯/𝒌𝒃𝑻) 
 

  

where 𝜎𝑖𝑛𝑡 𝑠𝑡𝑟
0  is the initial deviatoric internal stresses, m is a constant which depends of the dominant 

relaxation mechanism, 𝑘𝑏  the Boltzmann constant and B a material parameter. Different values are 

reported in [299] for the required constants; ΔH between 2.99 and 3.3 eV, m in the range 0.122 and 

0.172, and B between 6.09 × 1017 1/min and 1.22 × 1021 1/min. In the present work as no possible 

calibration of the relaxation equation could be performed based on experimental results, the parameters 

were chosen in close relationship with the ones proposed by [299]. B was set equal to 1.22 × 1021 1/min, 

m equal to 0.122 and ΔH equal to 3.1. 

In Figure 97.a the evolution of the internal stresses with initial values of 200 MPa and 500 MPa during 

holdings at two temperatures (200 °C and 400 °C) are presented to illustrate the evolutions predicted by 

Equation 46. A fast relaxation occurs during the first seconds followed by a stagnation. The internal 

stress values at the stagnation depend on the initial value as well as on the holding temperature. At higher 

temperatures, a stronger relaxation phenomenon occurs as expected.  

Figure 97.b presents the evolution of a gaussian distribution of internal stresses after 300s at 200 °C and 

400 °C. The distribution before the holding is represented by a black line, while the one obtained after 

the relaxation is in blue and in red for the holdings at 200 °C and 400 °C. At 200 °C the effect of the 

relaxation is not significant while a clear effect is observed at 400 °C. Note that even if a clear shrink is 

produced by the holding at 400 °C, a spread remains. 
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Figure 97: a) Relaxation of the internal stresses during a holding at 200 °C and 400 °C, with initial values of 200 MPa and 

400 MPa. b) Evolution of a gaussian distribution of internal stresses (standard deviation set equal to 250 MPa) after 300 seconds 

at 200 °C and 400 °C. 

 

IV.3.B Calculation of the flow stress distributions 

IV.3.B.1 YS distributions 

The yield strength involving different strengthening mechanisms can be calculated simple algebraic or 

quadratic mean according to the literature [92,109]. However, when taking into account the distributions 

two main issues must be considered; the addition rule and the stochastic approach to correlate the 

strengthening mechanisms. 

It is not at all obvious that we can consider that the contributions to hardening are statistically 

uncorrelated, and meet randomly in the elements of our simulated aggregate. By analyzing the 

martensitic microstructure and the martensitic transformation sequence, Morsdorf et al. concluded that 

the first formed martensite presents the largest size with the lowest dislocation density while later formed 

martensite would present a smaller size and a higher dislocation density [45]. Thus, the first formed 

martensite would have low contributions from both mechanisms, while the later formed one would 

present high contributions from both mechanisms. As said above, the tempering mechanisms 

(segregation and precipitation) could also depend on the density of dislocations and are, thus, correlated.  

The mentioned correlation between large sizes and low dislocation densities is the base from the here 

proposed “soft-soft correlation”. This correlation has been preferred to the random allocation of the 

properties based on the metallurgical observations described above. 

When considering only the contributions of size and dislocation density, we can define the spatial 

density probabilities as: 

a) b) 
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𝑭𝒔𝒊𝒛𝒆(𝝈𝒔𝒊𝒛𝒆) = ∫ 𝒇𝒔𝒊𝒛𝒆(𝝈)𝒅𝝈
𝝈𝒔𝒊𝒛𝒆

𝟎

 

 
Equation 47 

𝑭𝒅𝒊𝒔𝒍𝒐(𝝈𝒅𝒊𝒔𝒍𝒐) = ∫ 𝒇𝒅𝒊𝒔𝒍𝒐(𝝈)𝒅𝝈
𝝈𝒅𝒊𝒔𝒍𝒐

𝟎

 

 
Equation 48 

  

Figure 98.a shows the cumulated functions (𝐹𝑠𝑖𝑧𝑒(𝜎𝑠𝑖𝑧𝑒)  and 𝐹𝑑𝑖𝑠𝑙𝑜(𝜎𝑑𝑖𝑠𝑙𝑜) ) while the probability 

density distributions (𝑓𝑠𝑖𝑧𝑒(𝜎𝑠𝑖𝑧𝑒) and 𝑓𝑑𝑖𝑠𝑙𝑜(𝜎𝑑𝑖𝑠𝑙𝑜)) are presented in Figure 98.b. 

 

Figure 98: a) Cumulated distribution of the size hardening (𝐹𝑠𝑖𝑧𝑒(𝜎𝑠𝑖𝑧𝑒)) and dislocation hardening (𝐹𝑑𝑖𝑠𝑙𝑜(𝜎𝑑𝑖𝑠𝑙𝑜)). b) 

Corresponding probability density functions 𝑓𝑠𝑖𝑧𝑒(𝜎𝑠𝑖𝑧𝑒) and 𝑓𝑑𝑖𝑠𝑙𝑜(𝜎𝑑𝑖𝑠𝑙𝑜). 

 

For a given fraction F of the microstructure the corresponding strength given by the dislocation 

hardening is 𝜎𝑑𝑖𝑠𝑙𝑜 and can be calculated as: 

𝝈𝒅𝒊𝒔𝒍𝒐 = 𝑭𝒅𝒊𝒔𝒍𝒐
−𝟏 (𝑭)

 
 

Equation 49 

  

and the corresponding strength given by the size hardening is 𝜎𝑠𝑖𝑧𝑒: 

𝝈𝒔𝒊𝒛𝒆 = 𝑭𝒔𝒊𝒛𝒆
−𝟏 (𝑭)

 
 

Equation 50 

  

If a linear sum of the strengthening mechanisms is considered, the same fraction F is attended at: 

𝑭𝒄𝒐𝒎𝒃(𝝈𝒅𝒊𝒔𝒍𝒐 + 𝝈𝒔𝒊𝒛𝒆) = 𝑭
 

 
Equation 51 
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The combined strengthening at the a fraction F is then defined as: 

𝝈𝒄𝒐𝒎𝒃 =  𝑭𝒅𝒊𝒔𝒍𝒐
−𝟏 (𝑭) + 𝑭𝒔𝒊𝒛𝒆

−𝟏 (𝑭)
 

 
Equation 52 

  

Finally, the following expression can be obtained: 

𝑭𝒄𝒐𝒎𝒃 (𝑭𝒅𝒊𝒔𝒍𝒐
−𝟏 (𝑭) + 𝑭𝒔𝒊𝒛𝒆

−𝟏 (𝑭)) = 𝑭 =  ∫ 𝒇𝒄𝒐𝒎𝒃(𝝈)𝒅𝝈
𝝈𝒄𝒐𝒎𝒃

𝟎

 

 
Equation 53 

  

This expression is difficult to exploit. Therefore, a numerical approach was developed to calculate this 

integral, step by step, starting from the weakest fractions. The correlations are expressed by the fact that 

the mechanical contributions of the two mechanisms (size and dislocation density) are sought for the 

same fraction, starting from the lowest strength for both contributions. The process is represented 

schematically in Figure 99. 

Figure 100.a shows the previously presented cumulated probability Fsize and Fdislo for the 0.2C_WQ steel. 

The calculated Fcomb is presented in grey line. An additional curve is presented in which the constant 

contributions are added. It corresponds to a shift of Fcomb to higher stress levels. It accounts for the 

substitutional solid solution strengthening as well as the carbon solid solutions strengthening (note that 

the chosen example is a water-quenched state).  

From the calculated Fcomb, the probability density of the combined distribution has been calculated and 

it is shown in Figure 100.b. In the same graph the respective probability density of the size and 

dislocation density strengthening are presented. The probability density of the combined distribution 

keeps a right skewness as the size strengthening distribution but is wider than the last one. The 

probability density of the combined effects plus the constants strengthening presents values non-zeros 

from 575 MPa up to 3700 MPa. The shape of the distribution (right skewness) and the range of the 

values shows remarkable similarity with the presupposed distribution of the work of Allain et al. [40], 

(cf. Figure 85). 
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Figure 99: Schematic representation of the algorithm utilized to combine the strengthening mechanism and obtain the combined 

strength distribution of an as-quenched state. 

 

 

Figure 100: a) Cumulated distribution of the size (orange line) and dislocation density (blue line) strengthening as well as the 

calculated combined distribution (grey & black lines). The black line is shifted to higher strength to include solid solution 

strengthening b) Probability density associated to a) with same color code The colors used in the present figure do not follow 

the chart presented in Section I.3. 
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IV.3.B.2 Application of internal stress distribution 

Once the microstructure YS distribution has been calculated permitting to describe in a stochastic way 

the local properties of the elements, then the spreading of internal stresses is applied. 

In practice, the microstructure YS dispersion is binned. For each bin, the probability can be calculated 

and the corresponding YS is known. Secondly, a gaussian distribution centered at zero and with a known 

standard deviation (here fixed to 400 MPa at the as-quenched states) is calculated which integral is equal 

to the probability of the bin. This second distribution can be binned as well to work in totally discrete 

way. 

Hence, the probability to find an element with a certain YS and a given internal stress state can be 

calculated as the multiplication of both distributions, the one corresponding to the microstructure YS 

(and the one of the internal stress. 

IV.3.C Micromechanical model bases 

The micromechanical model developed in the present study is based on the previous works of Allain et 

al. [40] and Wang et al. [43], which are inspired by the seminal work of Masing [46] and the notion that 

martensite should be considered as a polycrystalline aggregate, i.e. composite (already proposed by 

Ansell in 1963 [41] for example).  

The model aims at predicting the evolution of the macroscopic flow stress of a martensitic 

microstructure in quasi-static conditions along an uniaxial loading. As consequence, the results of the 

model can be directly compared to the experimental curves shown above and these experiments could 

serve in turn to calibrate the parameters of the model. Nevertheless, as in the CCA or in Wang’s models 

it is adapted to the prediction of reverse loading (cf. V.4.B.4) 

IV.3.C.1 Homogenization scheme  

The model is based on the representation discussed in Figure 91. Perfect plastic behaviors are considered 

for each element and therefore the sequential yielding of elements of the microstructure would rule the 

macroscopic work hardening.  

The macroscopic stress (Σ) and the macroscopic strain (Ε) are calculated as the weight average of the 

microscopic stresses (σ) and microscopic strains (𝜀) following the conventional scale transition of Hill 

as: 

𝜮 =  ∑ 𝒇𝒊 × 𝝈𝒊

𝒊=𝒏

𝒊=𝟎
 

Equation 54 

𝑬 =  ∑ 𝒇𝒊 ×  𝜺𝒊

𝒊=𝒏

𝒊=𝟎
 

Equation 55 

  

where fi is the fraction of the i element, σi is the microscopic stress of the i element and 𝜀𝑖 the microscopic 

strain.  
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The local microscopic strain ( 𝜀𝑖 ) is the sum of the elastic and plastic deformation. The elastic 

deformation of the elements cannot be neglected as the model principle is to describe an elasto-plastic 

transition.  

The interactions between the stress-strain states of the different elements and the macroscopic state are 

related by a single-parameter localization law defined as: 

𝜷 = −
𝚺 − 𝝈𝒊

𝑬 − 𝜺𝒊
 

Equation 56 

  

where the β parameter is the same for all the elements and allows to manage different localization 

conditions (β=0 for iso-stress and β=∞ for iso-strain) and,  σi and 𝜀𝑖 are the local microscopic stress and 

strain states of element i. In the present work, the β parameter was set equal to a fraction of the Young 

modulus (Y) as previously done by [40,43,44] (0.25 × Y). The internal stress of each element is 

recalculated during the modelled tensile test as the stress difference between the microscopic stress and 

the macroscopic one (Σ − 𝜎). 

The present model considers the flow stress (when plasticity starts) as the linear sum of the yield strength 

and the deviatoric internal stress: 

𝝈𝒇𝒍𝒐𝒘 = 𝝈𝑷𝒆𝒊𝒆𝒓𝒍𝒔 + 𝝈𝒔𝒔 + 𝝈𝒔𝒊𝒛𝒆 + 𝝈𝒅𝒊𝒔𝒍𝒐 + 𝝈𝒑𝒓𝒆𝒄 + 𝝈𝒊𝒏𝒕 𝒔𝒕𝒓 
Equation 57 

  

being σi the local flow stress, i.e. the sum of the microstructure YS and the internal stresses.  

A pedagogical example of the model behavior with a limited number of elements is presented in 

Appendix G. The effects of the distribution of yield strength and of the deviatoric internal stresses are 

evaluated.  

IV.3.C.2 Micromechanical model parametrization and general managing 

The whole set of water-quenched and tempering conditions for the three studied steels were modeled 

with the parameter list presented in Table 12. A binning step of 25 MPa was used and only the elements 

with a minimal fraction of 1 × 10-6 where considered. The elements with lower fraction do not affect 

significantly the results and impair the calculation time. Once the elements with a fraction lower than 

1 × 10-6 are deleted, the fraction of the remaining elements is normalized to 1.  

To illustrate the number of elements considered in the different simulation it can be mentioned that at 

the water-quenched state ca. 26000, ca. 37500 and ca. 43000 elements were utilized for the 0.1C, 0.2C 

and 0.3C simulations respectively.  
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Table 16: Micromechanical model parameters. 

Parameter Value 

𝒌𝒔𝒊𝒛𝒆(𝟏𝟒°) 350 MPa×μm1/2 

αdislo 0.3 

𝑲𝒔𝒉𝒆𝒂𝒓−𝒆𝒑𝒔 950 MPa×nm-1/2 

𝑲𝒃𝒚𝒑𝒂𝒔𝒔−𝒆𝒑𝒔 1 

𝑲𝒔𝒉𝒆𝒂𝒓−𝒄𝒆𝒎 950 MPa×nm-1/2 

𝑲𝒃𝒚𝒑𝒂𝒔𝒔−𝒄𝒆𝒎 0.75 

Standard deviation of σint str 400 

Young modulus (Y) 200 GPa 

𝜷 parameter -0.25×Y  

IV.4 Results and discussion of tensile behavior model 

The present section will introduce firstly the microstructure YS distributions and modeled tensile 

behaviors of the as-quenched state of the three studied steels. The modeled tensile behaviors are 

compared with the experimental curves. Secondly, the effects of tempering are presented. Finally, some 

implications of the micromechanical model and some further developments are briefly discussed.  

IV.4.A As-quenched martensite  

A complete analysis of the simulation results of the 0.2C_WQ simulation will be firstly presented. Then, 

the effect of the carbon content will be discussed. 

IV.4.A.1 Complete analysis of the 0.2C_WQ simulation 

IV.4.A.1.a Tensile curve  

The experimental tensile behavior of the 0.2C_WQ condition is presented in Figure 101.a as well as the 

one obtained by the micromechanical model. Both curves are almost juxtaposed up to 1600 MPa. Above, 

the modeled curve overpasses the experimental one. The difference between both curves at the end of 

the modeled one (stopped by the Considère criterion) is ca. 30 MPa which is lower than 2 % of the 

experimental UTS and is between the experimental incertitude obtained of the repeatability of the tensile 

tests. 

In Figure 101.b the work-hardening rate as function of the macroscopic stress is shown. At stresses 

lower than 250 MPa it can be observed that the experimental values are lower than the normalized 
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Young modulus, some sliding might explain this artefact. Then, the experimental curve is higher than 

the modeled one reaching a similar behavior at 900 MPa. A new deviation is observed at stress levels 

higher than 1500 MPa which corresponds to the difference between the experimental and modeled 

tensile curves in Figure 101.a. 

At the end of the simulation (E=3.5%) the elements with the lowest yield strength presents the maximal 

microstrain, equal to 5.95 %, while the ones remaining elastic with initial tensile stress present the lower 

microstrain, equal to 0.355 %. 96 vol.% of the martensite has arrived to its flow stress and only 4 vol.% 

remains elastic. 

Thus, the ratio between the most and the least deformed element is 16.8. Tanaka et al. [260] observed 

by Digital Image Correlation (DIC) regions with equivalent plastic strain up to 30 % (most of regions 

between 2.5 and 15 %) while others regions remains elastic (0 %). Morsdorf et al. presented the 

distribution of strains determined by DIC at different state of the tensile test [261]. When the average 

strain was equal to 3.7 %, some regions presented at local strain close to zero while others presented 

values up to 15 %.  

 

 

Figure 101: a) Experimental and modeled tensile behaviors of 0.2C_WQ steel. b) Work-hardening rate vs macroscopic true 

stress curves obtained from a). 

 

The distribution of local strain obtained in the presented simulation is compared with the one reported 

by Morsdorf et al. at an average strain equal to 3.7 % in Figure 102. A similar shape and values are 

observed between both curves up to E = 3 % (a slight decorrelation is observed). At higher deformations 

a higher difference is observed.  
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Figure 102: Distribution of local strain predicted by the herein presented model and the one reported in [261] at an average 

strain equal to 3.7 % 

 

IV.4.A.1.b Internal stresses evolution 

The deviatoric internal stress distribution of all elements is calculated at each simulation step and, 

therefore, the evolution of the internal stress distribution for all the elements at a given yield strength 

can be analyzed during the tensile test simulation. Figure 103 presents the evolution of the deviatoric 

internal stress state for elements with the same yield strength as a function of the macroscopic strain (in 

rows YS = 900 MPa, 2050 MPa and 3750 MPa respectively). In columns, four different macroscopic 

strains states are presented: the initial state, E = 0.5, 1.4 and 2.8 % respectively.  

At the initial state (E = 0 %), all the elements present the imposed gaussian distribution of internal stress. 

Note that in the case of the higher microstructure YS, the phase fraction of elements with lower and 

higher values is below the threshold of 1 × 10-6 and, thus, the distribution is truncated. At a macroscopic 

strain equal to 0.5 % the elements with microstructure YS equal to 900 MPa are partially plasticized, 

only the elements with a negative internal stress contribution remains elastic. At the mentioned 

macrostrain E = 0.5 % all the elements with YS equal to 2050  MPa and 3750 MPa remain elastic.  

At E = 1.4 % all the elements with YS equal to 900 MPa have plasticized and presents an internal stress 

state of -640 MPa. This state is explained by the fact that all the elements present a microscopic flow 

stress lower than the macroscopic one. This behavior was previously exemplified in the pedagogical 

example proposed in Appendix G (Figure 126.a by the green line (lowest YS)).  

The elements with a YS equal to 2050 MPa are partially plasticized. A shift to higher deviatoric internal 

stresses is observed as the macroscopic stress curves deviates from the linear part of the tensile curve 

(Young modulus). Hence, the gap between the elastic elements and the macroscopic stress curve 

increases. The same shift is observed in all the elements with YS equal to 3750 MPa (third row) which 

remain elastic at E = 1.4 %.  

Finally, at E = 2.8 % the stress state of the elements with YS equal to 900 MPa increases up to -840 MPa. 

Most of remaining elastic elements with YS equal to 2050 MPa are in a positive state while at the initial 
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state where in a negative state between -800 MPa and -500 MPa. The elements with YS equal to 

3750 MPa remain elastic with an increased positive stress state.  

 

 

Figure 103: Evolution of the deviatoric internal stress distribution for the elements at three presenting different yield strengths 

(in rows) as function of the macroscopic strain (0, 0.5, 1.4 and 2.4 %, in columns) for the 0.2C_WQ condition. 

 

IV.4.A.2 Effect of carbon on the microstructure YS distributions 

The strengthening distributions due to the size and to the dislocation density for the three studied steels 

have been presented previously. In Figure 104.a the cumulated probability of the combined distributions 

plus the constant effects (solid solution) are presented for the 0.1C_WQ, 0.2C_WQ and 0.3_WQ steels 

while in Figure 104.b the deduced probability densities are shown for the same conditions. Although the 

minimal YS for each condition are in a narrow range (between 500 MPa and 575 MPa for the 0.1C_WQ 

and the 0.3C_WQ condition respectively), the maximal YS presents a clear separation (ca. 1500 MPa).  

Allain et al. predicted an carbon-independent minimal YS (300 MPa) and a larger dispersion with the 

carbon content (in their study related to the parameter “𝜎0”) with maximal YS close to 4500 MPa for a 

0.3 wt.% C steel [40]. The herein results present a good agreement with the mentioned study not only 

regarding the maximal YS obtained but also a similar minimal YS. As a consequence, the presupposed 

YS distributions by Allain et al. can be attributed to the size and dislocation density strengthening 

distributions as proven in the present study. Note that the effect of the deviatoric internal stresses affects 

also the flow stress distribution. 
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Figure 104: a) Cumulated distribution (size + dislocation density + constant strengthening mechanisms) for the 0.1C_WQ, 

0.2_WQ and 0.3C_WQ steels. b) Probability density functions for the three same steels of a).  

 

The calculated tensile behaviors of the 0.1C, 0.2C and 0.3C steels are presented in Figure 105.a. For the 

0.3C_WQ steel a good agreement is again observed between the modeled curve and the the experimental 

one. At the UTS the difference between both curves is 40 MPa. The results of the 0.1C_WQ condition 

presents a higher gap (at the end of the simulation the difference is ca. 100 MPa). The higher difference 

can be observed as well in the work-hardening curves shown in Figure 105.b. 

The good agreement shown by the 0.2C_WQ and 0.3C_WQ conditions prove that the martensitic tensile 

behavior is ruled by the distribution of the flow stress. 

The higher difference between the modeled and the experimental results in the case of the 0.1C_WQ 

cannot be interpreted by any phenomenon of the authors knowledge, except by a higher self-tempering 

state (due to a higher Ms temperature). It has to be considered that the same parameters (detailed in 

Table 12) were utilized in all the simulations and, thus, better results could be obtained if the parameters 

were adjusted for each composition. The choice of the standard deviation of the internal stress 

distribution (400 MPa) plays an important role in the shape of the tensile behavior but not in the maximal 

stress (cf. Appendix F). Therefore, it cannot explain the difference of maximum stresses. 

The remaining non-plasticized percentage in the 0.1C_WQ tensile behavior modelled is 3.25 vol.%, 

while the one of the 0.2C_WQ is 4 vol.% and the one of the 0.3C_WQ is 4.5 vol.%. In all three cases 

the remaining fraction is low and an increase is observed with the nominal carbon content and the wider 

distribution of yield strength.  
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Figure 105: a) Experimental and modelled tensile curves of the three studied steels if the water-quenched state (0.1C_WQ, 

0.2C_WQ and 0.3C_WQ). b) Work-hardening obtained from the tensile curves presented in a).  

 

IV.4.B Tempered martensite  

IV.4.B.1 Evolution of the microstructure YS distributions 

During tempering, the size strengthening distribution was considered as fixed due to the low tempering 

temperature and short holding times [100,101]. However, recovery occurs during the tempering 

(especially between 300 °C and 400 °C) as presented in Section III.3.B. The evolution of the dislocation 

density produces a narrower distribution of strengthening as previously presented in Figure 94.  It is 

then expected that the combined distribution considering the size and the dislocation density 

distributions will narrow with tempering. 

For the water-quenched states three strengthening contributions were considered as constants; the 

Peierls barrier, the substitutional solid solution strengthening and the carbon solid solution strengthening. 

In the tempered state, the carbon contribution cannot be considered as constant anymore as the 

precipitation is affected by the dislocation density (as shown in Section III.3.B.3.c).  

In order to take into account the spatial distribution of dislocations on the precipitation, the local 

dislocation density  has been determined for each 10 wt.% of martensite. These local dislocation 

densities were used as an input for the precipitation model with the parameters presented in Table 5 in 

Section III.3.B.2. 

10 precipitation simulations (one for each 10 % of martensite) were thus conducted for each tempering 

conditions (3 steels × 3 holding temperatures) producing a set of 90 simulations. A finer binning would 

produce a less scattered distribution but at a high computational cost. 

The results of these simulations are presented in Table 17 for the 0.2C steel at 200 °C, accounting for a 

natural aging of two months at room temperature. For each 10 wt.% of martensite the dislocation density 

is presented as well as the fractions and radii of epsilon and cementite carbides. The strengthening values 

calculated with Equation 43 and Equation 44 are shown as well as the estimated cumulated strengthening 
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(quadratic mean). The epsilon fraction decreases with the increase in the dislocation density. As a 

consequence, the cementite fraction increases. The radius of both precipitates increases with the 

dislocation density. Regarding the precipitation strengthening, the one related to epsilon carbides 

presents a decrease of 50 MPa for the range considered of increasing the dislocation densities in Table 

17 while the cementite strengthening present an increase of over 200 MPa. By combining both 

contributions, the total precipitation strengthening has been calculated for each condition and a maximal 

variation of 80 MPa is found.  

Table 17: Results of the precipitation simulations as a function of the initial dislocation density: radius and fraction of the 

epsilon and cementite carbides as well as their respective strengthening and the total precipitation strengthening for the 

0.2C WQ T200C0s steel. 

Fraction  

(wt.%) 

𝝆 

 (×1015 

1/m2) 

Epsilon Cementite 

𝝈𝒑𝒓𝒆𝒄 Fraction 

(wt.%) 

Radius 

 (nm) 

𝜎𝑝𝑟𝑒𝑐(𝑒𝑝𝑠) 

(MPa) 

Fraction 

(wt.%) 

Radius 

 (nm) 

𝜎𝑝𝑟𝑒𝑐(𝑐𝑒𝑚) 

(MPa) 

0.0-0.1 1.07 3.06 3.84 325 0.22 4.91 99 340 

0.1-0.2 1.73 2.89 4.13 328 0.43 5.76 145 358 

0.2-0.3 2.08 2.74 4.31 326 0.60 5.76 176 371 

0.3-0.4 2.35 2.59 4.45 322 0.78 6.02 206 382 

0.4-0.5 2.59 2.43 4.57 316 0.97 6.25 233 393 

0.5-0.6 2.80 2.28 4.66 309 1.15 6.44 258 403 

0.6-0.7 2.99 2.13 4.74 302 1.32 6.60 281 412 

0.7-0.8 3.17 1.98 4.80 293 1.50 6.75 302 421 

0.8-0.9 3.33 1.84 4.86 284 1.67 6.88 322 429 

0.9-1.0 3.49 1.70 4.9 274 1.83 7.00 340 437 

 

The distribution of precipitation strengthening has, therefore, a limited impact in the total distribution 

of yield strength. It is integrated as a third distribution when calculating the combined yield strength 

distribution with the methodology presented in Section IV.3.B.1. 

The distributions of the different strengthening mechanisms as well as the combined ones are presented 

in Figure 106. The dispersion of the precipitation strengthening is much lower than the ones due to the 

size and dislocation density (ca. one order of magnitude). The slight instabilities observed in the 

probability density distributions are numerical artefacts due to our binning method. These instabilities 

do not affect the calculations so far. 
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Figure 106: a) Cumulated distribution of the size (orange line), dislocation density (blue line) and precipitation (red line) 

strengthening as well as the calculated combined distribution (grey line & black line). b) Probability density functions 

associated to the curves shown in a). The colors used in the present figure do not follow the chart presented in Section I.3. 

 

The evolutions with the tempering of the yield strength distributions combining all the considered 

distributions are presented in Figure 107. Figure 107.a shows the effect of the tempering temperature 

(200, 300 and 400 °C) just after heating (holding time = 0s) compared with the as-quenched distribution. 

The tempering at 200 °C produces mainly a shift of the distribution to higher yield strengths. The 

recovery is limited (with the modeled parameters presented in Chapter II) and the strengthening of the 

precipitates is higher than the effect of the carbon in solid solution. At 300 °C the distribution slightly 

narrows and shifts to lower yield strengths. A similar but more pronounced tendency is observed for the 

400 °C tempering.  

Figure 107.b presents the effect of the holding time during tempering at 300 °C of the 0.2C steel. 

Between the water-quenched condition and the holding 0s a clear change is observed with the decrease 

in the proportion of elements with a yield strength higher than 1750 MPa. The distribution presents a 

smaller variation between 0s and 30s of holding, and no observable changes are occur later.  

The effect of tempering on the distribution of properties have been revealed by nanohardness 

experiences [260] (results not presented in the present manuscript).  
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Figure 107: Evolution of the summed yield strength distribution as function of the tempering conditions for the 0.2C steel. a) 

Effect of tempering temperature. b) Effect of tempering time at 300°C. 

 

IV.4.B.2 Tensile behavior results 

The tensile behavior of the 3 studied martensitic steels after different tempering conditions were 

modeled. It corresponds to a set of 36 different conditions, combining three tempering temperatures 

(200, 300 and 400 °C) with four varying holding times (0, 30, 60 and 300s) for the three different 

nominal carbon contents.  

Figure 108 presents a selected subset of experimental and predicted tensile curves for the 0.2C steel after 

different tempering conditions. In Figure 108.a the effect of the tempering temperature at constant 

holding time (0s) is presented. Figure 108.b shows the effect of the holding time for the tempering heat 

treatments at 300 °C.  

The micromechanical model is able to capture the experimental decrease trend of the maximum stress 

with the increase of the tempering severity. The evolutions of the work-hardening are relatively well 

described (excepting the Lüder’s plateau). 

For the 200 °C-0s condition in Figure 108.a a gap of 200 MPa is observed at the end of the simulation. 

This difference between the experimental and modeled curves is related to the precipitation contribution 

and to the recovery phenomenon. The first one produces an increase of the yield strength between ca. 

50 MPa and ca. 150 MPa higher than the one due to the carbon in solid solution. A slight recovery can 

be observed experimentally at 200 °C, which would counteract the precipitation strengthening. However, 

the herein recovery model predicts a lower recovery (c.f. Figure 38) and, therefore, the higher 

precipitation strengthening is not counteracted in the modeled tensile behavior.  
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At 300 °C the experimental curve presents a shoulder due to the incipient Lüders plateau. Excepting for 

the mentioned shoulder a better agreement is obtained between the experimental and the modeled curves 

than in the 200 °C case. At 400 °C the Lüders plateau is clearly visible up to 0.8 % strain. At the end of 

it a good agreement between the experimental and modeled curves is found.  

When analyzing the effect of the holding time on the experimental tensile behaviors (Figure 108.b), a 

longer holding time produces a decrease of the UTS with an incipient shoulder at lower stresses. The 

modeled curves are able to reproduce the decrease of the UTS with the holding time but in a lower 

variation than the experimental ones.  

The potential explanations of the decrease of the UTS with the holding time can be a higher recovery 

state and a decrease of the precipitation strengthening. The evolutions of the experimentally determined 

and modeled dislocation densities during the holding at 300 °C have been presented in Chapter II Figure 

38. The modeled dislocation densities show a faster recovery than the experimental ones reaching a 

same saturation dislocation density at the end of the holding. Therefore, a faster but similar total 

variation of the UTS should be expected between the experimental and modeled curves. 

The incertitude of precipitation strengthening can be evaluated by comparing the precipitation model 

results with the experimental results. In Chapter III Figure 73 the modeled cementite radius is smaller 

than the experimental determined ones at 60s and 300s of holding. If higher precipitate radii are 

considered, a lower strengthening is expected by the bypassing mechanism. Thus, the difference 

between the experimental tensile behavior and the modelled one in the 300 °C tempering of the 0.2C 

steel can be related to some incertitude of the precipitation model. 

 

Figure 108: Evolution of the experimental (denoted by the suffix E) and modelled (denoted by the suffix M) tensile behaviors 

at different tempering conditions for the 0.2C steel. a) The tempering temperature effect is presented with constant holding 

time (0s). b) The effect of the holding time is presented for the 300 °C tempering.  

 

As previously stated, the tensile behavior of 36 different tempering conditions were characterized and 

modeled. A simplifying method was applicated in order to facilitate the comparison between the 

experimental and modelled results and the different tempering states. The macroscopic stresses of the 

experimental and modeled behaviors at a certain macroscopic strains (0.5, 1, 2 and 3 %) were 

determined and reported in Figure 109 for all the 36 conditions. 

E 

M 
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Regarding the 0.5 % strain values that the good agreement observed in the as-quenched and 200 °C 

tempered conditions deteriorates when tempering is applied at 300 °C and 400 °C due to the previously 

shown “shoulder” and the Lüders plateau. The 1 % and 2 % strain experimental values present the same 

tendencies as the 3 % strain ones with almost no variation at the 200 °C tempering (small decrease for 

the 0.1C and 0.2C steels, small increase for the 0.5 % strain in the 0.3C steel) and a decrease for higher 

tempering temperatures. The 0.1C steel presents variation of the experimental stress values with the 

temperature with no clear effect of the holding time which in some measure differs of the 0.2C steel 

tempered at 300 °C and 400 °C.  

Despite an overestimation of strengthening at 200 °C for the 0.1C and 0.2C steels, the modeled values 

(connected by dashed lines) are able to predict the softening observed with the temperature at 300 °C 

and 400 °C. The over strengthening is probably due to a low accounting of the recovery softening. A 

remarkable good prediction of the 0.3C steel is accounted (neglecting the Lüders plateau). The better 

agreement at higher carbon content may be related to the more reliable experimental data and, thus, the 

better calibration of the models (especially related to the carbide size and dislocation density). 

 

 

Figure 109: Evolution of the stress at 0.5, 1, 2 and 3 strain (%) for the three studied steels for all studied the tempering conditions 

studied (0, 30, 60 and 300s for holdings at 200, 300 and 400 °C). 
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IV.4.B.3 Discussion 

The results of the model developed in the present work are compared to the ones obtained with the 

model for martensite proposed by Mathevon in Figure 110. Only the conditions as-quenched of the 0.3C 

steel, tempered at 300 °C for 300s (0.3C_WQ_T300C300s) and the one tempered at 400 °C for 300s 

(0.3C_WQ_T400C300s) are considered in the present comparison.  

 

Figure 110: Comparison of the herein developed model, the model developed by Mathevon [44] and the experimental results 

for a selection of conditions. 

 

The model developed in the present study has a better prediction of the as-quenched condition than the 

one of Mathevon, especially regarding the shape of the curve. For the tempered conditions, the 

difference between the experimental and simulated curves are similar. A slightly better description of 

the 0.3C_WQ_T300C300s is obtained with the herein developed model.  

The microstructure YS distributions utilized for the preceding simulations are presented in Figure 111. 

The softest elements present similar values for both models. The physically-determined distributions 

used in the present study are narrower than the one considered in Mathevon’s model. Note that in the 

present study an additional distribution is latter applied (the deviatoric internal stresses) spreading the 

flow stress distribution.   
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Figure 111: Distributions of microstructure YS used in the prediction of the tensile behavior of the as-quenched and tempered 

conditions in the present study (left) and Mathevon’s model [44] (right). 

 

Mathevon’s model is more efficient from the calculation time point of view compared with the herein 

developed model with a time of simulation under the second vs some minutes. However, from a 

metallurgical point of view the model developed in the frame of the present study is richer as the 

evolution of the flow stress is calculated based on the physical description of the different phenomena 

and not by a set of Johnson-Mehl-Avrami-Kolmogorov (JMAK) phenomenological equations.  

It can be concluded that the herein developed micromechanical model, based on the changing paradigm 

distribution of yield strength and deviatoric internal stresses, is able to predict not only the as-quenched 

martensite tensile behavior but also the tensile behavior of the tempered martensite. The mentioned 

distributions are based on the spatial size and dislocation density distributions on the as-quenched states. 

When considering tempering the dislocation density recovery as well as the relaxation of the deviatoric 

internal stresses must be taken into account. The precipitation strengthening from both possible carbides, 

which are calculated thanks to an associated precipitation model, are considered in the tempered states 

with the precaution of noting that a distribution of precipitation states are present in the martensite due 

to the spatial distribution of the dislocation density.  

IV.4.C Perspectives 

The micromechanical model developed in the present study considers a distribution of microstructure 

YS as well as a distribution of deviatoric internal stresses. The interaction between the elements is ruled 

by a single-parameter localization law. A following development of the model might be to consider 

more local interaction between the elements and their neighborhood. A second suggestion is to take into 

account the microstructure orientation distribution. The importance of the last one has been highlighted 

by [42,261]. 

The combination of a distribution of the yield strength and of deviatoric internal stress utilized in the 

present study has the potential to predict the Bauschinger effect (lower compressive yield strength in 
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compression after a tensile test) which is due to the evolution of internal stress during the tensile section 

of the test. This kind of combined approach has been applied to predict the Bauschinger effect by Wang 

et al. [43] considering a different shape of internal stress distribution and a presupposed distribution of 

yield strength. In a following work, it could be envisaged to perform Bauschinger tests for the sake of 

comparison.  

An interesting phenomenon that has been observed when deforming martensite in tension is the 

narrowing of the diffracting peaks [42,264–266]. Our own experiments have confirmed this results. 

Different interpretations have been proposed to the mentioned phenomenon while some authors 

proposed a fast mechanical recovery [42,264,265] others proposed a relaxation of internal stresses 

[266,267]. Even if the present model considers deviatoric internal stresses and not hydrostatic ones 

(which affect the directly the lattice parameter and, thus, the diffracting position) the micromechanical 

model could be used to clarify the mentioned diffracting peak narrowing. A first attempt is presented in 

Appendix E. 

  



Chapter IV Tensile behavior of as-quenched and tempered martensite 

- 180 - 

IV.5 Conclusions of the chapter 

This chapter finally proposes a synthesis of the results of the other chapters, results considered as inputs 

to the micromechanical approach.  

1) The tensile behavior of the studied steels after quenching and tempering has been characterized. 

The observed evolutions of their mechanical properties as a function of the carbon and the 

tempering severity are in accordance with the literature. As rule of the thumb, the UTS increases 

with carbon content while both conventional YS and UTS decrease with tempering. 

2) The strengthening distributions caused by the microstructural distributions previously presented 

(size and dislocation density) were evaluated, giving a spread over more than 1000 MPa. The 

strengthening distributions are broader with increasing the nominal carbon content of the steel 

and narrows with tempering. 

3) The combined distribution of yield strength based on the different strengthening distributions 

was calculated thanks to a reasonable metallurgical hypothesis, called “soft-soft” correlation. 

For as-quenched martensite, the combined yield strength distributions are right-skewed, with 

lowest yield strengths around 500 MPa. The highest yield strengths of the distributions increase 

with the carbon content with values higher than 4000 MPa. The mentioned results are a strong 

microstructural justification of the presupposed yield strength distribution proposed in CCA 

type approaches [40,43,44,293]. 

4) The full probabilistic micromechanical model integrate the microstructure yield strength 

distribution and a distribution of internal deviatoric stresses as inputs. The model allows to 

predict the microscopic yield strength of the steels as well as it work-hardening. The evolution 

of the distribution of internal stresses can be followed all along the deformation process.  

5) To the author’s knowledge the tensile behavior of different martensitic steels can be successfully 

related to experimentally determined microstructural based distributions for the first time. The 

approach used makes it possible to treat as-quenched and tempered martensite in the same frame. 

For tempering, additional mechanism have been accounted for, namely the recovery of 

dislocation structure, the relaxation of internal stresses, the segregation/precipitation of carbon 

and their possible interactions.  

6) The proposed micromechanical model has the potential to predict the Bauschinger effect of the 

studied steels as the one presented by Wang et al. [43]. It could also permit to explain the 

decrease of the Full Width at Half Maximum of the martensitic diffraction peaks during in situ 

tensile test, observed in the present study and in the literature [267]. The observed phenomenon 

is related to the evolution of the internal stresses distribution. 
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Chapter V  

Conclusions and outlooks 
"The greatest challenges humans face throw-out their lives are two: 

1- the challenge of where to start 

2- the challenge of when to stop." 

-Sameh Elsayed 

 

"Everything has to come to an end, sometime." 

-L. Frank Baum, The Marvelous Land of Oz 

 

V.1 Summary and key results 

This work is an additional step towards a better understanding of low-carbon martensitic steels, with a 

special emphasis put on the role and importance of the microstructure heterogeneities and of internal 

stresses to explain their micromechanical behavior. To do so, an original model describing martensitic 

steels as polycrystalline aggregate and its behavior as an extended plastic-transition have been developed 

and calibrated on experimental basis. 

The spatial heterogeneities of martensitic microstructure result from the sequential nature of the 

transformation and concern the microtexture components and their respective sizes (lath/block/packet 

organization of the variants), the density of dislocations and the carbon segregation/precipitation state. 

The experimental results presented in the present work are based on the systematic analysis of the set of 

three alloys with different carbon content from 0.1 to 0.3 wt.% C, in the as-quenched or quenched and 

tempered state, at different scales (schematically presented in Figure 112). 

The as-quenched microstructures were first investigated by EBSD. The obtained maps revealed the 

known hierarchical and multiscale organization of the variant structure. The sizes of the different 

components have been measured on the basis of a misorientation criterion and the spatial size 

distribution of blocks were extracted from a non-trivial stereological analysis. As expected, the 

microstructure becomes finer with the increase in the carbon content but the size distribution narrows. 

The mean dislocation density in the as-quenched martensitic steels has been then investigated by 

HEXRD / TEM /EBSD at room temperature and compared with a database obtained from a 

bibliographic study. A new method was developed to estimate the spatial distribution of local dislocation 

densities in the microstructure thanks to in situ HEXRD experiments during the transformation itself, 

i.e. during quenching. It has shown in particular that the higher carbon content, the larger is the spread 

of the distribution.  
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Figure 112: Multiscale characterization technics utilized in the present study to characterized the quenched and tempered 

martensite. 

 

The sequential nature of the martensitic transformation leads us to adopt a statistical correlation between 

both previously discussed microstructure spatial distributions. The resulting distribution of local yield 

strengths at the microstructure scale is the main input of the stochastically-physically based 

micromechanical model developed in the present work. To finish this summary about as-quenched 

martensite, a distribution of internal stresses was also considered in the micromechanical model, internal 

stresses that are gradually relaxed thanks to the load transfer as proposed by Wang et al. [43]. Our only 

disappointment is that we could not propose for this distribution either experimental data or modelling 

results to calibrate this parameters independently of our tensile results. 

The mechanical behavior of the martensite is known to evolve when applying a tempering treatment due 

to different thermally activated phenomena. A multiscale study of the tempering (combining 3DAPT / 

TEM / in situ HEXRD technics) has been carried out to determine the carbon segregation and 

precipitation. The segregation and precipitation of carbides were also modeled by a modified in-house 

mean-field thermo-kinetic model. The latter was able to predict the suppression of transition carbides at 

low carbon contents as a consequence of the carbon segregation to Cottrell atmospheres at dislocations 

as well as the key effect of the dislocation density on the precipitation.  

The phenomenon known as recovery occurred during tempering and was also investigated by in situ 

HEXRD experiments and modeled. It was found that not only the average dislocation density decreases 

with the severity of the tempering but also their distributions narrows. During tempering, internal 

stresses also relax. Again, the evolution of their distribution have been modeled but without any 

experimental data to sustain our predictions.  

The precipitation hardening (depending on the local dislocation density), the dislocation recovery and 

the internal stresses relaxation were integrated in the micromechanical model to describe tempering, in 

addition to the already discussed inputs. Therefore, we are able to understand and predict, within a single 

framework, the main characteristics of the mechanical behavior of tempered martensitic steels, in 

particular their lower strength and work hardening compared to as-quenched microstructures. 
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V.2 Future work 

The present study introduced some important notions for the understanding of the low-carbon 

martensitic behavior. However, some topics require further investigations and development. Some of 

those are: 

1) The carbon segregation at the as-quenched state would require further characterization, special 

at no-aged state in order to clearly evaluate the effect of carbon segregation during quench and 

during aging. A more detailed characterization of the transition carbides might be proposed, 

especially with the goal of determine the nucleation mechanism, homogenous or on previously 

formed clusters. 

 

2) Three major improvements have been suggested for the precipitation model: It could be 

interesting first to model separately intra-lath and inter-lath cementite as both populations has 

different surface energies and undergo different diffusion rates. Secondly, in the actual version 

of the model, the major hypothesis is that all carbides are spherical. Therefore, considering a 

closer shape (as ellipsoidal prolate) should produce more realistic results. This results would be 

easier to compare with size distributions determined by TEM. Finally, an intermediate state 

between the segregation and carbide precipitation may be introduced by considering the 

formation of clusters who can act as nucleation sites for transition carbides. 

 

3) The tempering conditions evaluated in the present work are in the low-temperature range. As a 

consequence, no evolution of the microstructure size was expected. In a future work, evaluating 

the evolution of the microstructure size produced by tempering at higher temperature might be 

studied. This new evolution could be, thus, incorporated in the micromechanical model for the 

cases of tempered martensite. 

 

4) The micromechanical model has been validated by the prediction and comparison of the tensile 

behavior of different states of martensitic steels. However, an even more challenging goal could 

be to predict the Bauschinger effect and compare those results with experimentally obtained 

ones. The highlighting importance of this kind of mechanical testing is that the internal stresses 

play a major role. At the same time the distribution of internal stresses is the only one in this 

work that has not been experimentally determined. 

 

5) The herein proposed micromechanical model does not account for the local interactions between 

laths/blocks/packets, for the crystalline orientation of the microstructure and the specific 

plasticity mechanisms encountered in lath structure. These three points may be the focus of 

further developments specially if a local field implementation (size-sensitive crystal plasticity 

framework) is envisaged with more proper localization schemes.  

 

6) The micromechanical model developed in the present work is focused on the martensitic 

structure. However, an expansion to other lath microstructures, as bainite, might be envisaged. 

Also, micromechanical model could be incorporated to predict more complex microstructures 

as the one presented in Dual-Phase steels or Complex-Phase steels. The application to Press-

Hardened Steels can be directly envisaged. 
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Appendix A  

Asymmetry 

The diffraction spectrum of a tetragonal cell (a=b, a≠c lattice parameters) has additional peaks when 

compared to that of a cubic cell. Indeed, some planes such as 200 and 002 are no longer equivalent and 

have different inter-lattice distances. Thus, we observe a phenomenon that can be described as a 

degeneration outbreak or a loss of the multiplicity of certain families of peaks.  

In the general case, the different peaks can be indexed independently. However, if the degree of 

tetragonality is low, it is possible that the peaks resulting from this loss of multiplicity remain very close 

and are almost indissociable from the equivalent peaks in cubic symmetry. As a consequence, it is 

difficult to prove that the lattice is tetragonal or not. The presence of a possible tetragonality must in 

fact be sought in a possible asymmetry of the cubic lattice peaks.  

An asymmetry parameter (Ψ) is defined by the following equation: 

𝜳 =
𝑭𝑾𝑯𝑴𝑹𝒊𝒈𝒉𝒕 − 𝑭𝑾𝑯𝑴𝑳𝒆𝒇𝒕

𝟎. 𝟓 𝑭𝑾𝑯𝑴𝑹𝒊𝒈𝒉𝒕 + 𝟎. 𝟓 𝑭𝑾𝑯𝑴𝑳𝒆𝒇𝒕
 

Equation 58 

 

The position of the maximal intensity is measured. Then, the diffracting peak is modeled with one 

Pearson VII function for the right side obtaining FWHMright and another Pearson VII function is used 

for the left side obtaining FWHMleft , shearing the same position. As can be deduced from Equation 58, 

if low tetragonality is present negative values are expected for the {200} diffraction peak as the reticular 

distance for (002) will be higher than the distances corresponding to (200) and (020) planes respectively. 

In the case of the {220} diffraction peak, the asymmetry parameter (Ψ) will be positive for slightly 

tetragonal peaks. 

This result should also be compared with the “global” c/a ratio provided by the Rietveld refinement 

procedure. 

A.1 Quenching 

The asymmetry parameters of the martensite {200} and {220} diffraction peaks were calculated during 

the cooling at -10 ᵒC/s for the 0.3C steel (0.3C_GQ_10Cs) as function of the transformed martensite 

fraction and are presented in Figure 113.  

The {200} asymmetry parameter is constantly positive but close to zero during the whole transformation 

(some scattering is found at the beginning when the peak is poorly defined), meaning that no 

tetragonality effect is observable in this peak. However, the {220} asymmetry 
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Figure 113: Evolution of the {200} (in black) and {220} (in green) asymmetry parameter with the martensite fraction. Colors 

used in the present graph do not follow the chart presented in Section I.3. 

 

parameter evolution is different. For less than 40 wt.% of formed martensite the parameter is negative 

(the opposite of the effect produced by tetragonality), then it becomes positive reaching a maximum 

value of 0.075 and at the end of the transformation its value is 0.06.  The tetragonality ratio determined 

by Rietveld refinement at room temperature is 1.0077 which corresponds to a 0.17 wt.% [22] or to a 

0.25 wt.% [143] carbon content of the matrix, 55 and 81 % of the nominal carbon composition 

respectively.  

Table 18 presents the {200}α and {220}α asymmetry parameters and tetragonality ratios obtained for the 

three studied steels at room temperature after being quenched at the four cooling rates considered in this 

work (-10, -50, -100 ᵒC/s and water quenched). The {200}α asymmetry parameter is in all the cases 

closer to zero than the {220}α, and in most of the studied conditions it is positive (no tetragonality) while 

{220}α remains in the tetragonality region (positive value). The only three conditions in which Ψ{200}α 

is negative are 0.1C_GQ_100Cs, 0.2C_WQ and 0.3C_WQ. The last one being in the same magnitude 

than most of the Ψ{220}α values.  

The tetragonality of martensite due to Zener’s order [300] is a subject of debate in the literature 

[18,301,302] for low carbon steels. For a carbon content of 0.3 wt.% (as the 0.3C steel) tetragonality is 

expected at room temperature [303], which is detected by the Rietveld refinement. However, the 

observation of opposite asymmetry for all the gas quenched conditions in some of the diffracting peak 

is, to the authors knowledge, a new outcome. To the authors knowledge there is no evidence nor 

explanation in the literature of the presence of tetragonality on the reflection of a family of planes, 

{220}α, and not in another family of planes, {200}α. This point remains an open question.  

The only cases in which the asymmetry analysis of the individual peaks prove undoubtedly the 

tetragonal nature of the lattice correspond to the 0.1C steel quenched at -100 °C/s, and the0.2C and 0.3C 

steels water-quenched. The tetragonality is favorized by the fast cooling, limiting the auto-tempering, 

and high carbon content, higher expected tetragonality and limiting the auto-tempering by lower Ms. 
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Table 18: Asymmetry parameter of the {200} and {220} of the martensite and the tetragonality ratio at room temperature for 

the three steel studied at the for cooling rate used during the quenching. 

Steel Cooling rate Ψ{200}α Ψ{220} α c/a ratio 
C in matrix 

[22] - [143] 

0.1C 

-10 ᵒC/s 0.007 0.057 1.0051 0.11-0.16 

-50 ᵒC/s 0.020 0.067 1.0052 0.12-0.17 

-100 ᵒC/s -0.008 0.068 1.0051 0.11-0.16 

WQ 0.025 0.100 1.0058 0.13-0.16 

0.2C 

-10 ᵒC/s 0.008 0.072 1.0066 0.15-0.21 

-50 ᵒC/s 0.006 0.063 1.0068 0.15-0.22 

-100 ᵒC/s 0.024 0.097 1.0069 0.15-0.22 

WQ -0.010 0.076 1.0071 0.16-0.23 

0.3C 

-10 ᵒC/s 0.022 0.066 1.0076 0.17-0.23 

-50 ᵒC/s 0.005 0.079 1.0082 0.18-0.26 

-100 ᵒC/s 0.001 0.077 1.0082 0.18-0.26 

WQ -0.054 0.066 1.0089 0.20-0.29 

 

A.2 Tempering 

The c/a ratio determined by the Rietveld refinement decreases during the tempering of water-quenched 

samples as shown in Figure 37 in Section II.3.B.1. Therefore, a decrease of the asymmetry parameters 

is also expected. 

Figure 114 presents the evolution of the asymmetry parameter of the {200} peak, in black, and of the 

{220} peak during the tempering at 400 °C of the 0.3C steel. A first segment with no variation is 

observed in the left part of the graph corresponding to the room temperature holding before the heat 

treatment. In this segment both peaks presents an asymmetry which indicate a possible tetragonality of 

the lattice. During the second segment (during the heating), two behaviors are observed. In the first one, 

an increase of the parameters occurs, the asymmetry parameter of the {220} peak seems to indicate a 

higher tetragonality while the one of the {200} peak is inverted. Then, both parameters decreases. In the 

last section (during the holding), a continuous decrease in the parameters is observed up to 150 s follow 

by an stagnation. The asymmetry of the {220} peak may refer to low tetragonality while the one of the 

{200} peak prove the contrary. 
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Figure 114: Evolution of the asymmetry parameter of peaks {200} (in black) and {220} (in light green) during the tempering 

at 400 °C of the 0.3C steel. 

 

From the evolution of the asymmetry parameters, it can be concluded that at room temperature the c/a 

ratio may reflect actual tetragonality of the lattice while during the tempering the confidence of the c/a 

ratio obtained by the Rietveld analysis is lower. The {200} asymmetry parameter has in fact the opposite 

sign of the one expected in the case of tetragonality. At the end of the tempering, the tetragonality values 

reported by the Rietveld refinement are thus mostly related to a technical adjustment of the FWHM of 

the diffracting peaks and not to the asymmetry and, therefore, to a true tetragonality. 
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Appendix B 

Comparison between gas-quenched 

and water-quenched 0.2C martensite 

In the present work the as-quenched state of the 0.2C steel has been characterized in detail after been 

quenched by non-controlled gas and by water. Some of the results have been previously presented in 

Chapter III. 

The cooling path of both quenching conditions are presented in Figure 115. Between 350 °C and 150 °C, 

the gas quench presented an average cooling rate equal to -20 °C/s while the water quench between -

1000 °C/s and -5000 °C/s. In this last case different configurations were studied in order to analyze if 

the size of the sample (between tensile test and dilatometric size) or the presence of bubbles may affect 

the cooling rate. At lower temperatures, gas and water quench decrease their rate but the water quench 

reach much faster the room temperature than the gas quench. 

 

Figure 115: Cooling path of the non-controlled gas 

quench as well as different configurations of the 

water quench. 

Firstly the microhardness (0.1 kg) of both microstructures has been characterized, obtaining 450 Vickers 

for the 0.2C_GQ and 525 Vickers for the 0.2C_WQ. The nanohardness were then measured for both 

conditions producing ca. 700 indentations for each condition. The obtained nanohardness 4distributions 

are shown in Figure 116. The 0.2C_GQ presents a lower mean value than the one of 0.2C_WQ but a 

higher dispersion. The increase of the dispersion may be due to the presence of indentations on austenite 

which transformed in ultra-fresh martensite or by the presence of carbides.  

                                                        
 

4 Nanohardness measurements were performed by Alejandro Pachon and his team at ArcelorMittal Research SA. 
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The presence of nanosized carbides in the 0.2C_GQ condition was revealed by TEM characterization, 

Figure 48.a. The same technique did not put in evidence any carbide for the 0.2C_WQ samples, Figure 

48.b. In both conditions the presence of nanotwin was observed.  

 

 

Figure 116: Distribution of nanohardness of the 0.2C_GQ and 0.2C_WQ condition.  

 

Atom Probe Tomography analysis was performed in both quenched conditions in order to determine the 

state of the carbon segregation into dislocations and, therefore, to calibrate a segregation model. The 

results, presented in Chapter III in more detail, shown that in both cases similar segregation level were 

reached when characterized two months after the quench. The equivalent carbon concentration around 

dislocations was 7.6 at.% in the 0.2C_GQ condition and 8.4 at.% in the 0.2C_WQ one. Both values can 

be considered as similar between the expected incertitude and are in good accordance with the Cottrell 

atmospheres reported in the literature [41,151,213], between 7 and 10 at.%. 

In the 3DAPT results of the 0.2C_GQ a film of carbon-enriched austenite is observed (Chapter III 

Figure 43.a). The carbon concentration in the mentioned austenite film varied between  6 and 8 at.% 

(1.25-1.5 wt.%). Therefore, a chemical stabilization of the austenite is expected. No substitutional 

partitional profiles were observed,  due to the much lower diffusivity of those elements. No austenite 

was found in any of the 5 tips of the 0.2C_WQ condition characterized by APT.  

The high stability of the austenite in the gas-quenched conditions is confirmed by Rietveld refinement 

of HEXRD measurements at room temperature in which the fraction of austenite after the gas quench 

was equal to 4 wt.% and after water quench 1.8 wt.%. Note that by the Koistinen-Marburger equation 

GQ 

WQ 



Appendix B Comparison between gas-quenched and water-quenched 0.2C martensite 

- 191 - 

with an equal Ms temperature a same residual austenite fraction is expected. The effect of the cooling 

rate on the stability of the austenite have been addressed by Godin et al. [186] and Sherman et al. [185].  

The Rietveld refinement results also allows to determine the c and a parameters of the martensite and, 

thus, the c/a ratio. The same is equal to 1.0055 in the 0.2C_GQ condition and equal to 1.0073 in the 

0.2C_WQ condition. The presented tetragonality ratios are related to a carbon in solid solution equal to 

0.12-0.18 wt.% for the 0.2C_GQ condition and equal to 0.16-0.24 wt.% for the 0.2C_WQ condition 

[22,143]. The lower carbon content in the gas-quenched condition may be partially due to the previously 

presented precipitation as well as to the carbon partitioning into the residual austenite. 

From the HEXRD results the dislocation density was determined for both conditions, obtaining 2 × 1015 

1/m2 in the 0.2C_GQ sample and 2.5 × 1015 1/m2 in the 0.2C_WQ sample. The higher dislocation density 

with the higher cooling rate have been discussed in Section II.3.A.1 of the present study.  

The precipitation model developed in Chapter III was utilized to predict the precipitation during the two 

quenching conditions. The selected parameters are set equal to the values reported in Table 12. The 

simulations were started at 340 °C, temperature at which 50 wt.% of martensite have been already 

transformed (by HEXRD results) and the dislocation density was set equal to 2.4 × 1015 1/m2 for the 

0.2C_GQ condition and to 2.7 × 1015 1/m2 for the 0.2C_WQ one. Both dislocation densities are the ones 

calculated with parameters Adislo and Bdislo and the Equation 20 of Chapter II.  

Figure 117 presents the result of the precipitation simulations. The 0.2C_GQ condition produces a 

fraction of epsilon carbides of 2 % concomitant with cementite precipitates. Then the epsilon carbides 

dissolves and the cementite fraction increases up to ca. 4 %. The 0.2C_WQ condition presents a small 

precipitation of epsilon and a negligible fraction of cementite in the same temperature range (330 °C - 

200 °C) with maximum fractions of 0.4 % and 0.11 % respectively. Then no further evolutions are 

visible. The final predicted sizes of the cementite are 10.5 nm and 3.5 nm for the GQ and WQ conditions 

while the ones of the epsilon are 4.2 nm and 3 nm.  

The precipitated state of the gas-quenched sample is consistent with the TEM observations, relatively 

high fraction and visible precipitates. A good accordance is also present between the TEM results and 

the ones of the simulations for the WQ condition.  

A summary of the comparison between both cooling rates is presented in Table 19. 
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Figure 117: Precipitation model results for both simulated cooling path. Top figure: cooling paths. Center figure: Carbides 

fraction for the 0.2C_GQ condition. Bottom figure: Carbides fraction for the 0.2C_WQ condition. 

 

Table 19: Summary of the comparison between the gas-quench and que water-quench conditions. 

0.2C GQ WQ 

Cooling rate -20 ᵒC/s between -1000 and -5000 ᵒC/s 

TEM Carbides No carbides 

APT 

Dislocation segregation & 

enriched austenite Dislocation segregation 

Microhardness 450 Vickers 0.1kg 525 Vickers 0.1kg 

Nanohardness 6.42 GPa, sigma 0.93 7.08 GPa, sigma 0.782 

HEXRD austenitic fraction 4 wt.% 1.8 wt.% 

Dislocation density 2.00E+15 2.50E+15 

c/a 1.0055 1.0073 

C in mart (1+0.045x%C) 0.12 0.16 

C in mart (1+0.030x%C) 0.18 0.24 
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Appendix C 

Influence of aging before tempering on 

precipitation 

The simulations shown in previous sections took into account the aging for 2 months at room 

temperature before the tempering, in order to reproduce the experimental conditions. In order to 

determine the effect of the aging, simulations are performed here by considering again the heating at 

10 °C/s up to 400 °C, but to a martensite inside which no carbon segregation would have occurred. This 

means that there is an equal carbon concentration in the dislocation atmospheres and in the matrix before 

the start of the heating, the one of the 0.2C steel. 

The main differences with the previous simulation regarding the evolutions of carbon concentration 

occur below 200 °C, as shown in Figure 118 (dashed orange rectangle). In the new simulation, the 

carbon takes significant time to segregate to the dislocations upon heating, and this process can be 

considered to be completed at ca. 150 °C when xmatrix reaches the equilibrium value. Hence, compared 

to previous simulations, the matrix keeps a higher concentration for a longer time.  

 

Figure 118: Effect of aging previously to tempering on the carbon concentration curves from the 0.2C steel heated up to 400 °C.  

 

The consequence on the formation of carbides is shown in Figure 119, in which the evolutions of the 

number densities of epsilon and cementite carbides are plotted. The nucleation of epsilon is retarded by 

ca. 25 °C if the prior aging is accounted for. Conversely, the cementite precipitation occurs slightly 

earlier (less than 5 °C) than for the virgin martensite. Both trends come from the fact that in the aged 
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martensite, the carbon concentration is lower in the matrix and higher in the dislocation atmospheres at 

temperatures below 200 °C.  

No clear effects of the aging on the carbide fractions kinetics are observed, and these are not plotted. 

With the exception of a reduction of 0.2 wt.% on the epsilon fraction when aging is accounted for. This 

is because of the faster formation of the cementite. 

 

 

Figure 119: Evolution of the number density of epsilon and cementite according to the simulation with and without prior aging, 

for the 0.2C steel and upon heating at 10 °C/s up to 400 °C. 

 

Hence, the effects of prior aging predicted by the simulation do not seem significant. But the difference 

between the virgin and the aged martensite would increase if a higher heating rate was applied, or if a 

higher trapping energy was considered (which would lead to lower carbon concentration in the matrix 

and higher concentration in the dislocation atmospheres). 
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Appendix D 

Influence of heating rate on the 

precipitation 

In the present study no systematic study of the effect of the linear heating rate was performed. Such 

study has already been done in previous versions of the precipitation model in [39,171]. We will focus 

on a more practical point, the actual heat treatments applied to the tensile samples. 

In the preceding, the precipitation model has been evaluated and calibrated with linear heat treatments, 

for which constant heating rate at 10 °C/s up to the different holding temperatures were considered. 

However, more complex temperature evolutions are applied during heating, particularly when preparing 

the tensile test samples considered in Chapter IV. The tensile test samples were heat treated in baths (oil 

bath at 200 °C, salt bath at 300 °C and 400 °C). The corresponding temperature-time curves were 

measured with thermocouples for the three holding temperatures and are plotted in (Chapter I, Figure 

7). They show a fast heating at the start of the treatment followed by a slower heating as the sample 

temperature is gets closer to the temperature of the oil/salt bath. 

The precipitation model is applied here, still using the parameters presented in Table 12, in order to 

simulate the heat treatments in salt bath and with heating up to 400 °C. The simulations are compared 

to those presented in Section III.3.B.2.e with the linear heating rate (10 °C/s) and for the 0.2C steel. As 

shown in Figure 120, the main difference between both heat treatments regards the evolution of the 

carbide fractions, whereas the effect on the sizes are less important. The formation of the epsilon 

carbides starts at lower temperature than for the linear heat treatment. This is due to the lower heating 

rate up to 350 °C for the linear heat treatment. Consequently, the related evolutions of the carbon 

concentrations are shifted by about 50 °C higher for the treatment in salt bath. As for the cementite, its 

formation is also shifted to higher temperature. During the first stage of cementite formation, the gap 

between both simulations is about 50 °C but during the second stage, it is lower than 20 °C. Hence, the 

“slower” formation of epsilon was not to the benefit of the cementite (as it was the case, for example, 

when studying the effect of the dislocation density). Both carbides showed slower nucleation and growth 

due to the faster heating. The kinetics effects may be less important for the cementite because it forms 

at higher temperature, when the heating rate for the treatment in salt bath is slower. The high carbon 

concentration in the Cottrell atmospheres may also let the cementite carbide formation less sensitive to 

the heating rate. It can be also postulated that the heating rate effects are more important in the 

phenomena occurring at lower temperature, when the diffusion is slower.  

The epsilon carbides present similar radius in both simulations (related to the similar number density of 

carbides) while at the end of the heating the cementite formed by the salt bath tempering is ca. 5 nm 
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bigger than the one formed in the linear heat treatment. The difference in the final size of the cementite 

carbides is due to a higher number density for the linear heating.  

 

 

Figure 120: Effect of the heating rate on the precipitation sequence in the 0.2C steel heating up to 400 °C, at a constant rate 

10 °C/s (thick lines) or with treatment in salt bath (thin lines). 

 

The shift to higher temperatures of the precipitation of epsilon and cementite is in agreement with 

experimental and simulation works of the literature (with prior version of this model [39,171] and also 

[190,304]). A small increase of carbides number is also reported in the literature. However, in the present 

case it was observed for the epsilon and not for the cementite.
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Appendix E 

In situ tensile test 

Martensite presents an interesting phenomenon when submitted to a tensile test. The width of its 

diffraction peaks narrows at least up to the uniform elongation. This phenomenon have been reported in 

the literature by several authors [42,264–266].  

An in situ tensile test followed by HEXRD was performed also in this study on 0.2C_WQ steel. The 

obtained 2D diffractograms were integrated only in the range ±4° from the vertical axis, considering the 

planes which are perpendicular to the tensile direction. The measured FWHM of the corresponding {220} 

peak are presented in Figure 121. 

 

Figure 121: Evolution of the FWHM of the {220} peak during a in situ HEXRD tensile test of the 0.2C_WQ condition. 

 

At the beginning of the curve, the curve is almost constant in the elastic stage of the tensile test. The 

FWHM then decrease suddenly during the first percent of plastic deformation as expected from the 

literature. Above that value, an incipient increase is observed. 

Different interpretations have been proposed to explain the described behavior. While some authors 

proposed a fast mechanical recovery [42,264,265] associated to a decrease in the mean dislocation 

density, others proposed a relaxation of internal stresses [266,267] (sharpened distribution of hydrostatic 

internal stresses).  

Our work sustains mainly the second hypothesis. We consider in fact that the first decrease is due to a 

narrowing of the distribution of internal stresses. The stagnation value may be related to the minimal 

FWHM related to the density of defects in the microstructure. Finally, the incipient increase can be 

interpreted as an increase of the dislocation density during the tensile test or due to a reverse spreading 

of the distribution of internal stresses due to different plasticization of the phase constituents. Our 
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micromechanical model is able to capture this latter evolution during the tensile simulation. As a 

consequence, its effect on the diffraction peak can also be estimated. 

To do so, a strong hypothesis must be made which consist in assuming that the hydrostatic internal 

stresses evolve proportionally to the deviatoric internal stresses.  

𝝈𝒉𝒚𝒅𝒓𝒐 =  𝑲𝒑𝒓𝒐𝒑 × 𝝈𝒊𝒏𝒕  Equation 59 

where 𝜎𝑖𝑛𝑡  is the deviatoric internal stress, 𝜎ℎ𝑦𝑑𝑟𝑜  is the hydrostatic internal stress and 𝐾𝑝𝑟𝑜𝑝  is a 

proportionality constant. 𝐾𝑝𝑟𝑜𝑝 has been arbitrarily set to 1. 

The lattice parameter under stress (𝑎𝑠𝑡𝑟𝑒𝑠𝑠) can be calculated as [138]: 

𝒂𝒔𝒕𝒓𝒆𝒔𝒔 =  𝒂𝒇𝒓𝒆𝒆 × (𝟏 +
𝝈𝒉𝒚𝒅𝒓𝒐

𝟑𝑲
)  

Equation 60 

                        with                    𝑲 =
𝟐𝝁(𝟏+𝝂)

𝟑(𝟏−𝟐𝝂)
 

 

  

where 𝜇 is the shear modulus and 𝜈 the Poisson ratio.  

With the lattice parameter, the position of the peak can be calculated with the Bragg law. The intensity 

of the peak is proportional to the fraction of the constituent, a fixed FWHM is set for all the constituents 

of the aggregate. Therefore, a Pearson VII function can be modeled for each constituent and the sum of 

all gives the macroscopic martensitic peak. The martensitic peak is then analyzed to determine a 

macroscopic FWHM (𝐹𝑊𝐻𝑀𝑚𝑎𝑐𝑟𝑜). which can be compared to the experimental data. 

The evolution of global FWHM of the {220} is presented in Figure 122 (considering a proportionality 

constant equal to 1). 

 

Figure 122: FWHM evolution of the modeled diffracting peak during the tensile test simulation. 
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A constant stage is observed in which most of the phases remains elastic. Then, global FWHM  presents 

a small decrease which is followed by a strong increase. This simulation result explain quite well the 

experimental observation and sustain our hypothesis even if the change of values are lower than the ones 

observed experimentally. 

The decrease in the internal stress distribution of the softer phases is responsible for the initial decrease 

of the FWHM. The increase observed after 1% is on the contrary related to genesis of new internal 

stresses during the macroscopic loading due to the difference of behavior between the components. Even 

if a model describing hydrostatic stresses should be desirable, the present model presents the basis for a 

better understanding of the evolution of FWHM during the tensile test of martensitic steels 
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Appendix F  

Effect of the distribution of deviatoric 

internal stresses 

The micromechanical model developed in this thesis considers as an input the distribution of 

microstructure YS and the distribution of deviatoric internal stresses. The first distribution is estimated 

thanks to experimental observations. The distribution of deviatoric internal stresses is not sustained by 

any experimental determinations gathered in the frame of the present study. In the literature, very few 

data are available except maybe some local values presented by analyzing the deformation due to 

relaxation of FIB-milled micro-pillars [30].  

As the deviatoric internal stresses distribution could not be obtained experimentally, a gaussian kind 

distribution was presupposed. The distribution must be centered and globally symmetric to maintain the 

macroscopic equilibrium. The second parameter is the standard deviation (𝜍). Figure 123 presents a set 

of three distributions of deviatoric internal stresses varying the standard deviation, including 𝜍=200 

MPa, 𝜍=400 MPa and 𝜍=600 MPa.  

 
Figure 123: Gaussian distribution of deviatoric internal stresses with the standard deviation varying from 200 to 600 MPa. 

 

These distributions were used to described the behavior of the water-quenched 0.2C condition 

(0.2C_WQ). The used microstructure YS distribution is presented in Figure 100 in chapter IV. The 

modeled tensile curves are presented in Figure 124 as well as the experimental one. 
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Figure 124: Modelized tensile behavior of the 0.2C_WQ condition varying the distribution of deviatoric internal stresses. The 

experimental curve is presented for comparison. 

 

According to Figure 124, the spread of the distribution of internal stresses plays a minor role on the 

obtained maximal stress (the difference is lower than 10 MPa) but affect the work-hardening rate. A 

higher spread produced a lower work-hardening at low strains. However, this tendency is inversed at 

strains higher than 1 % as observed more clearly in Figure 125. 

 
Figure 125: Work-hardening of the curves presented in Figure 124 as function of the strain. 
 

It can be concluded thath the major effect of the deviatoric internal stresses distribution is on the work-

hardening and not in the maximal stress of the modelized tensile curves. A standard deviation of 

400 MPa seems a good first aproximation for the following calculations. 

+𝜍 
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Appendix G 

Pedagogical example of the 

micromechanical model 

In the following, a simplified example is proposed to elucidate the model behavior. A total set of nine 

elements is proposed and presented in Table 20. Elements with three different yield strengths are 

proposed as well as three internal stress states per each yield strength. The Young modulus is set equal 

to 200 GPa and the β parameter to 50 GPa. For all the present simulations the elements are considered 

to have all the same fraction. 

Table 20: Set of the nine elements presenting different yield strengths and deviatoric internal stresses utilized to exemplify the 

micromechanical model 

N° 
Yield strength                

(MPa) 

Deviatoric internal stress 

(MPa) 

1 300 20 

2 300 0 

3 300 -20 

4 400 20 

5 400 0 

6 400 -20 

7 500 20 

8 500 0 

9 500 -20 

   

To study the effect of the yield strength a subset presenting the same internal stress state but different 

YS is proposed with the elements 2, 5 and 8. The results of this first simulation with the mentioned 

elements is presented in Figure 126.a. On the left the microscopic tensile behavior of the three 

considered elements as well as the calculated macroscopic stress are shown. On the right the evolution 

of the internal stresses on each element is shown. The macroscopic stress follows the microscopic 

stresses during the elastic stage, then the element with lower YS plasticizes changing its slope and, 
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therefore, the one of the macroscopic curve. As linearity is followed the internal stresses are constants 

for each element but when plasticization arrives different changes are observed. The softer element goes 

into compression as its microscopic stress is lower than the macroscopic and the two others elements 

are in traction (as in the Masing model). When plasticization of the second element arrives, a second 

change in the macroscopic work hardening is observed as well as in the internal stresses evolution. At 

all strains, the sum of internal stresses is zero. The simulation stops once the last elements plasticizes 

and, thus, the work hardening becomes zero, this occurs at 0.46 % strain.  

 

Figure 126: Micromechanical model results of the simplified dataset analyzing the effect of different yield strength in a), of 

different internal stresses in b) and combining both effects in c). The colors used in the present figure do not follow the chart 

presented in Section I.3. 

 

The effect of the deviatoric internal stresses is analyzed in a second simulation and presented in Figure 

126.b. In this case the elements selected were 4, 5 and 6 with microstructure YS equal to 400 MPa and 

 

 

 

 

a) 

b) 

c) 
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-20, 0 and 20 MPa as initial deviatoric internal stress states. Note that the values of the internal stresses 

are obtained in the equilibrium state (all the elements on the β line passing by zero). A similar behavior 

as the previously described one is observed with first plasticization of the element with positive internal 

stress and final plasticization of the one in compression. The last element plasticization and end of the 

simulation occurred at 0.26 % strain. If the same tensile curves  were considered under an isostrain 

hypothesis, the same results of Figure 126.a would have been found.  

Finally, the third simulation considering all nine elements is shown in Figure 126.c (the curves have 

been slightly shift to avoid juxtaposition). The change of the slope of macroscopic curve are softer than 

in both previously presented cases due to the combination of nine successive break points. The first 

element to plasticize is the one with the lowest yield strength and positive internal stresses (red curve) 

while the last one is the one with highest yield strength and negative internal stresses (orange curve). 

The last plasticization occurred 0.5 % strain, which is higher than both previous ultimate elongations. 

At the end of the simulation (with all the elements plasticized) the internal stress state of each element 

is only ruled by its yield strength and not by the initial internal stress. 
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Resume en anglais 

Martensitic steels have been known and used for millennia now, but the origins of their strength and work 

hardening have remained a source of controversy. Since few years, the understanding of their mechanical 

behavior is changing paradigm. Many researchers have put into evidence the interest not to describe lath 

martensite as an homogeneous microstructure but more as a multiphase aggregate, a composite, resulting from 

the sequential nature of the phase transformation at low temperature. According to such new schemes, the 

martensite behavior is controlled by the microstructural heterogeneities, ie. the spatial distribution of lath sizes, 

of dislocations, of carbon segregations and of carbides and not only by their mean values. To these 

microstructural elements are added large distributions of hydrostatic and deviatoric internal stresses resulting 

from the displacive phase transformation process. This work contributes to this new movement by providing 

a quantitative description of these distributions in as-quenched and further tempered martensitic steels and 

their impact on their mechanical behaviors thanks to a integrated physical-based micromechanical approach, 

including probabilistic aspects. 

We have first developed a methodology to determine the dislocation densities in martensite and in austenite 

along the transformation by in situ HEXRD experiments. Based on a metallurgical reasoning, the spatial 

dislocation density distribution as well as its associated hardening were estimated for the first time. In situ 

HEXRD tempering experiments were also performed to characterize the recovery from the as-quenched state. 

An original modeling approach accounting for the spatial distribution of dislocations was set up to predict their 

density decrease during a heat treatment. 

In the same way, the microtextures of the studied microstructures were investigated by SEM-EBSD in order 

to assess the size distribution of the different features of martensite, as laths, blocks, packets and prior austenite 

grains. A statistical approach combining this latter contribution to the hardening with the one associated with 

dislocations explains successfully the observed distribution of the local yield strength in the as-quenched 

microstructures. 

In situ HEXRD tempering experiments and additional APT and TEM observations were used to characterize 

also the respective precipitation state of transition carbides and cementite as well as the carbon segregations 

along heat treatments. All this experimental work has served to develop and calibrate a phase transformation 

model to calculate carbon segregation on dislocations, transition carbides and cementite precipitation states. 

Such model was for instance able to predict the suppression of transition carbide precipitation in very low 

carbon steels. The investigation of tempering is necessary to understand the strengthening due the sole carbon 

in martensite. 

Finally, our original micromechanical model describing the martensite behavior as an extended elastic/plastic 

transition accounts for the previous combined hardening due to size effects and dislocations, the distribution 

of internal stresses due to the transformation and the tempering state (relaxation, recovery, segregation and 

precipitation state). The model successfully explains the strength and work-hardening of the studied steels (as 

quenched and tempered) in a unified framework. 
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Résumé en français 

Les aciers martensitiques sont connus et utilisés depuis des millénaires, mais l'origine de leur résistance et de 

leur écrouissage reste une source de controverse. Depuis quelques années, la compréhension de leur 

comportement mécanique est en train de changer de paradigme. De nombreux chercheurs ont mis en évidence 

l'intérêt de ne pas décrire la martensite en lattes comme une microstructure homogène mais plutôt comme un 

agrégat multi phasé, un composite, résultant de la nature séquentielle de la transformation de phase à basse 

température. Selon ces nouveaux schémas, le comportement de la martensite est contrôlé par les hétérogénéités 

microstructurales, c'est-à-dire la distribution spatiale des tailles des lattes, des dislocations, des ségrégations 

de carbone et des carbures, et pas seulement par leurs valeurs moyennes. A ces éléments microstructuraux 

s'ajoutent la distribution de contraintes internes hydrostatiques et déviatoriques résultant du processus de 

transformation de phase displacive. Ce travail contribue à cette nouvelle tendance en fournissant une 

description quantitative de ces distributions dans les aciers martensitiques trempés et revenus et leur impact 

sur leurs comportements mécaniques grâce à une approche micromécanique complète à base physique, 

incluant les aspects probabilistiques. 

Nous avons d'abord développé une méthodologie pour déterminer les densités de dislocation dans la martensite 

et dans l'austénite le long de la transformation par des expériences in situ de DRXHE. Sur la base d'un 

raisonnement métallurgique, la distribution spatiale de la densité de dislocation ainsi que le durcissement 

associé ont été estimés pour la première fois. Des expériences de revenu en DRXHE in situ ont également été 

réalisées pour caractériser la restauration de l'état trempé. Une approche originale de modélisation tenant 

compte de la distribution spatiale des dislocations a été mise en place pour prédire la diminution de leur densité 

lors d'un traitement thermique. 

De même, les microtextures des microstructures étudiées ont été étudiées par MEB-EBSD afin d'évaluer la 

distribution en taille des différentes caractéristiques de la martensite, comme les lattes, les blocs, les paquets 

et les anciens grains d'austénite. Une approche statistique combinant cette dernière contribution au 

durcissement avec celle associée aux dislocations explique avec succès la distribution observée de la limite 

d'élasticité locale dans les aciers trempés. 

Des expériences de revenu DRXHE in situ et des observations complémentaires APT et MET ont été utilisées 

pour caractériser également l'état de précipitation des carbures de transition et de la cémentite ainsi que les 

ségrégations de carbone au cours des traitements thermiques. Ce travail expérimental a servi à développer et 

calibrer un modèle de transformation de phase pour calculer la ségrégation du carbone sur les dislocations, les 

carbures de transition et les états de précipitation de la cémentite. Ce modèle a par exemple permis de prédire 

la suppression de la précipitation des carbures de transition dans les aciers à très faible teneur en carbone. 

L'étude du revenu est nécessaire pour comprendre le la contribution dû au seul carbone au durcissement et à 

la plasticité de la martensite. 

Enfin, notre modèle micromécanique original décrivant le comportement de la martensite comme une 

transition élastique/plastique étendue tient compte du durcissement combiné précédent dû aux effets de taille 

et aux dislocations, de la distribution des contraintes internes dues à la transformation et de l'état de revenu 

(relaxation, restauration, ségrégation et état de précipitation). Le modèle explique avec succès la résistance et 

l'écrouissage des aciers étudiés (trempés ou trempés/revenus), dans un cadre unifié. 
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